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Abstract

FeMn alloys (Mn wt.% 30-35), have emerged as a particularly attractive option

as a solution for the limitations presented by pure Fe as a biodegradable metal for

temporary implants. Such alloys are antiferromagnetic and have shown in early

publications that they could offer adequate mechanical properties and biocompat-

ibility for orthopaedic applications. Another favoured approach involves alloying

FeMn with noble elements like Ag, in order to create micro-galvanic couples,

which in turn enhance corrosion. Despite the promise shown by these alloys in

several publications, the understanding of their degradation mechanism remains

limited, with multiple publications sharing similar materials and methodologies,

reaching contradictory conclusions. This generally results either from short-span

testing providing an incomplete picture of material behaviour, or limited consid-

eration of the impact of testing parameters on the test outcomes.

In this work, the first of two major sections were aimed at the study of powder-

processed Fe35Mn, and in select tests also (Fe35Mn)5Ag, using a variety of tech-

niques to determine their behaviour over the first 24 h of testing. Potentiody-

namic testing (PDP), electrochemical impedance spectroscopy (EIS) and in situ

pH and dissolved oxygen (DO) micro-probe measurements at the sample surface,

were some of the techniques used to gather this information. Tests were car-

ried out in HBSS, HBSS containing Ca2+ (HBSS+Ca) and the latter with added

bovine serum albumin protein (HBSS+BSA). Static immersion tests of Fe35Mn

in the same electrolytes were carried out to provide information regarding the

alloy’s long-term degradation behaviour whereas in vivo testing in GAERS rats

for 6 months was aimed at demonstrating how considerable the gap between in

vitro and in vivo findings, really is.

All results pointed towards increased corrosion for both FeMn and FeMnAg

when compared to Fe. Outcomes across all testing phases highlighted the im-

pact of Ca2+ ions in the HBSS on the degradation of Fe-based alloys as the same
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ions interact with phosphates in the solution and metal ions originating from the

sample to create Ca/P-rich precipitates that act as a partially-protective barrier

to further degradation. Although the same precipitates were unstable on the

microgalvanically corroding FeMnAg surface, the charge transfer resistance for

this material after 24 h was similar to that of FeMn. This and other support-

ing results indicated that noble-phase additions, while effective in accelerating

corrosion over the short term, might not hold much promise for long-term effec-

tiveness in the body. The same applies to the impact of MnO-inclusions, typically

present in powder-processed FeMn samples, on corrosion. Whereas EIS measure-

ments indicated that MnO inclusions could be behaving as micro-cathodes within

the austenitic matrix, the behaviour of samples with and without MnO was in-

distinguishable after the first 24 h. When investigating the influence of BSA

over the degradation of FeMn, results indicated that protein reduces the corro-

sion resistance in vitro. This was likely due to the tendency of BSA to chelate

Ca2+ ions, which prevented or delayed the precipitation of Ca/P-precipitates and

encouraged localised corrosion as opposed to the uniform corrosion observed in

HBSS+Ca. Despite these findings, analysis of FeMn and FeMnAg pin surfaces

tested in rat vertebrae for 6 months showed only signs of very limited uniform

corrosion, even though FeMnAg accumulated a slightly thicker layer of corro-

sion products. Moreover, whereas Ca/P-precipitates and metal hydroxides were

present on sample surfaces tested in vivo, the major product detected via XRD

was CaCO3; a product absent in all in vitro analyses. This highlights the need

for further efforts to bridge the gap between in vitro and in vivo testing, as is the

aim of international testing standards in the pipeline.

Apart from corrosion studies, FeMn is also the centre of development of mul-

tiple novel processing methods that allow this material to be processed into im-

plants with the desired shapes and sizes. With most of these methods including

the use of powder metallurgy, issues related to the high vapour pressure and

high temperature reactivity of Mn need to be addressed. In fact, in the sec-

ond part of the thesis, blended elemental (B35; blended Fe and Mn elemental

powders), milled (M35; Fe and Mn intricately mixed but still present in their

elemental form) and alloyed (A35; fully alloyed Fe35Mn) powders, were prepared

using high energy ball-milling. Analysis was carried out through microscopy of
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powders and pressed-and-sintered coupons, carbon analysis and thermal analy-

sis techniques including thermogravimetry with mass-spectroscopy (TG-MS) and

differential thermal analysis (DTA). Results indicated that the alloyed powder

exhibited a lower tendency to oxidise compared to M35 and B35 powder. Carbon

analysis also showed that an increase in ball milling time resulted in an increase in

C content in the pre-processed powders due to enhanced diffusion of the organic

process control agent over time. This led to the alloyed powders additionally

having better carbothermal reduction capacity, allowing for further reduction of

oxides as observed both in thermal analyses of powders as well as cross-sectional

analysis of pressed-and-sintered samples. However, the high percentage of car-

bon content also led to precipitation of a higher amount of interconnected M3C

carbides at grain boundaries.

The same materials were then used in the preparation of cubic scaffolds using

a modified replication method wherein the polyurethane foam used as a template

in the traditional replication method, was replaced with a 3D-printed customised

acrylate-based template, allowing for more control on the structure of the im-

plant. The process was conducted in either of two configurations; exposed, where

the sample was exposed to the sintering N2-5H2 atmosphere, and shielded, wherein

the sample was covered by a stainless steel shield creating a micro-atmosphere

around the sample surface. Results showed that the microstructures of the result-

ing scaffolds were less affected by the material used, be it M35 or A35, and more

impacted by the processing configuration used. In general, samples contained an

austenitic matrix from which in excess of 7 wt.% Mn was lost to sublimation and

formation of mixed metal oxides and interconnected carbides. All these phases

led to rather brittle structures. Shielded structures had superior microstructural

homogeneity as a result of the micro-atmosphere formed whereas exposed struc-

tures had cores rich in carbides and edge struts richer in oxides. Carbothermal

reduction assisted oxide removal from the surface, but kinetic limitations persisted

leading to strut cores littered with oxides. This work highlighted the challenges

in achieving the right balance to preserve the antiferromagnetic characteristic of

these FeMn alloys, reduce oxidation and have effective carbothermal reduction.
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Introduction

1.1 Application overview

A number of studies over the years have claimed that bone is the second most

transplanted tissue in the world [1]. This rank might be somewhat unexpected

for those aware of bone’s ability to regenerate in response to applied stimuli.

However, the size of some defects caused by trauma, infection, cancer-removal

surgeries and other medical procedures could extend beyond the bone’s healing

capacity. Such defects require assistance from natural or synthetic implants to

encourage bone regeneration. To this end, it is estimated that over four million

surgeries are done annually using bone substitutes or grafts [2].

The structure of bone, schematically illustrated in Figure 1.1, consists of two

major components [3]. The spongy internal “cancellous” structure has around 50-

90% porosity whereas the outer “cortical” shell is more dense having around 10%

porosity [4]. Implants used for bone regeneration, collectively referred to as “bone

scaffolds” are generally designed to be highly porous to mimic cancellous bone.

They serve as a support structure, taking on the typical loads applied whilst also

providing a surface onto which new bone can form. Many have discussed the ideal

features and behaviour that should characterise the ideal scaffold [5–7]. Bose et

al. [5] mention four core requirements:

1. Porous structure - The scaffold structure must have an interconnected

porous network that allows for vascularisation, mobility of cells and general
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1.1 Application overview

Figure 1.1: Schematic representation of the structure of bone [3].

mass transfer of physiological constituents that maintain regular bodily

function [6]. There seems to be an agreement that the minimum pore size

for this to be realised, should be 100 µm. The ideal porosity sizes reported in

literature vary considerably with values within the range of 150 and 1200 µm

all having been mentioned within the context of this subject. Microporosity

has also deemed beneficial for tissue ingrowth due to resultant increase in

surface area [7];

2. Mechanical properties - The vast range of pore volumes in cancellous

bone implies an equally vast range of mechanical properties depending on

the specific bone and patient. Yield strengths could vary between 0.5 and

200 MPa whereas Young’s Moduli could span between 0.5 and 20 GPa [4].

The ideal mechanical properties should therefore be considered on a case-

by-case basis with the ideal properties being as close as possible to the bone

being replaced. Since bone tissue adapts itself to better cope with regularly

applied loads according to Wolff’s law [8], care must be taken not to design
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1.1 Application overview

scaffolds which are too stiff, due to risk of stress-shielding1;

3. Biodegradability - Whereas permanent implants tend to result in need of

a secondary intervention for implant removal, the use of degradable materi-

als lends a significant advantage for patients in need of bone scaffolds. Not

only would degradable scaffolds reduce the risks associated with permanent

implants like loosening and long-term complications, but they could also

be more effective in gradually transferring the applied loads onto the re-

generated bone [5]. As with mechanical properties, it is impossible to cite

an ideal fixed degradation rate since this is heavily influenced by the size

of the defect, the features of the scaffold design as well the location of the

implant. However, in a review by Zheng et al. [10], it was said that the

implant should be able to provide sound mechanical support during the first

12 to 24 weeks and therefore, accelerated initial degradation as experienced

by several materials of interest in the field, could be problematic at this

stage;

4. Biocompatibility - The most obvious requirement, is biocompatibility.

Both the material implanted as well as any degradation products should

not elicit any local or systemic problematic effects in the host body. Os-

teoconductive and osteoinductive2 characteristics are also desired in a bone

scaffold [5]. In order to be compatible with MRI technologies, implants

should also be non-magnetic [9].

1.1.1 Synthetic scaffold solutions and leading research

To this day, the gold standard implants used for bone regeneration surgeries,

are autografts i.e. bone harvested from the patients themselves. Whilst this is

1Stress-shielding refers to the phenomenon where a significant difference between the
Young’s moduli of the implant and the bone results in misdistribution of applied loads with the
bone bearing less than required for healthy regeneration. This could lead to an early onset of
osteoporosis [9].

2Osteoconduction refers to the ability to allow bone forming cells to attach and proliferate
on the materials for formation of new bone, whereas osteoinduction refers to the ability to induce
new bone formation through interaction with the surrounding implantation environment [5].
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considered to carry the least risk, use of autografts implies the necessity of a sec-

ondary surgery to extract the bone as well as the inevitable donor site morbidity.

Naturally, the size of the autograft also carries a certain limit to avoid causing

additional problems at the extraction site. The alternative is to use allografts.

These are bones harvested from cadavers which carry higher risk of infection and

disease transmission however as opposed to autografts, are not limited by size

and availability [7].

Apart from harvested bone, bioceramics have also found their way into the

market in the form of several calcium-phosphate compounds. Since the main

component of bone is hydroxyapatite (HAp) (Ca10(PO4)6(OH)2), the similarity

of Ca/P-based materials to this compound, results in bioactive characteristics

which encourage new bone formation. Commonly studied compounds include α-

tricalcium phosphate (α-TCP), β-tricalcium phosphate (β-TCP), β-tetracalcium

phosphates and nano-HAp structures [1]. While these materials are widely avail-

able as pellets, wedges and blocks [11], recent research is making possible their

availability as injectable cements which could lead to better defect filling and

healing [12, 13]. For orthopaedic implantations, Ca/P-based materials generally

exhibit good biocompatibility, resorption and osteoconductivity, however they are

still considerably limited by their brittle nature and limited mechanical strength

[1]. When it comes to ceramic materials, bioactive glasses composed of Na2O,

CaO, SiO2 and P2O5 are also available on the market for a range of grafting pur-

poses. With a devolopent history of over five decades, bioactive glasses and their

degradation products today are both able to encourage ostegenesis, however, like

most bioceramics they still lack the ability to be used in load-bearing scenarios

due to their inherent brittleness [14].

Polymeric materials have been researched extensively over the past years.

Natural polymers like chitosan, gelatin, alginate and collagen generally lack ade-

quate mechanical strength and tend to degrade rapidly. Some synthetic polymers

like polylactic acid (PLA), polyglycolic acid (PGA), polycaprolactone (PCL) and

polylactic-co-glycolic acid (PLGA) have properties that can be widely adjusted,

however, suitable initial mechanical properties, tend to be lost rapidly once put

in the working environment [5]. Moreover, some synthetic polymers like PLA and

PGA exhibit degradation reactions that are characterised by acidification of their
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surroundings, which leads to a prominent autocatalyic effect that adversely effects

cell proliferation and the healing process, despite the general biocomptability of

the materials [1, 5].

1.1.2 Socioeconomic considerations and market trends

A recent study carried out by the University Medical Centre at Regensburg in

Germany has analysed data provided by the German Federal Statistical Office

related to bone substitute use in Germany between 2008 and 2018 [15]. The data

revealed a clear increase in orthopaedic surgeries over the period but a decrease in

the use of autologous grafts. The clinical shortcomings of autografts have led to

an increase in use of allografts and an even higher increase of 23.8% in synthetic

biomaterials. Of the latter, the plot shown in Figure 1.2 shows that while ceramics

remain the most popular choice with orthopaedic surgeons, the use of newly

developed biomaterials is on the increase. Despite this, one must not presume

an increase in newly approved medical devices, as further regulatory burdens are

being placed on manufacturers within the European Union, with regulations like

the Medical Device Regulation (MDR) that came into force in May 2021 [16].

Strict recertification requirements have also led to multiple implant withdrawals

Figure 1.2: Statistics showing the total use of various biomaterials for bone
reconstruction surgery, as used in Germany between 2008 and 2018 [15].
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from the market [15]. In fact, most reviews on commercially available bone

grafting materials, often list certified devices that are no longer obtainable.

When looking at products that are available for healthcare institutions, a

significant portion consists of composite bone substitutes that synergise the os-

teoconductivity of bioceramics with the toughness offered by a polymeric ma-

trix [1, 5, 19]. In fact, commercially available products like MasterGraft® by

Medtronic, Vitoss® by Stryker, AlloMatrix® by Wright and CopiOs® by Zimvie

are among bone substitutes consisting of Ca/P compounds coupled with natural

polymers, often demineralised bone matrix (DBM) [20].

To the author’s knowledge, synthetic polymer support structures have only

been approved for periodontal applications, as in the case of Fishograft®, a PLGA

copolymer by Ghimas. No biodegradable polymeric-based implant is available for

use in load-bearing bone defects [21].

On the other hand, metallic scaffold structures have reached the market with

Spineart’s additively manufacture Ti-LIFE technology and Zimmer Biomet’s Tra-

becular Tantalum� [17, 18], both shown in Figure 1.3. Naturally, permanent

scaffolds come with all the negative attributes of having permanent foreign body

structures in the body, especially when their function is no longer required. This

leads to the main topic of interest in this work; biodegradable metals.

(a) (b)

Figure 1.3: Examples of (a) additively manufactured Ti scaffolds using TiLIFE
technology [17] and (b) Trabecular Tantalum� inserts [18].
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1.2 Biodegradable Metals

Without a doubt, magnesium (Mg) has been the most studied metal in the field of

biodegradable metals. Mg is non-toxic and its Mg2+ ions are present in abundance

in the body with an active role in various metabolic activities. The main degra-

dation product that forms upon contact with the physiological environment, is a

non-toxic soluble oxide that can be safely excreted through the urinary tract [22].

The main persisting limitation of Mg, especially for applications in orthopaedics,

is the exceedingly fast degradation rate which is accompanied by hydrogen evo-

lution that could interfere with the natural healing process [23]. Additionally,

while the mechanical property profile of most Mg-alloys lies within the range of

properties exhibited by bone, they still remain rather inadequate for load-bearing

implants.

The fruit of the worldwide effort put into the understanding and manipulation

of Mg-based alloys for biodegradable implants, can be summarised by mention-

ing the successful award of the CE marking1 to Biotronik’s cardiovascular stent

Magmaris, in 2016. Magmaris consists of a Mg-alloy containing rare Earth met-

als, zirconium and yttrium for improved radial strength. Its 150 µm2 struts are

coated with a 7 µm drug-eluting PLLA coating that retards its degradation such

that complete resorption is completed only within the first 12 months, as the

application requires. Clinical trials BIOSOLVE-I/IV [25–28] all led to encour-

aging results, and Biotronik went on to develop thinner strutted stents named

DREAMS-3G, which are now also in clinical trial stage [29]. Despite huge leaps,

Magmaris and DREAMS-3G are not yet available in clinics apart for use in hu-

man trials, however their advancement has in many ways motivated other groups

in the field to push forward with their own developments [22, 23].

Zinc (Zn) and its alloys has also attracted significant attention in the field.

With an electrode potential of -0.76 V vs SCE (Saturated calomel electrode), the

driving force for degradation is slightly lower compared to that of Mg (-2.37 V vs

SCE) which makes Zn and its alloys more attractive for orthopaedic applications

where mechanical support by the implant is generally desired for a longer stretch

1CE markings indicate that the product meets the set safety, health and environment pro-
tection standards [24].

7



1.3 Iron and its alloys

of time when compared to cardiovascular applications [30]. The main drawback of

Zn and its alloys, is their comparatively poor mechanical properties. While these

could be improved by strategic alloying, reviews on the subject still indicate that

Zn-based implants are unlikely to be used for load-bearing orthopaedic applica-

tions [30]. Seperate in vivo studies with pure Zn stents implanted in rabbit [31]

and rat [32] aortas have also brought to light that despite the lack of hydrogen

evolution accompanying Zn degradation in the body, the exact corrosion mecha-

nism is not yet properly understood, with both localised and uniform degradation

modes observed in the different studies. Moreover, Zn-based degradation prod-

ucts including several oxides, hydroxides and phosphates, tend to be insoluble,

which could impact the long-term biodegradability of the implants [30].

As recently as 2021, Redlich et al. [33] proposed molybdenum (Mo) as a new

biodegradable metal candidate. In their initial studies, the authors showed that

Mo corrodes uniformly over a period of 28 days, with thin non-passivating prod-

ucts forming on the surface. The degradation rate of around 10 µm/y is in line

with the requirements set for temporary cardiovascular stents and the response

to endothelial and smooth muscle cells was also promising when considering this

application [33, 34].

1.3 Iron and its alloys

1.3.1 Background

While Fe is not as abundant as Mg and Zn in the body, it has a critical role in

maintaining homeostasis. It is approximated that adults have 45-55 mg of Fe per

kg of body weight, 70% of which is present in hemoglobin. A recommended daily

intake of 1-2 mg of Fe is said to allow vital biochemical activities like oxygen

transport to progress normally [35]. While Fe overload is associated with serious

ailments, clinically approved therapies exist that allow for safe treatment should

the level of serum ferritin or transferrin saturation exceed certain limits [36].

The vitality of Fe in the body, as well as its attractive mechanical properties led

researches to explore its use for temporary load-bearing implants in 2001.
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The first documented recommendation of Fe as a degradable material for car-

diovascular stents, is the now famous study by Peuster et al. [37] wherein pure Fe

stents were implanted in the descending aorta of sixteen New Zealand white rab-

bits. Although the study shows there was “no significant neointimal proliferation,

no pronounced inflammatory response, and no systemic toxicity”, a photo of an

aorta cut-off in Figure 1.4, clearly shows that there was no significant degrada-

tion of the implanted stent despite signs of some corrosion product accumulation.

Essentially, the stent behaved like a permanent implant.

Despite the insufficiently slow degradation rate shown in the first in vivo

study, the mechanical advantages and early positive biocompatiblity results [38–

40], fuelled interested research groups to address the corrosion limitation and

study Fe alloys further. Compared to both Mg and Zn, the superior mechanical

property profile of Fe [10] could allow stents and orthopaedic implants to be

prepared from thinner sections without compromising functionality and without

risking adverse effects to the patient [41]. Moreover, the degradation of Fe alloys

does not generate harmful gas evolution as observed with Mg and its alloys.

The review presented in Section 2.1 of this work provides an in-depth evalu-

ation of research on the degradation behaviour of Fe and prominent Fe alloys in

the field. FeMn and FeMn alloyed with noble metals have attracted the interest of

several different groups and are the focus of this research work. However, despite

this interest, the understanding of Fe alloy corrosion in the body is far from un-

Figure 1.4: Cut-off of pure Fe stent in the aorta of rabbit 12 months after im-
plantation. Arrows point at corroded material [37].
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derstood. Many have explored different alloy preparation, elemental compositions

and surface treatments in order to obtain more favourable degradation behaviour

but few publications have dealt with the unavoidable and crucial influence of

testing conditions, in particular electrolyte formulations, on the behaviour of the

metal as well as its representativeness of the in vivo environment. This contrasts

with the effort put into the understanding of Mg degradation wherein the influ-

ence of individual organic, inorganic and biological electrolyte constituents has

been studied in detail [42], computational models have taken comprehension of

degradation mechanisms to new heights [43] and countless in vivo studies have

provided a sound basis for further implant development [44].

When it comes to processing of Fe-based alloys for biodegradable implant

applications, powder metallurgy is by far the most popular route [19]. Over the

years, some have conducted testing on dense coupons prepared using powder

metallurgy while others have developed means to prepare macro-porous Fe-based

scaffold structures that fit the requirements of the ideal scaffold outlined herein.

More recently, other groups have taken such processes a step further in order

to allow for fabrication of custom, ordered, porous geometries that could allow

for improved properties as well as better bone healing by fitting unique patient

defects. With such processes, a lot of the initial research is often done using Fe

which serves well to test out concepts. However, as discussed in detail in the

review presented in Section 2.2, processing using Mn in particular poses several

challenges that have limited the successful implementation of these processes for

more adequate alloy compositions for scaffold applications.

1.4 Scope of Research

The scope of this work is to enhance the understanding of the predominant degra-

dation mechanisms for Fe-based alloys, with particular focus on powder-processed

Fe35Mn for orthopaedic applications. This is to be done using a variety of tech-

niques, including electrochemical testing, static immersion as well as specialised

methods like in situ microprobe measurements that up till the time of testing, had

never been used to provide detailed data in regards to these materials within the

field. These in vitro methods as well as in vivo testing are to be used in tandem
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to determine the impact of the sample composition and microstructure as well as

the testing electrolyte formulation and testing environment on the degradation

of the same materials over extended periods of time, and identify behavioural

trends.

Considering current progress on processing of customised scaffolds for

biodegradable applications, this work is also targeted at testing different powder

pre-processing methods that could help reduce the well-known disadvantages of

using Mn in powder processing, each described in detail in Chapter 2. Following

this initial study, the scope is to also test out the feasibility of modifying the

often-used traditional polyurethane replication method to prepare customisable

porous scaffolds using Fe35Mn, presenting a new potential approach to prepare

patient-specific solutions for bone regeneration.

A detailed list of aims and objectives for this dissertation is presented at the

end of the literature review presented in Chapter 2, following which the scope

of the dissertation with respect to gaps in literature, is easier to identify and

highlight. For a detailed overview of research objectives, please refer to Section

2.5.

1.5 Thesis Structure

The following text is structured as follows. Chapter 2 presents a literature review

that has been split in two major parts. The first part includes a review of relevant

literature related to corrosion studies on Fe and FeMn-based alloys. The second

part then highlights considerations that need to be taken when working with Mn

powders as well as a review of current scaffold processing techniques. Detailed

research questions and objectives are presented at the end of the chapter after

the research gaps identified through the literature review are established.

Chapter 3 describes the materials, equipment and methodologies employed

to achieve the results presented and discussed in Chapter 4. Both Chapters 3

and 4 are sectioned similarly. As with Chapter 2, these chapters are split in two

major sections; Corrosion testing and Powder-processing of FeMn for scaffold

applications. The corrosion testing section is further split up in five testing phases,
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listed below, each contributing further knowledge on the corrosion behaviour of

Fe-based alloys.

� Phase One - Corrosion testing of porous alloys - includes initial

testing with microporous coupons prepared from Fe, FeMn and FeMnAg in

commonly tested electrolytes;

� Phase Two - Further corrosion analysis using EIS - presents further

analysis of microstructural influences on the corrosion behaviour of FeMn

alloys;

� Phase Three - Investigating the influence of BSA additions to

Ca-containing HBSS using EIS - includes corrosion analysis for tests

carried out on FeMn alloys in protein-containing electrolyte;

� Phase Four - Static Immersion testing - includes results for static

immersion tests with up to 28 days of immersion in various electrolytes of

interest;

� Phase Five - In vivo testing - presents post in vivo-testing corrosion

analysis.

The processing sections are similarly split up in three sub-sections. The first

section presents detailed analysis of powders of interest prepared through various

methods, to be used in subsequent sections. Following this, the same powders

were pressed-and-sintered for microstructural analysis. The second section there-

fore shows the influence of the initial powders and varying sintering temperatures,

on the resulting microstructures. Finally, promising powder materials analysed in

the first two sections were used to prepare scaffolds using the modified replication

technique, as described in detail in Chapter 3. Analysis of the resulting scaffold

structures is presented in the final sub-section.

Main conclusions and suggestions for future work related to the two major

investigations presented in this work, are listed and discussed in Chapter 5.
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2

Literature Review

This review is split into two main sections. The first section is related to corro-

sion testing of Fe-based alloys including critical assessment of principal works in

the field in relation to various aspects of material design and corrosion testing

variables. The second part of the review is then focused on processing of Fe-

based alloys using powder-metallurgy, moving from processing considerations, to

a review of existent technologies and others in development.

2.1 Corrosion performance of Fe-based alloys

2.1.1 Degradation mechanism of pure Fe in vitro

In order to be able to address the issue of the slow degradation rate of pure Fe,

one must first develop an understanding of the general degradation mechanism

of pure Fe in physiological solutions. In a leading paper by Zheng et al. [10],

the authors provide a general four-stage outline to describe the degradation of

biodegradable metals in physiological solutions.

The process is initiated as the metal surface comes in contact with the elec-

trolyte. Different regions with slightly distinct potential differences behave as

local anodes and cathodes. At anodic sites, metal dissolution takes place follow-

ing reaction 2.1. For pure Fe, the dominant reaction taking place at cathodic

regions, is the reduction of dissolved oxygen in the electrolyte, as presented in

reaction 2.2. Since both reactions need to be able to progress unhindered for
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2.1 Corrosion performance of Fe-based alloys

Figure 2.1: Schematic representation of the typical degradation process of pure
Fe immersed in typical physiological media [10].

corrosion to take place, lack of availability of dissolved oxygen (DO) at the metal

surface for the oxygen reduction reaction (ORR) to take place, could pose seri-

ous limitations in service as will be discussed [45]. For a pure Fe surface, grains

and grain boundaries can serve as local cathodes and anodes respectively, as

illustrated in Figure 2.1a [46].

Fe→ Fe2+ + 2e− (2.1)

O2 + 2H2O + 4e− → 4OH− (2.2)

The same figure illustrates the simultaneous adsorption of organic molecules,

which could include protein and amino acids, for instance. Naturally, the ad-

sorption of similar media in vitro, depends on the formulation of the testing
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2.1 Corrosion performance of Fe-based alloys

electrolyte and could significantly affect the corrosion progress, as discussed in

Section 2.1.4.2 [10].

In the second stage, metal cations generated in reaction 2.1, react with OH-

ions in the electrolyte to form metal (II) hydroxide layers on the corroding surface

according to reaction 2.3. Further oxidation in line with reaction 2.4, results in

the formation of iron (III) hydroxides [46], as illustrated in Figure 2.1b.

Fe2+ + 2OH− → Fe(OH)2 (2.3)

4Fe(OH)2 +O2 + 2H2O → 4Fe(OH)3 (2.4)

Hermawan et al. [46] also describes the typical corrosion product formation as a

layer of magnetite (Fe3O4) in contact with the metal surface, with a haematite

(Fe2O3) layer on top.

As corrosion progresses, weak regions in the metal hydroxide layers are at-

tacked by higher concentrations of H+ generated in metal cation hydrolysis reac-

tions, as shown in reaction 2.5 [47]. The presence of chloride ions in the medium

results in the continued enlargement of generated pits as self-catalytic corrosion

becomes dominant in pitted areas due to increasingly aggressive local environ-

ments [10, 46].

FeCl2 +H2O → FeOH+ + 2Cl− +H+ (2.5)

The third stage illustrated in Figure 2.1c also depicts the formation of Ca2+- and

PO3−
4 -rich products on the corrosion products. Such hydroxyapatite-like products

are often reported in corrosion product analysis in studies in the field when local

conditions are favourable for their formation, and are considered to be a positive

presence in biodegradable implant applications for the encouragement of bone

attachment to the implant surface [48].

The final stage in Figure 2.1d illustrates the potential dislodging of eroded

implant regions. Although this effect is commonly reported in the study of Mg-

based alloys with rapidly progressing degradation leading to chunks of metal

being removed from the main implant, Zheng et al. [10] indicate that this is less

usually encountered with Fe-based alloys.
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2.1 Corrosion performance of Fe-based alloys

Published research articles including studies of pure Fe, have often reported

that the unalloyed metal degrades ‘uniformly’. Microstructural images of corro-

sion tested surfaces generally reveal uniformly corroded topographies with slight

preferential attack of grain boundary regions as described in the model above [49–

52]. Zhu et al. [52] speculated that degradation progressing with this corrosion

mechanism could result in total degradation of a typical stent in vivo, within a

month from implantation. However, as described in Section 2.1.4.4, this is rather

unlikely when considering the additional influencing factors within the biologi-

cal environment. Zhang et al. [51] also reported that the uniform degradation

mechanism only progressed consistently up till 21 days of immersion, before the

build-up of phosphates described in Figure 2.1c, limited the corrosion reactions.

In two separate contradictory studies, preferential attack of grain boundary re-

gions was not observed but the authors instead observed pits on the corroding Fe

surfaces [53, 54].

As further discussed in Section 2.1.4.1, the processing method greatly impacts

the corrosion progress and principal mechanisms. Obayi et al. [55] confirmed the

theory originally published by Ralston et al. [56] that the corrosion rate decreases

with decrease in grain size when testing in a passivating environment, due to a

faster and denser formation of corrosion product layers that act as a barrier

layer for further corrosion progress. Conflicting results were subsequently shared

in a publication by Carluccio et al. [57] who concluded that Selective Laser

Melted (SLM) Fe degraded faster when compared to cast Fe, due to the former’s

finer grain size. However, the authors also noted that higher dislocation and

defect densities, as well as potential impurities in the SLM (selective laser melted)

Fe microstructure, could also have contributed to a faster degradation rate. A

similar conclusion was reached by Moravej et al. [39], who claimed that faster

corrosion rates could be achieved with electroformed Fe when compared to cast

microstructures due to the finer grain sizes achieved by the electroforming process,

as well as the structural defects arising from the same processing technique.
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2.1.2 Analytical techniques for corrosion analysis in vitro

This section aims to provide the foundations for understanding the corrosion

testing results published in literature as well as those presented in this thesis. This

overview of the most commonly used analytical methods for in vitro corrosion

testing, will cover the basic principles governing the technique as well as the

fundamental information needed for data interpretation.

2.1.2.1 Potentiodynamic testing and Tafel extrapolation

Potentiodynamic polarisation (PDP) testing is a popular technique used in the

field as a means to obtain a relatively quick approximation of material corrosion

rates. Electrochemical reactions taking place at the surface of a metal immersed

in a solution, can be either anodic or cathodic, as mentioned when describing the

general degradation mechanism of pure Fe. In the case of pure Fe, the anodic

reaction corresponds to that of metal dissolution (reaction 2.1), whereas the ca-

thodic reaction corresponds to the reduction of the electrolyte (oxygen reduction

reaction, reaction 2.2). According to Faraday’s Law, the rate at which electrons

flow to and from the corroding surface as part of these reactions, can be described

using the corrosion current density (also written as icorr or io), which in turn is

linearly proportional to the mass loss per unit area per unit time, or corrosion

rate [58].

The value of icorr could be measured and calculated using Tafel extrapolation.

In order to generate a Tafel plot, the open circuit potential, OCP (also written as

Eo or Ecorr) is first established over a set period of time. The OCP corresponds

to the potential, measured against a stable reference electrode, at which the rate

of anodic and cathodic reactions is equal, resulting in a net current flow of zero.

An applied potential sweep is then carried out at a set scan speed over a specific

range of potentials, typically around ± 250 mV vs. OCP. The result is a semi-

logarithmic plot of absolute current values against potential, as shown in Figure

2.2.

The plot shown in Figure 2.2 can be described using the Butler-Volmer equa-

tion which illustrates the dependency of the corrosion current on the applied

potential. It also describes the non-linear behaviour of the current at relatively
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Figure 2.2: A sample plot of the Butler-Volmer equation with marked Tafel slopes
[58].

small overpotentials (E − Eo, η), wherein the rate of the opposite reaction still

has a significant influence over the measured current. When the applied over-

potential, is significantly large, the influence of the opposite reaction becomes

negligible so that the Butler-Volmer reaction could be given as

i = ioe
αnF (E−Eo)/RT (2.6)

where i is the measured current, α is the charge-transfer coefficient, n is the

number of electrons involved in the reaction, F is equal to Faraday’s constant, E

is the potential, R is the gas constant and T is the temperature in Kelvin [58].

Equation 2.6 could be rewritten as

ηa = balog
i

io
(2.7)

where

ba =
2.303RT

αnF
(2.8)

to describe the linear relationship between the anodic overpotential (ηa) and the
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current generally observed at around 50-120 mV away from OCP [58]. Similarly

ηc = bclog
i

io
(2.9)

where

bc = −
2.303RT

(1− α)nF
(2.10)

describes the linear relationship between the cathodic overpotential (ηc) and the

current. Equations 2.7 and 2.9 are known as the Tafel equations whereas ba and

bc describe the anodic and cathodic Tafel slopes respectively. Extrapolating the

linear portion of the Tafel curves back towards Eo gives a value for io, as shown

in Figure 2.2.

Although this method is widely used, one must keep in mind that this theory

applies only under certain conditions.

1. Both reactions are under activation control i.e. the reaction is not depen-

dant on a gradient concentration of certain ions or molecules around the η

values mentioned above;

2. There is a clearly defined linear Tafel region within the overpotentials indi-

cated;

3. The anodic and cathodic reactions do not vary over the potentials used in

the test;

4. The corrosion that takes place is not localised i.e. “chunks” are not dis-

placed from the surface [58].

2.1.2.2 Electrochemical Impedance Spectroscopy

2.1.2.2.1 Background

Electrochemical Impedance Spectroscopy (EIS) is a technique that uses small AC

perturbations (generally up to 10 mV) across a range of frequencies, superimposed

on an applied potential or the corrosion potential (OCP) of a system, to study

its frequency-dependant response. EIS is widely used in the understanding of
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corrosion reactions and mechanisms, batteries and photovoltaic systems and the

characterisation of coatings, amongst others. For the study of electrochemical

interfaces, a range of 10−2 to 105 Hz is generally selected [58, 59].

EIS studies require systems to be at steady-state conditions for the duration of

the measurement. The application of an AC signal allows the measurement equip-

ment to characterise the behaviour as the system, or different aspects of a system,

relax from one different steady-state to another, and back. As opposed to DC

techniques where the instantaneous current response is frequency-independent

and could be represented using the ideal resistor, AC systems use a combination

of three main circuit elements, namely resistors, capacitors and inductors, to de-

scribe more complex behaviours using equivalent circuits. The test outcome is a

measurement of impedance, which simply put, is the resistance to AC flow [58].

Dedicated software may be used to design equivalent circuit models to which the

test data can then be ‘fitted’, providing values of interest related to corresponding

physical system features.

2.1.2.2.2 Basics of equivalent circuits

A simple EIS experiment involves the application of a potential difference be-

tween two electrodes immersed in a typically highly conductive, ionic liquid. The

flow of current through the latter could be represented electrically as a small

solution resistance, Rs. At the electrode-electrolyte interface, current flow faces

an additional resistance, known as the charge-transfer resistance, Rct, as cur-

rent flow transfers from electronic to ionic conduction. This parameter is highly

dependant on the characteristics of the electrode, its ability to participate in elec-

trochemical reactions as well as the adsorption of electrolyte molecules and ions

to the electrode surface. Apart from this, electrical charges accumulated at the

surface, attract oppositely charged solvated ions, creating what is known as the

double-layer capacitance, Cdl [60]. The capacitive effect arises from the fact that

hydrated ions are typically separated from electrode surfaces by a minimum dis-

tance d of 0.2 to 0.3 nm, creating a separation of charges [59]. There are multiple

models that illustrate the electrical double layer. Figure 2.3a shows the Helmholtz

representation of the electrode-electrolyte interface with negatively charged ions
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(a) (b)

Figure 2.3: (a) Schematic representation of the Helmholtz model for electrical
double-layer at the electrode-electrolyte interface [Adapted from [61]] and (b) Ran-
dles’ equivalent circuit representing the electrode interface and adjacent solution
resistance [Adapted from [58]].

(a) (b)

Figure 2.4: Two mathematically equivalent circuits with two time constants
[Adapted from [62]].

adsorbed to a positively charged surface. One of the simplest and most referred

to equivalent circuits, known as the Randles’ circuit, electrically represents the

simple scenario described above. A schematic representation of Randles’ circuit

is shown in Figure 2.3b, where the electrolyte resistance Rs is placed in a series

connection to the electrode interface represented by a parallel connection of the

charge transfer resistance Rct and double-layer capacitance Cdl [58].

Randles’ circuit is an example of a single-time constant equivalent circuit

i.e. it represents a system in which there is a single charge-transfer controlled
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process [60]. This time constant, τ , is a measure of the delayed response of a

particular system to the alternating signal applied, and is the product of the

resistance and the capacitance [58]. More complex systems typically consist of

two or more time constants. Figure 2.4 shows two examples of equivalent circuits

with two time constants. The circuit in Figure 2.4a is often used to represent the

behaviour of a metal with a compact coating, whereas that in Figure 2.4b has

been used to describe porous electrodes and electrodes with a porous coating,

among other interpretations [60]. One must note that although some circuits like

the ones shown in Figure 2.4, may be mathematically equivalent, choosing the

incorrect one may not provide a good representation of the physical system under

investigation, and can therefore still mislead the researcher [62].

2.1.2.2.3 Data representation and interpretation

When analysing equivalent circuits, the standard rules of electrical circuitry apply.

The total impedance for n elements connected in series and the total impedance

for n elements connected in parallel, are given in equations 2.11 and 2.12 respec-

tively [59].

Z =
∑

Zn (2.11)

1

Z
=

∑ 1

Zn

(2.12)

The impedance of a resistance, a capacitance and an inductance, can be expressed

using equations 2.13, 2.14 and 2.15 respecitvely [58].

ZR = R (2.13)

ZC = − 1

jωC
(2.14)

ZL = jωL (2.15)

where R is the resistance in ohms (Ω), C is the capacitance in farads (F), L is the

inductance in henries (H), ω is the radial frequency of the AC signal in rads−1

and j is the imaginary number
√
−1.
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Figure 2.5: Impedance vector for a resistance and capacitance connected in series,
represented on the complex plane [59].

As evidenced by the presence of the complex number j, the impedance has

both real (ZRe or Z’ ) and imaginary (ZIm or Z”) components. ZRe represents

the resistive part of the circuit, whereas ZIm represents the ability of the system

to store energy [60]. Therefore, impedance can be graphically represented as a

vector with modulus impedance |Z|, at an angle ϕ representing the phase shift

present between the applied potential and the current response. The phase shift

for an ideal resistor is equal to 0° whereas for a capacitor and an inductor it is -90°

and 90°, respectively. The schematic representation of the impedance of a resistor

and capacitor connected in series on the complex plane, is shown in Figure 2.5.

The Nyquist diagram is commonly used to show both the real and imaginary

components of impedance at different frequencies. Figure 2.6a shows a Nqyuist

plot for a sample Randles’ circuit illustrated in the same figure. Nyquist plots

maintain their popularity as they allow for relatively quick estimation of key

impedance parameters. The resistances Rt and RΩ for instance, could be easily

read off the ZRe scale, while the presence of a perfect semi-circular loop indicates

that there is only one time-constant [60].

Another commonly used plot for EIS data is the Bode plots which includes

a log |Z| against the log frequency plot, alongside a plot of phase shift against

the same x-axis. This is represented for the same sample Randles’ circuit, in
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(a)

(b)

Figure 2.6: (a) Nyquist and (b) Bode impedance diagrams for a sample Randles’
equivalent circuit [Adapted from [59]].

Figure 2.6b. Apart from giving a clearer picture of system behaviour at specific

frequencies, Bode plots provide an easier way to determine the ‘path-of-least-

impedance’ for a given frequency. In the example shown, low- and high-frequency

ranges indicate that the circuit reached ‘near DC’ conditions as the 0° phase shifts

indicate only resistive contributions. The lower phase shift in mid-frequency

ranges on the other hand point towards the influence of the circuit’s capacitance.

24



2.1 Corrosion performance of Fe-based alloys

2.1.2.2.4 Physical interpretation of Constant Phase Elements

Real systems rarely behave in the ideal way represented by Randles’ model or

other circuits illustrated in Section 2.1.2.2.2. For the simple equivalent circuit of

a double layer capacitance connected in parallel to the charge transfer resistance,

the Nyquist plot often takes the shape of a depressed semi-circle, as opposed

to the perfect semi-circle illustrated in Figure 2.6a. Contributions to this devia-

tion can be both through geometric and energetic surface heterogeneity, although

some have argued that the latter has a more prominent effect on Constant Phase

Element (CPE) behaviour [63]. Although, there has not yet been a widely ac-

knowledged correlation between surface roughness and CPE values, this surface

feature along with defect dispersion, porosity, fractal geometry and surface reac-

tivity dispersion, have all been listed in multiple works as contributors to CPE

behaviour [59, 64]. It has therefore become common practice to replace capacitors

with CPEs, in most scenarios.

The impedance of a CPE can be represented by

Z =
1

Q(jω)α
(2.16)

where Q is the CPE coefficient in S.sn and α is the CPE exponent. Both values

are independent of frequency. When α = 1, the CPE behaves like a perfect

capacitor whereas when α = 0, it behaves like a resistor.

Despite the usefulness of CPEs for improving the goodness-of-fit of modelled

data, the values associated with the element offer little insight into the physical

understanding of the system features or behaviours it represents. For instance,

equation 2.17 can be used for instance to derive the thickness of a coating from

the coating’s true capacitance value.

C =
ε0εA

l
(2.17)

where εo is the dielectric constant of free space, ε is the dielectric constant of the

electrolyte and A is equal to the exposed area in cm2. The CPE coefficient cannot

be used in a similar fashion. There has therefore been many studies investigating

a reliable approach for the conversion of CPE values to true capacitance. One
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of the more widely used equations was suggested by Hsu et al. [65], where for a

parallel R-CPE branch, the capacitance may be calculated using equation 2.18.

C = R
1−α
α .Q

1
α (2.18)

It is reported that this equation only gives a reliable conversion for relatively high

values of α [65].

2.1.2.2.5 Physical representation of diffusion phenomena

The model of the electrode-electrolyte interface described by Helmholtz in Fig-

ure 2.3a, is by far one of the simplest representations. The Stern model adds a

diffuse layer adjacent to the double-layer, to depict a region containing a higher

concentration of the counterions depicted in Figure 2.3a as they move towards

the charged surface. This, and other diffusion-controlled systems, may require

the addition of a diffusion impedance element to the equivalent circuit. Taking

Randles’ circuit as an example, Figure 2.7a shows the incorporation of the War-

burg element; a commonly used diffusion element with a phase shift ϕ = -45°. As

shown in Figure 2.7b, this element is represented using a 45° straight line at the

low-frequency impedance region of a Nyquist plot [58].

The original Warburg model is based on a number of strict assumptions, de-

scribed in detail by Huang et al. [66], that are considerably difficult to achieve in

real-life scenarios with complex porous electrodes, as will be used in this work.

(a) (b)

Figure 2.7: (a) Randles’ equivalent circuit with additional Warburg diffusion
impedance, W and (b) its Nyquist representation [Adapted from [58]].
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Although a complete understanding of the effect of various pore features on dif-

fusion phenomena is beyond the scope of this work, it is important to note that

simple changes in the pore geometry, tortuosity factor1, packing density, as well

as whether the pores are open or closed, cause significant deviations from the

standard Warburg behaviour, as shown in a study by Cooper et al. [67].

2.1.2.3 Weight loss measurements

The weight loss method is generally used to calculate the corrosion rate of the

material after relatively long immersion times. The samples are removed from

the immersion setup at set intervals and dried for analysis. The corrosion rate

could be calculated following careful removal of the generated corrosion products,

typically using chemical or electrochemical means, although mechanical methods

could be opted for in some cases [58]. The ASTM-G1 standard (Standard Prac-

tice for Preparing, Cleaning, and Evaluating Corrosion Test Specimens, 2012 )

[68] offers a list of methods that could be used with specific groups of materials

including iron and steels. The amount of weight lost could then be related to the

corrosion rate in mm/y using equation 2.19 [68].

Corrosion rate =
(8.76× 104)W

ATD
(2.19)

where W is the mass loss in grams, A is the exposed area in cm2, T is the time of

exposure in h and D is the density in g/cm3. One of the drawbacks of this tech-

nique, especially when considering existing literature, is the difficulty in properly

assessing whether the corrosion products were in fact removed with the chosen

cleaning method and whether or not the underlying material was also subject to

material removal. Moreover, there are numerous instances in publications in the

field wherein the authors provide weight loss measurements but do not provide

any information about the material removal procedure or clearly state that corro-

sion products were not removed at all. More on the limitations and considerations

related to weight loss measurements will be discussed in Section 2.1.4.3.

1Tortuosity factor refers to the resistance to diffusive flow due to complexity of flow paths.
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2.1.2.4 In situ measurements at corroding surface

The wide-ranging studies on Mg alloys in the field has led to the application of

particularly specialised methods for better understanding of reactions happening

within micrometers of the surface as a result of active corrosion and interactions

with the local testing environment.

Scanning Vibrating Electrode Technique (SVET) has been used to measure

current density distributions over active surfaces [69–72] as opposed to calcu-

lating one icorr value for a system using potentiodynamic testing or weight loss

measurements. Moreover, evaluation of calculated corrosion rates and analysis of

corroded surfaces often lead to hypotheses regarding potential multi-stepped cor-

rosion mechanisms including the effects of pH changes on localised reactions. Al-

though such hypotheses are sometimes based off bulk pH measurements, research

on Mg alloys has showed that corrosion is primarily affected by local environment

changes that are not necessarily noticeable in bulk measurements [73–75]. For Mg

alloys, where the principal cathodic reaction is the hydrogen evolution reaction,

local measurement of incresed alkalinity using the Scanning Ion-selective Elec-

trode Technique (SIET) or Scanning Electrochemical Microscopy (SECM) could

help identify cathodic regions on the surface. Likewise, an increase in OH− result-

ing from oxygen reduction (reaction 2.2) on corroding Fe-based alloys, could help

improve the understanding of local phenomena, especially when either SVET or

SIET is coupled with dissolved oxygen measurement techniques, as exemplified

in [69].

So far, there has been no published work including localised measurements

on biodegradable Zn and Zn-based alloys. Published in situ measurements on

corroding Fe and Fe-based alloys only include the work presented in this thesis,

all of which has been published in peer-reviewed journals [76, 77].

2.1.3 Material design for corrosion acceleration

2.1.3.1 Addition of secondary elements

Corrosion acceleration through the addition of alloying elements can be achieved

in two principal ways as outlined by Schinhammer et al. [78]:
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� by adding an alloying element that is soluble in Fe, resulting in a material

with a lower corrosion potential, or

� by adding an element that results in a secondary phase that is more noble

than Fe, thus creating a microgalvanic cell within the same material.

Both strategies have been extensively studied as presented in the following sec-

tions.

2.1.3.1.1 FeX

The addition of a single element or phase to the Fe matrix through alloying or sur-

face manipulation, has rendered numerous interesting studies. A brief overview of

the performance outcomes from key publications will be provided in this section.

However, despite several positive results, these studies fail to address the limita-

tion of ferromagnetism that the ferrous component of these materials retains.

Liu et al. [40] were first to test the suitability of a variety of alloying elements

typically used to strengthen steel. In their work they prepared Fe-3wt.%X alloys

were X varied from manganese, cobalt (Co), aluminium (Al), tungsten (W), tin

(Sn), boron (B), carbon (C) and sulphur (S). Co, W, C and S were found to

be effective in increasing the potentiodynamic corrosion rate in Hanks’ solution,

although the increase was rather low. Despite the fact that this study deemed

certain alloying elements unsuitable for the biodegradable implants, the amounts

added were rather low and using different ratios could yield more favourable

results, as shown for FeMn in the following section.

Despite the common use of phosphorus (P) as a corrosion inhibitor in steel

manufacture, the effect of adding P below and above the solubility limit in Fe, was

studied by multiple groups [79–81] yielding conflicting results. Whereas Wegener

et al. [80] measured slightly increased corrosion rates after 7 days immersion in

Simulated Body Fluid (SBF) with the addition of 0.6 and 1.6 wt.% P, the other

studies noted a slight reduction in corrosion rate with Fe containing approxi-

mately 0.5 wt.% P.

Čapek et al. [82] used palladium (Pd) as the alloying element in the prepara-

tion of single phase Fe2Pd by Spark Plasma Sintering (SPS). A three-fold increase
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in corrosion rate was recorded for Fe2Pd following a 70-day immersion test in SBF

when compared to Fe. In a series of studies by Huang et al., 5 wt.% of Pd, plat-

inum (Pt) [83], gold (Au) and Ag [84], were added to Fe and processed using

the same method. With the addition of Pd, icorr doubled when compared to Fe,

whereas with the addition of Pt, the icorr value was seven times that measured

for Fe. Results from the 30-day immersion test followed a similar pattern. In the

case of Pd and Pt, the used wt.% was always within the solubility limit, however

a more commonly adopted strategy is the addition of a noble metal to create a

strong galvanic couple between the Fe matrix and formed intermetallic phases

or immiscible noble elements. This was the result achieved with the addition of

Au and Ag where the noble metal inclusions resulted in accelerated microgal-

vanic corrosion all over the sample surfaces leading to macroscopically uniform

corrosion in both immersion and electrochemical tests [84].

Conflicting results were published by Čapek et al. [85] and Wegener et al.

[80] in relation to the performance of FeAg alloys. Čapek et al. prepared Fe2Pd,

Fe2Ag and Fe2C using powder metallurgy. Both static immersion tests and po-

tentiodynamic tests confirmed that whereas corrosion was increased with the

addition of Pd and C, the formation of AgCl on the surface prevented further

corrosion of the Fe2Ag alloys. Wegener et al. reported only a small improvement

in corrosion following immersion testing, but mainly attributed the measured in-

crease to the higher surface area exposed to the electrolyte rather than the Ag

contribution. One must note that in both studies the tests were conducted in

SBF whereas Huang et al. [84] carried out tests in an unspecified Hanks’ so-

lution. The effect of electrolyte composition on corrosion performance will be

discussed in more detail in Section 2.1.4.2.

Other attempts at creating a microgalvanic effect using an FeX design has

been made with 316L stainless steels [86–88], Zn [53, 89, 90], W [91, 92], carbon

nano-tubes (CNTs) [91] and more recently, tantalum (Ta) [93]. All studies bar

those involving alloying with 316L stainless steel, showed an increase in degra-

dation under test conditions. Adding up to 5 wt.% Fe2O3 to Fe also resulted

in accelerated corrosion behaviour as confirmed using both immersion, PDP and

EIS testing [94]. A more bioactive design includes the incorporation of bioglasses

or biodegradable ceramics that do not have the necessary property profile to be
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used for load-bearing applications, like hydroxyapatite (HA) [95–97], tricalcium

phosphate (TCP) [96–98], biphasic calcium phosphate (BCP) [96, 97] and cal-

cium silicate [99]. All cited works generally observed an increase in degradation

with the tested composites in vitro, in part because the ceramics themselves are

designed to dissolve with time.

2.1.3.1.2 FeMn

Without a doubt, FeMn alloys have been the most studied Fe alloys in the field.

Originally suggested by Hermawan et al. [100], FeMn alloys with a certain wt.%

Mn could overcome the ferromagnetic limitation of pure Fe and most Fe alloys

through the formation of FCC γ-austenite or HCP ε-martensite, while offering

potential for improved corrosion rates. The material design in itself forms part

of the first strategic approach suggested by Schinhammer et al. [78], as Mn with

an electrode potential of -1.18 V, could effectively increase the corrosion sus-

ceptibility by shifting the electrode potential of Fe downwards from -0.44 V [78].

Moreover, the formation of ε or BCC α’-martensite could also result in significant

strengthening apart from potential mechanical property improvements through

solid-solution strengthening [101]. While the FeMn phase diagram illustrated in

Figure 2.8a indicates that the incorporation of above approximately 28 wt.% Mn

should lead to a fully austenitic structure, it does not explain the complexities of

martensitic transitions for FeMn systems. Figure 2.8b shows the phase fractions

measured on quenched cast FeMn alloys indicating that lower Mn concentrations

favour the formation of α’-martensite whereas higher concentrations lead to ε-

martensite formation upon rapid cooling or applied strain [101, 102].

In their first studies Hermawan et al. [100, 105] showed how as-pressed and

sintered Fe35Mn with an austenitic microstructure exhibited promising magnetic,

mechanical and degradation behaviour with almost eight times the corrosion rate

of pure Fe as measured using PDP tests in Hanks’ solution [100, 105]. Consequent

studies by the group, explored the potential of varying Mn content in the range

20-35 wt.% [46, 106]. As-sintered Fe20Mn and Fe25Mn exhibited a biphasic

austenitic and ε-martensite microstructure whereas Fe30Mn and Fe35Mn con-

sisted only of austenite in the as-sintered condition. Clearly, biphasic microstruc-
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(a)

(b)

Figure 2.8: (a) FeMn equivalent phase diagram [Adapted from [103]] and (b)
relative fraction of phases of quenched as-cast FeMn [101]. Filled and open boxes
in (b) refer to experimental data obtained in [101] and [104], respectively.

tures led to a microgalvanic corrosion mechanism resulting in higher PDP corro-

sion rates. Static immersion tests of the same materials did not indicate a similar

difference in corrosion rates in the initial study [46] while dynamic immersion

tests confirmed the initial observations [106]. The influence of testing conditions

on corrosion will be discussed further in Section 2.1.4.3.
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Dargusch et al. [107] also observed biphasic austenitic and ε-martensite as-

sintered microstructures with 20, 30 and 35 wt.% additions of Mn. However, as

opposed to the previously mentioned studies, the corrosion rate increased with

an increase in Mn content as confirmed with PDP and immersion tests in Hanks’

solution. EIS results also indicated reduced resistances of both charge trans-

fer resistance as well as corrosion product resistances with the addition of Mn,

although the modelling of the EIS spectra in this study is not particularly con-

vincing. Shuai et al. [108] reported similar austenitic/martensitic microstructures

with selective laser melted (SLM) Fe25Mn and noted doubled corrosion rates with

localised grain boundary attack following static immersion tests in SBF. Kupkova

et al. [109] achieved two-phase sintered Fe25Mn, Fe30Mn and Fe35Mn structures

however in this case grains had ferritic cores with austenitic shells due to in-

sufficient homogenisation during heat treatment. The authors noted accelerated

localised corrosion of such structures in PDP tests, with the ferritic cores corrod-

ing preferentially. Similar trends were observed in a study by Dehestani et al.

[110] on powder-processed Fe30Mn. Sotoudeh Bagha et al. [111] noted increased

PDP corrosion rates with pressed fully austenitic Fe30Mn whereas Chou et al.

[112] reported eleven times the icorr of Fe when PDP testing dense 3D-printed

Fe30Mn. Contrastingly, Čapek et al. [113] measured much slower corrosion rates

for hot-forged Fe30Mn compared to Fe following a 10-week immersion test in SBF,

however this seems to be the only study where such a decrease was published.

In an effort to reduce any risks associated with Mn release in vivo, some have

studied the effectiveness of additions of low concentrations of Mn on corrosion

behaviour. Static immersion testing of Fe3Mn in Hanks’ solution [40] and Fe(0.7-

6.9)Mn in physiological saline [114] led to lower corrosion rates of the wrought

FeMn alloys when compared to pure Fe prepared in the same way. These results

stunted further research on similar alloys and focused research on alloys with over

20 wt.% Mn.

When it comes to corrosion product formation, the addition of Mn also implies

that the oxidation of Mn in reaction 2.20, is another potential anodic reaction

during corrosion.

Mn→Mn2+ + 2e− (2.20)

33



2.1 Corrosion performance of Fe-based alloys

In fact, various studies have detected products like MnOOH, Mn(OH)2 and

Mn2O3 among corrosion products often following immersion tests [46, 107]. Dif-

ferent studies provide different and often contradicting views on the influence of

the corrosion products formed on the corrosion resistance of the corroding metal.

Dargusch et al. [107] concluded that the intermixing of Fe and Mn-oxides result

in lattice mismatch that facilitate ion transfer through the layer and enhance

corrosion. On the other hand, in a study by Heiden et al [115], there was no

observed corrosion for Fe20Mn tested in osteogenic medium in the first 50 days

of immersion due to the protective effect of oxides. In most cases, the iden-

tification and influence of specific corrosion products, especially when it comes

to oxides/hydroxides, tends to come down to the authors’ hypotheses based on

SEM/EDS analyses. Therefore, the exact influence of Mn oxides/hydroxides and

other Mn-rich products, remains a question that needs further investigation.

2.1.3.1.3 FeMnX

The approach with FeMnX alloys is generally similar to that adopted with FeX

alloys, with the added benefit of the antiferromagnetic characteristics if strategic

amounts of Mn and/or other austenite stabilising elements are incorporated.

A number of studies have been published on FeMnC alloys, more often re-

ferred to as TRIP (Transformation Induced Plasticity) and TWIP (Twinning

Induced Plasticity) steels. As the names imply, the addition of carbon is mainly

aimed at improving the mechanical properties thus making it possible to have

better strength to volume ratios for cardiovascular and orthopaedic applications

alike. The alloys have been shown to have attractive degradation characteristics

although it must be said that most articles do not study the specific influence of

C addition on degradation. Hufenbach et al. [116] reported almost double the

corrosion rate of vacuum-melted Fe30Mn1C when compared to Fe1C as measured

using PDP testing. Gebert et al. [117] tested the same material in various NaCl

concentrations and pH values and in each case, the Mn-enriched boundaries in

the alloy served as sites for preferential attack such that signs of active dissolu-

tion were observed in each testing solution, as opposed to pure Fe. Interestingly,

Gambaro et al. [118] showed that C has a stronger austenite-stabilising ability
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than Mn when Fe12Mn1.2C had a fully austenitic microstructure as opposed to

biphasic Fe20Mn0.6C. However, as opposed to the work by Hermawan et al. [46],

the alloy containing 20 wt.% Mn had a slightly lower corrosion rate than that

containing 12 wt.% after 14 days immersed in Hanks’ solution despite its biphasic

structure. On the other hand, this could be due to faster formation of MnCO3

which protected the alloy from further dissolution. Having said this, in their

review Venezuela et al. [45] also mention similar outcomes from another study

wherein fully austenitic Fe30Mn1C exhibited faster corrosion rates than biphasic

γ and ε Fe30Mn.

In famously referenced work, Schinhammer et al. [78] first suggested the ad-

dition of Pd to FeMn to enhance the corrosion microgalvanically through the

formation of finely dispersed intermetallic (Fe,Mn)Pd inclusions. Following 48

h of static immersion in SBF, the authors recorded approximately 2, 0.5 and

0.15 mg/cm2 weight loss for Fe10Mn1Pd, Fe10Mn and Fe respectively. A similar

pattern was confirmed using EIS wherein the FeMnPd alloy exhibited the lowest

|Z| values. In a subsequent study, the authors increased the Mn content to over-

come the formation of martensitic phases. Similar results were obtained as Fe,

Fe21Mn0.7C and Fe21Mn0.7C1Pd exhibited a corrosion rate of 0.2, 0.13 and 0.1

mm/year respectively based on weight loss measurements; results that were once

again supported by EIS measurements [119].

Liu et al. [120] were the first to suggest the use of FeMnSi for biodegradable

applications due to their unique shape-memory alloy characteristic. In their work

they presented rather contradictory results on the alloys’ degradation. Whereas

PDP results indicated that vacuum-melted Fe30Mn6Si corroded fastest in Hanks’

solution followed by Fe30Mn and Fe, surface analysis following a 6 month immer-

sion period indicated that Fe was covered in a brownish corrosion product whereas

the bright surface of the FeMn surface was clearly visible indicating lower cor-

rosion rates. No clear explanation was provided for this contradiction, however

other studies seem to support the results obtained through PDP testing. Drevet

et al. [121] also studied vacuum melted Fe(23-30)Mn5Si alloys in Hanks’ solution

and confirmed through PDP and weight loss measurements that all FeMnSi alloys

corroded faster than Fe30Mn. The authors also hypothesised that SiO2 nonmetal-

lic inclusions could have accelerated corrosion by behaving cathodically, although
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no proof was published. In a number of research articles Xu et al. [122–125]

studied the performance of sintered FeMnSi alloys. Notably, an increase from 0

to 4 wt.% Si in sintered and forged Fe28MnxSi led to an increase in corrosion

rate from 15.8 to 21.1 µA/cm2, as measured in SBF from PDP tests [122].

Various degrees of success in corrosion increase were achieved with the addi-

tion of 10 wt.% hydroxyapatite to Fe30Mn [126], additions of up to 2 wt.% Mg

and Ca to Fe35Mn [127] as well as Fe30Mn1C0.8Cu [128] and Fe(35-x)Mn-xCu

(x = 0-10wt.%) [129], among others.

2.1.3.1.4 FeMnAg

The study of FeMnAg deserves particular attention due to the widespread interest

in the alloy within the field. Considering the relatively high standard electrode

potential of silver at 0.7996 V [84], and the immiscibility of Ag with both Fe and

Mn according to both the FeAg and AgMn phase diagrams, the microstructure

of FeMnAg should give rise to strong microgalvanic corrosion. In fact, Niendorf

et al. [130] used Scanning Kelvin Probe Force Microscopy (SKPFM) to confirm

that the Ag-rich phase is cathodic with respect to a TWIP FeMn matrix. Apart

from this, using Ag to add a noble phase, is a much more economic option than

Pd for instance.

In a series of articles, Sotoudeh Bagha et al. [131] added 1-3 wt.% Ag to

Fe30Mn and noted a decrease in corrosion rate from 2.61 to 2.31 mm/y based on

PDP tests in Hanks’ solution. However, they also noted an increase in density,

and in turn a decrease in surface area, with increase in Ag concentration. In fact,

with similarly dense coupons processed from nanostructured powders, the same

test indicated an increase in corrosion rate from 0.25 to 0.58 mm/y for Fe30Mn

and Fe30Mn3Ag respectively [111]. Dargusch et al. [132] also tested the addition

of 1 wt.% Ag to powder-processed Fe30Mn in the same solution and continued to

confirm that FeMnAg tends to corrode faster than FeMn. The authors empha-

sised that while weight loss measurements following a 30 day immersion period

indicated a similar trend, the corrosion rates calculated were much lower than

those derived from PDP tests. Caligari Conti et al. [133] had already made

this observation in a previous study where they studied the effect of adding 2
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(a) (b)

Figure 2.9: SEM micrographs of FeMnC5Ag (a) before and (b) after 38 h of EIS
testing [134].

to 5 wt.% Ag to Fe30Mn, also through powder metallurgy. Whereas when PDP

testing in Phosphate Buffered Saline (PBS), the corrosion rates for FeMn(2-5)Ag

were around 6 times those for FeMn, there was no statistically relevant difference

between the corrosion rates calculated following a 14-day immersion test.

The addition of 5 wt.% Ag to Fe22Mn0.6C processed using SLM was studied

mainly via EIS testing by Wiesener et al. [134]. Analysis of the surface clearly

showed that the Ag-rich phase was cathodically protected while the FeMn matrix

closest to the same phase showed distinctly more aggressive dissolution as the

FeMn further away got progressively more decoupled from the cathode driving

the anodic reaction. This was also observed by Dargusch et al. [132]. Micro-

gaphs of FeMnCAg before and after electrochemical testing are shown in Figure

2.9. Higher activity near the Ag-rich phase however, led to facilitated deposition

of protective oxides and phosphates on the area resulting in early deactivation

of its cathodic capacity. The higher total impedances measured for the FeMnAg

alloy when compared to FeMn also confirmed this [134]. Similarly, when adding

0.6-1.2 wt.% Ag to Fe30Mn6Si, Babacan et al. [135] indicated that although

the inclusion of Ag increased corrosion current densities with respect to Fe30Mn,

higher concentrations led to a rapid decrease in current density due to precipita-

tion of AgCl on the Ag-rich surface, which reduces its activity, as indicated by

Čapek et al. [85] with Fe2Ag.
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Liu et al. published work on the study of vacuum-melted FeMnAg alloys

and proposed Fe30Mn5Ag for further study due their superior mechanical and

degradation characteristics when compared to other tested formulations (0-10

wt.% Ag) [136]. They were the first and only group to label the cathodic Ag-

rich phase as Ag3Fe2. ICP-OES testing of the Hanks’ solutions used in a 14-

day immersion test also interestingly revealed, that Mn ions were much more

abundant in solution as opposed to Fe ions, which the authors indicated were

used in the formation of insoluble Fe-based corrosion products.

The principal works that disputes the corrosion accelerating ability of Ag, are

the recent studies by Loffredo et al. [137, 138] on cold-rolled Fe16Mn0.7C0.4Ag.

Both electrochemical and long term (180 days) immersion tests indicated that

there were no appreciable differences in the corrosion behaviour of FeMnCAg

and FeMnC alloys. In their first study, contrary to general assumption, they

observed pits on the surface of FeMnC following 14 days immersion, whereas the

FeMnCAg alloy remained relatively smooth. They attributed this observation

to a potentially accelerated corrosion reaction upon immersion, which rapidly

passivated the surface to an extent [137]. However, further studies showed that

both FeMnC and FeMnCAg alloys followed a similar pattern of relatively fast

corrosion rate during the first 2 months, at which point predominant MnCO3

corrosion products give way to a thin dense layer of phosphate-rich products

which reduce the corrosion rate to a stable near-nil level during the consequent

4 months.

2.1.3.2 Surface modifications and coatings

Over the years, other techniques like ion implantation and micro-patterning

emerged, allowing for a secondary phase to be present up to a few nanometers

to micrometers from the surface of the Fe coupon. Huang et al. [139] achieved

encouraging results when ion implanting Ag in Fe, whereas Cheng et al. [50] and

Huang et al. [49] reported accelerated and macroscopically uniform degradation

when surface patterning using Au and Pt respectively. The issue with this ap-

proach is that the microgalvanic effects only last as long as the integrity of the
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surface layer allows [49, 139] apart from the fact that the processing technique is

often limited to application on flat or relatively simple geometries.

When it comes to applying coatings to Fe-based metals especially for or-

thopaedic applications, the vast majority of studies involve bioceramic coatings

aimed at creating improved bioactivity. However, hydroxyapatite-like materials

as coatings has not had positive effects on corrosion accleration [140, 141]. Oth-

ers suggested the use of a sputtered gold layer to enhace degradation [142]. The

best results have been achieved by biodegradable polymer coatings. Iron coated

with poly(lactic-co-glycolic) acid (PLGA) [143], polylactic acid (PLA) [144, 145]

and polyethyleneimine (PEI) [146, 147] have all led to corrosion rate increases.

In general, polymer hydrolysis tends to result in locally lowered pH that could

accelerate Fe dissolution or dissolve formed corrosion products including iron hy-

droxides, leading to less hindered charge transfer [143, 144].

Naturally, this is not a comprehensive overview of the work done on surface

modification and coatings. A more detailed overview could be found in published

reviews including [41, 45, 48, 148].

2.1.4 Influencing factors on degradation behaviour

Having primarily seen the influence of alloying elements on the corrosion be-

haviour of Fe-based alloys, it is also worthwhile to analyse the effects of other

influences that are less often reviewed in existing publications.

While cross-publication correlations can be made in the coming sections, the

review is more focused on work wherein the impact of specific parameters were

studied by a single group of investigators so as not to overlook other potential

testing factors that may have a measurable sway over the results.

2.1.4.1 Effect of processing technique

The influence of grain boundary area on the corrosion behaviour of pure Fe has

already been touched on in Section 2.1.1 wherein the conflicting conclusions of

Obayi et al. [55] and Carluccio et al. [57] were presented. In general, it is agreed

that grain boundaries tend to lead to accelerated degradation due to associated

higher energy levels. However, whereas Carluccio et al. noted that corrosion
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rates were higher for SLM and Laser Metal Deposited (LMD) samples which had

higher grain boundary area compared to cast Fe, Obayi et al. showed that larger

grain boundary areas led to slightly decreased corrosion rates in both PDP and

static immersion tests. The latter attributed this to the faster initial degradation

of fine grained samples leading to early onset of a “barrier” effect by accumulated

metal oxides.

Elemental distribution is another aspect that is highly dependant on the pro-

cessing parameters. Dehestani et al. [110] used coarse (30-200 µm) and fine (<

44 µm) Fe mixed with Mn to prepare pressed and sintered Fe30Mn coupons. Due

to relatively large diffusion distances involved with the use of coarse Fe powder,

the samples failed to form a complete FeMn solid solution leading to ferritic grain

cores with austenitic shells which contrasted with the homogenous austenitic mi-

crostructures formed when using fine Fe powder. The biphasic microstructure in

the former coupled with higher porosity due to less efficient sintering, resulted in

corrosion rates of 1.36 ± 0.09 mm/y as opposed to 0.29 ± 0.05 mm/y. Kupková

et al. [109] observed the exact same “onion-like” microstructure in Figure 2.10

when preparing sintered Fe(25, 30, 35)Mn samples which led to similar results

with Fe-rich cores degrading preferentially. However, such elemental segregation

is not solely possible in pressed and sintered metals. Shuai et al. [108] showed

very similar microstructures with SLM-processed Fe25Mn. Despite ball-milling

the FeMn powders for 2 h prior to SLM, which should in itself have homogenised

the mixture, heavy segregation led to some areas in the microstructure having

only 2.6 wt.% Mn. Although the authors did not provide a specific explanation

for this segregation, it is likely that the fast laser scanning speeds of 3 m s−1

Figure 2.10: “Onion-like” microstructures of sintered Fe25Mn, Fe30Mn and
Fe35Mn with Fe-rich cores and Mn-rich outer layers [109].

40



2.1 Corrosion performance of Fe-based alloys

could have led to this effect as well as uncharacteristically large pores. In fact,

Liu et al. [149], observed similar Fe-enriched areas when preparing SLM-Fe20Mn

using various speeds between 700 and 900 mms−1, but not at the comparatively

low 600 mms−1. Once again in this case, higher laser scanning speeds led to in-

creased porosities as well as high stresses induced due to fast cooling, which also

elicited the formation of a higher amount of a second non-equilibrium phase, α’-

martensite. As is often the case, in this study, biphasic structures also exhibited

higher icorr values.

Internal stresses were also commented on by Moravej et al. [39] when testing

electroformed Fe. Annealing of the electroformed coupons reduced some of the

stresses induced from fast cooling of the part and resulted in lowered corrosion

rates as measured in multiple immersion tests. One must mention that annealing

also caused the average grain size to increase from 4 µm to 6 µm which might

have also played a role in reducing the corrosion rate due to decreasing grain

boundary area.

However, rapid cooling rates are not the only cause for induced stresses. Vary-

ing studies with contrasting outcomes were published related to the effects of

internal stresses caused by cold work. The corrosion rate of Fe15Mn0.7C as mea-

sured from weight loss data by Loffredo et al. [137] increased with increase in

cold work from 0 to 50%. Interestingly, the addition of just 0.4 wt.% Ag removed

any influence of cold work on the corrosion rate. No statistically significant differ-

ences in PDP and weight loss data were reported in another study on Fe14Mn1C

wherein the influence of up to 20% cold work was investigated [150]. In this case,

no phase changes or drastic changes in grain size were recorded as a consequence

of cold work, which might have had something to do with the lack of observed

changes in corrosion behaviour. In another study 77% cold work of cast Fe20Mn

led to a 43% decrease in PDP corrosion rate, however the authors did not provide

a clear indicator of what could have caused this rather unexpected result [151].

On the other hand, the same study suggested that strains induced from simple

machining operations such as turning during sample preparation, also has an in-

fluence on the corrosion rate. In fact, oxides generated due to degradation at the

machined surface, were much finer grained compared to the core of the coupon,
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(a) (b)

Figure 2.11: Corrosion rate evolution of (a) Fe30Mn with varying porosity im-
mersed in α-MEM [152] and (b) Fe35Mn with varying porosity immersed in 5%
NaCl and SBF [153].

which eventually resulted in destabilisation of the corrosion product layer during

immersion tests, followed by an increase in corrosion rate after 50 days.

With sintered samples, porosity has also been shown to increase internal

stresses in the material. Huang et al. [152] prepared porous Fe30Mn with vary-

ing percentage porosity and detected higher concentrations of stress induced α’-

martensite with increase in volume porosity. In this case, the higher corrosion

rate exhibited by more porous samples could be partially attributed to microgal-

vanic corrosion, but also to the increased surface area resulting from the higher

percentage porosity.

Irrespective of processing method and testing conditions, higher surface area

in general leads to more metal exposed to the testing electrolyte [105, 152–156].

What is often observed when surface area is the primary cause for faster degra-

dation, is that it is only effective in the first few days of in vitro testing, as shown

in multiple immersion testing studies with different testing conditions [152, 153].

After a certain number of days, the corrosion rates decrease and converge irre-

spective of the original sample porosity, as illustrated in the plots in Figure 2.11.

However, Zhang et al. [153] also commented on the stability of corrosion products

on highly porous surfaces, mentioning that corrosion products on Fe35Mn sam-

ples with around 48.2% porosity tended to “lose intactness” as opposed to those
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present on 27.3% porous samples - a characteristic that could lead to sudden

increases in corrosion as the freshly corroded metal is once again exposed.

An aspect that is rarely discussed is the influence of contaminants or oxides in

the samples, especially with powder processed materials when containing Mn or

other oxygen-sensitive constituents. MnO for instance, is a very stable oxide that

is often difficult to eliminate from sintered FeMn alloys, as described in more detail

in Section 2.2.2.1. Hermawan et al. [105] studied how MnO inclusions evolve with

cold work and theorised about the potential cathodic role of such inclusions in

Fe-based microstructures. There is no current literature available that indicates

the specific influence of MnO inclusions on the corrosion rate however many have

overlooked its presence in their materials and its potential impact on their results,

sometimes even mislabelling MnO peaks in XRD data [107, 108, 110].

2.1.4.2 Effect of testing electrolyte

The logistical difficulties of carrying in vivo testing has made in vitro corrosion

testing indispensable in screening proposed materials and identifying potential

modifications for further development. However, decades after the emergence of

the biodegradable metals field, researchers are still faced with a complete lack

of testing protocols. While this applies for all testing variables, this section em-

phasises the influence of the electrolyte on testing outcomes. As mentioned when

discussing the influence of processing parameters, this lack of standardisation

means that reliable comparisons could only be made within work carried out by

individual groups. Values lose most of their meaning when they are a result of

any number of variable parameters.

2.1.4.2.1 Typically used electrolytes and additional constituents

The list of commonly used electrolytes for in vitro testing can be split in three

main categories.

Simple saline solutions are NaCl solutions, most often with a NaCl concentra-

tion of 0.9 wt.%, known as physiological saline. This formulation is widely known

to be both highly aggressive and too simplistic to represent the in vivo environ-

ment. More complex saline solutions like Ringer’s and Phosphate Buffered Saline
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(PBS), contain other chlorides and in some recipes, HCO3
-. In their simplicity,

such electrolytes are generally most useful for comparing the behaviour of mate-

rials and excluding the influence of precipitates or complex interactions between

ions originating from the metal and from the electrolyte [42].

More regularly encountered in literature is the use of Simulated Body Fluid

(SBF), the recipe of which varies considerably from one study to the other, even

when referred to with a more specific name like Hanks’ Balanced Salt Solution

(HBSS) or Earle’s Balanced Salt Solution (EBSS). In contrast to saline solutions,

SBFs may also contain HCO3
-, the HPO4

2-/H2PO4
- pH buffer system, Ca2+ and

SO4
2-, synthetic pH buffers and glucose [42].

Even more complex solutions are cell culture media. While the inorganic

constituents of these solutions are similar to those found in SBFs, cell culture

media contain bio-relevant organic molecules that allow cells to grow in biological

research. Due to these organic molecules, the susceptibility of these solutions to

microbial infestation is very high, limiting their use in non-sterile conditions to

a few hours. Using antibiotics could help prevent microbial growth however one

must keep in mind that even antibiotics could effect ongoing reactions, as was

found for Mg [157]. While the most complex media, may seem to be the most

representative of the in vivo environment, Mei et al. [158] studied the individual

influence of typical inorganic and organic ions found in these solutions and noticed

little correlation between changes in corrosion rates of Mg and organic molecules

in their usual concentrations. On the other hand the combined effect of Ca2+,

HPO4
2- and HCO3

- present in most SBFs, strongly decrease the corrosion rate of

Mg, whereas the absence of either one of these three favours accelerated corrosion

[75].

Another aspect of testing electrolytes that has been studied in detail for Mg

and its alloys, relates to pH buffering systems. HEPES and Tris/HCl buffers

have both been proven to accelerate the corrosion of Mg in multiple publications

[157, 159]. Apart from interacting with OH- and Mg2+ ions, delaying precipita-

tion of protective phosphates, carbonates and oxides, localised pH measurements

revealed that the pH is not actually buffered by HEPES and Tris/HCl, neither

at the corroding surface, nor in the bulk [73]. When testing Zn, Wang et al.

[160] and Liu et al. [161] both found that HEPES and Tris buffers successfully
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control the pH close to the corroding surface but interfere similarly with the ions

in solution, and therefore are still not ideally used.

In reality, the system that matches the pH buffering employed by the body,

is the bicarbonate buffer system (HCO3
-/CO2) [42]. This operates according to

Le Chatelier’s principle wherein the bicarbonate in the electrolyte balances the

carbonic acid (reaction 2.22) formed through the reaction of dissolved CO2 with

H2O, as shown in reaction 2.21.

CO2 +H2O ↔ H2CO3 (2.21)

H2CO3 ←→ HCO3
− +H+ (2.22)

The choice of electrolyte is generally a compromise between practicality and

its relevance for a study on a particular application when combined to other

testing parameters. Nevertheless, the influence of electrolyte components on the

degradation of Fe and Fe alloys is much less explored compared to the hundreds

of publications on the subject related to Mg [42].

2.1.4.2.2 Influence of electrolyte components

As shown multiple times with Mg, Zhang et al. [154] confirmed that Fe also

corrodes faster in saline solutions compared to SBFs. However, while there was

a clear difference between the two in the first few days from immersion, the

corrosion rates in both electrolytes seemed to converge over the 7 day immersion

test as corrosion products accumulated on both surfaces. Gebert et al. [117]

did not carry out weight loss measurements to back this result however they

also measured higher corrosion rates for Fe30Mn1C in physiological saline when

compared to Ca-containing SBF, using PDP measurements. In any case, both

deemed the saline solution to be too unrepresentative to be used in further testing.

Mouzou et al. [162] published one of the very few studies on the impact

of specific changes within the formulation of SBF on degradation of Fe alloys.

In their study, cast Fe20Mn1.2C was immersed for 14 days under cell-culture

conditions (37°C, 5% CO2) in a commercial Hanks’ solution (commHBSS) and

a modified Hanks’ solution (modHBSS) wherein the latter contained Ca2+ ions
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and the concentration of sodium bicarbonate (NaHCO3
-) was an order of mag-

nitude higher than in commHBSS. For an undisclosed reason, modHBSS was

also supplemented with HEPES buffer, making the exact influence of Ca2+ and

the additional bicarbonate, somewhat more difficult to ascertain. The combined

effect of the changes in modHBSS led to a corrosion rate of 0.115 mm/year com-

pared to 0.165 mm/year for commHBSS. FeOOH was detected on both corroded

surfaces however the principal reason for the lowered corrosion rate in modHBSS

was attributed the the higher precipitation of MnCO3 on the metal surface in

this electrolyte. Due to the much higher concentration of HCO3
- in modHBSS,

the solubility limit of carbonates in the solution was exceeded leading to easier

precipitation of such products in modHBSS providing the famous “barrier” effect

for further degradation. The influence of Ca2+ and HEPES presence in modHBSS

was not specifically commented on.

In literature, the use of such a high concentration of bicarbonate, is not par-

ticularly common and that is reflected in the few times that authors list MnCO3

as one the corrosion products. In fact, the only other times that evidence of a

significant amount of MnCO3 was detected on corroded surfaces was in studies

by Loffredo et al. [137] and by Gambaro et al. [118] in which various FeMnC

alloys were tested using the same exact immersion testing parameters used by

Mouzou et al. [162] in the previous example. Gambaro et al. also mentioned the

presence of Fe and Ca on the products labelled as MnCO3 indicating that they

could actually be (Fe,Mn)CO3 with some Ca ions substituting the other metal

ions. All three carbonates share very similar XRD patterns [118].

Mn carbonates were also detected by Dong et al. [163] when testing pure Fe,

Mg and Zn in Dulbecco’s Modified Eagle Medium (DMEM) which also typically

contains a high concentration of carbonates (approx. 1.5 g L−1). No carbonates

were detected in Tris/HCl-buffered SBF in the same study. Somewhat unexpect-

edly, DMEM seemed to be a less aggressive medium compared to the SBF when

testing the Mg and Zn coupons but not much difference in degradation was mea-

sured for pure Fe in both electrolytes over the 28-day testing period. In fact the

degraded surfaces, shown in Figure 2.12 were very similar, as was their elemental

constitution. The authors attributed this to the stronger electrostatic attraction

that exists between typical Mg and Zn oxides/hydroxides and the amino acids

46



2.1 Corrosion performance of Fe-based alloys

(a) (b)

Figure 2.12: SEM micrographs of pure Fe surface after a 14 day immersion test
in (a) Ca-containing SBF and (b) DMEM [163].

present in DMEM which might have caused better “barrier” properties. How-

ever, in another study where DMEM was used as corrosive medium, barely any

corrosion of Fe20Mn was observed in the first 50 days from immersion, suggesting

otherwise [115]. One should note that this might have been affected by the rather

small volume of testing solution used as the authors chose to immerse their sam-

ples in 0.5 mL and replace the medium every 2 days. Others have noted lowered

corrosion rates in similar media, like Huang et al. [152] when testing Fe30Mn in

Minimum Essential Medium (MEM) compared to typical SBFs, however did not

really comment on what were the main affecting factors.

Despite the occasional use of synthetic buffers [162], no one has really stud-

ied their influence on corrosion reactions and kinetics with regards to Fe alloys.

Schinhammer et al. [164] used a custom setup including a pH electrode coupled

with a CO2 controller to actively control the balance in equation 2.22. The setup

worked very well in buffering the pH around the corroding Mg alloy, WZ21. The

metal in Tris/HCl and HEPES-buffered Ca2+-containing SBF, with rather poor

control of pH, corroded significantly faster than in CO2-buffered SBF. Interest-

ingly, the metal in contact with Tris and HEPES-buffered SBF also corroded

faster than that immersed in unbuffered PBS. Not only did the latter maintain

its pH closer to the ideal 7.4 value but it did not contain components that tend to

precipitate protective products, as explained in Section 2.1.4.2.1 and was there-

fore expected to corrode faster than any Ca2+-containing SBF. Schinhammer et
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Figure 2.13: icorr values for Fe30Mn1C immersed in SBF, TBS (Tris-buffered
saline), varying NaCl concentrations and varying pH of 150 mM NaCl [117].

al. also tested pure Fe in CO2-buffered pH but did not compare its performance

compared to a sample in unbuffered electrolyte, rather comparing to values pro-

vided by Moravej et al. [165], limiting the relevance of the comparison. However,

in another study, the authors showed that EIS measurements of Fe21Mn0.7C1Pd

corroding in HEPES-buffered SBF exhibited only one time constant as opposed

to the two-time constant scenario typically observed in SBF, indicating a clear

influence of HEPES on the corroding system [166].

Gebert et al. [117] also compared the PDP corrosion rates of Fe30Mn1C in

physiological saline with Tris-buffered physiological saline. As presented in Figure

2.13, the metal corroded faster in the buffered solution potentially indicating that

buffers also interfere with formation of protective oxides/hydroxides by interact-

ing with OH-, as for Mg-alloys. Figure 2.13 also shows the somewhat obvious

correlation with NaCl concentration and the relationship to pH. The latter high-

lights how the corrosion behaviour could shift in badly buffered solutions.

On a related note, Qi et al. [145] also performed an in-depth study on the

influence of pH on the dominant corrosion reactions, especially as a function of

the dissolved oxygen (DO) concentration in the electrolyte. As was presented in
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(a) (b)

Figure 2.14: (a) Modified Fe-H2O Pourbaix diagram to represt the biomimetic
environment at 37°C with blue plots showing experimental Ecorr data for Fe in
Hanks’ solution at different pH values and (b) icorr values for pure Fe tested in
normoxic and deareated Hanks’ solution at different pH [145].

initial chapters of this review, the DO concentration could easily be the limiting

reaction for the dissolution of Fe. However, few have performed degradation

analyses with DO in mind, as opposed to Mg alloys [42, 69, 167]. In their study,

Qi et al. first modified the Fe-H2O Pourbaix diagram to reflect the physiological

environment at 37°C which resulted in lowering of the H+/H2 line as shown

in Figure 2.14a. Experimentally measured electrode potentials of Fe in Hanks’

solution are plotted in blue stars on the same figure and indicate that below an

approximate pH value of 5, the likelihood of the redox reaction 2.23 increases

significantly.

Fe+ 2H+ → Fe2+ +H2 (2.23)

In fact, the corrosion current density of pure Fe in normoxic i.e. containing a

typical O2 concentration (measured 8 mg L−1 O2) Hanks’ solution exhibited an

approximate linear increase with decrease in pH. On the other hand, in deareated

(0.5 mg L−1 O2) Hanks’ solution, there was a sudden increase in current density

below a pH of 4.8, as the limited corrosion due to lack of DO was overcome
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by the evolution of H2, as shown in Figure 2.14b. Not only is the dissolution

of Fe encouraged at lower pH, but hydroxides like Fe(OH)3 and Fe(OH)2 and

also several phosphates including Ca/P products are also unstable preventing the

barrier effect from taking place.

2.1.4.2.3 Additions of protein

One way in which in vitro testing environments could differ significantly from

in vivo environments, is the presence of proteins. While proteins are present in

abundance in both cardiovascular and orthopaedic environments, the influence of

proteins on the degradation of biodegradable metals is far from understood. Up

till now, researchers have agreed that the main three ways in which protein influ-

ences degradation is through adsorption and electrostatic interactions, chelation

(especially of metal cations) and pH buffering. However the mechanisms in which

these take place in specific situations are still being investigated [75, 168].

Literature discussing the influence of protein on Fe-based alloys is rather lim-

ited. In an early study, Wagener et al. [169] noted no difference in PDP curves for

Fe immersed in SBF (with Ca2+) and the same SBF with 10 g L−1 Bovine Serum

Albumin (BSA). However, they noted that there seemed to be less Ca/P product

precipitation on samples tested in BSA. Quite contrarily, Mardina et al. [170]

noted a Ca-rich layer on the sample tested in solution containing 20 g L−1 BSA

and no products at all on the samples tested in protein-free electrolyte after 40

days of static immersion. Despite this observation, the corrosion rates calculated

in this experiment yielded no statistically significant difference between corrosion

rates of samples tested in the two solutions. Oriňaková et al. [147] used the same

concentration of BSA to test pure Fe in protein-containing HBSS (with Ca2+). As

illustrated in Figure 2.15, testing in protein led to significant pitting as opposed

to relatively uniform corrosion in protein-free HBSS. The authors attributed this

effect to “complexation” (or chelation) of Fe with BSA leading to enhanced metal

dissolution.

Published studies relating to testing of FeMn alloys in protein are even more

scarce. Caligari Conti et al. [150] tested wrought Fe14Mn1.2C in Ca2+-free SBF

and 1 g L−1 BSA, Mouzou et al. [162] tested Fe20Mn1.2C in DPBS (Dulbecco’s
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(a) (b)

Figure 2.15: Schematic representation of degradation process of Fe in (a) HBSS
and (b) HBSS with 20 g L−1 BSA addition according to Oriňaková et al. [147].

Phosphate Buffered Saline) and 1 g L−1 albumin, whereas Huang et al. [171]

tested wrought and SLM-processed Fe22Mn0.6C in HEPES-buffered SBF with

10 g L−1 BSA. The studies reported drastically different results. The first study,

like Wagener et al. [169], reported no differences observed during PDP testing.

Weight loss measurements after 14 days of immersion on the other hand indicated

that samples tested in protein lost half the weight lost by those tested in simple

HBSS, suggesting lower corrosion rates in the presence of BSA. One should note,

that in this study the corrosion products were not chemically removed and there-

fore the weight measured included any adherent oxides, precipitates or protein.

Mouzou et al. [162] claimed that the corrosion rate of Fe20Mn1.2C after 14 days

immersion was essentially equal to zero, implying that the presence of albumin,

protected the metal. Contrastingly, when testing in 10 g L−1 BSA, Huang et al.

noted lower and more stable impedance values in SBF using EIS, indicating faster

corrosion rates over the first 24 hours in the presence of protein. Like Wagener

et al. [169], they also noted less Ca/P-product formation in BSA, which comple-

ments the fact that the mid-frequency time-constant (which is generally related

to protective product formation), was completely suppressed in BSA-containing

electrolyte. By observing changing impedances at 0.1 Hz (i.e. at low frequency),

the authors suggested that protein seemed to encourage corrosion upon immer-

sion, but as it starts to adsorb to the metal surface, it serves as a barrier for

further dissolution.

Due to the well known fact that albumin could alter corrosion mechanisms

via adsorption, this phenomenon is often used to justify lowered corrosion rates.
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Table 2.1: IEP for typical Mg and Fe-oxides as well as albumin (BSA) and
lysozyme (LYS) [169].

However only Mardina et al. [170] following addition of 20 g L−1 BSA, confirmed

the presence of albumin adsorbed to the Fe surface using Fourier Transform In-

frared Spectroscopy (FTIR). Oriňaková et al. [147] on the other hand did not

detect protein using either XPS or Raman despite using the same protein concen-

tration. Wagener et al. [169] aimed to provide an explanation for varying albumin

adsorption after measuring much less nitrogen1 on Fe tested in BSA-containing

solution, compared to Mg. They refer to the isoelectric point (IEP)2 of typical

surface oxides for both metals as well as the IEP for albumin and lysozyme (LYS).

A substance with an IEP lower than the pH of the surrounding solution, would

typically have an overall negative charge, and vice versa. Therefore, when consid-

ering the information presented in Table 2.1, it follows that in a solution with a

pH of around 7.4, BSA would be strongly negatively charged, whereas typical Mg-

oxides would be strongly positively charged, encouraging rapid adsorption. The

difference between IEPs is much less considerable when considering Fe-oxides,

which could explain why little to no BSA is generally detected in post-test anal-

yses. The opposite could be said for the interaction of Fe- and Mg-oxides tested

in LYS, where the protein is likely to adsorb more easily to Fe-based surfaces,

as also confirmed by Wagener et al. in their study. Moreover, adsorption could

be hindered by active anodic dissolution, which is probably why PDP curves,

especially anodic curves, rarely show any signs of protein influence [150, 170].

Studies related to the testing of Zn and Mg in protein-containing solutions

could further indicate how protein could influence the corrosion of Fe alloys. Dong

et al. [175] studied the effect of varying BSA concentration from 1 to 6 g L−1 in

1Relative high atomic % of nitrogen and intensity of amide bands in XPS are techniques
generally used to confirm presence of protein [172, 173]

2Also known as the isoelectric point (pI) and refers to the pH at which the molecule of
interest has a net zero charge [174].
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SBF when testing pure Zn. The authors measured higher polarisation resistances

with time with increase in BSA content, using EIS. As mentioned with other

studies, Ca/P-product precipitation seemed to be inhibited in protein-containing

solutions leading to corrosion product layer thickness that were 10-20 times lower

than in normal SBF. Dong et al. hypothesised that the negatively charged BSA

adsorbed to the surface of the corroding Zn leading to occluded conditions that

encouraged pit formation. Despite the use of similar concentrations of BSA, Liu

et al. [176] reported very different results when testing Zn in PBS. In their study,

an increase in BSA led to lowered charge transfer and corrosion layer resistance.

Unlike Dong et al. they made no reference to pitting corrosion, and instead

suggested that increasing the protein content affected the density of the adsorbed

layer leading to less compact and hence less protective layers.

Similar to Liu et al. [176], Harandi et al. [172], used PDP and EIS to show

that resistances could be 5 times lower in HBSS with 40 g L−1 BSA compared to

HBSS when testing pure Mg. Based on EIS modelling over time, they showed

that slow increases in resistances potentially indicate slow adsorption of BSA

to the corroding surface in the first hours following immersion, while eventual

decreases in resistance could be related to chelation of corrosion products by

amino acid groups in the BSA molecule, which disrupt the corrosion product film

and accelerate corrosion. Once again, other studies provide drastically different

results. Mei et al. [75] studied the same materials in the same electrolyte and

indicated that chelation of Ca2+ ions upon immersion results in relatively fast

corrosion rates at the beginning, but as precipitation of phosphates commences,

the degradation slows down.

To summarise, there seems to be two main factors that contribute to the

effect of protein on metal corrosion. Adsorption and chelation, as noted in this

section, are often part of the discussion when protein is concerned. However

the primary influencing factor is the time-dependant effect, relating to which

there seems to be a lot of conflicting theories; either protein inhibits corrosion at

the start and eventually the corrosion products are destabilised by the chelating

capability of the protein [169, 172, 175], or corrosion is accelerated at the start

but slow adsorption leads to a strengthened barrier-effect with time [75, 171].

The second factor, is the concentration effect. Here, cited studies indicate that

53



2.1 Corrosion performance of Fe-based alloys

increasing concentration leads to increased resistances [175] whereas other studies

claim that low quantities leads to a stable dense barrier formation, but increasing

the concentration leads to an unstable adsorbed layer which facilitates corrosion

[173, 176]. The latter was confirmed when testing with 0.1 and 10 g L−1 BSA in

physiological saline [173].

Other testing parameters also leave a significant impact on the influence of

protein. For instance, Mei et al. [75] noted that surface-to-volume ratio, flow of

solution, refreshment of static immersion testing solution and albumin source all

also have significant effects on measured corrosion metrics. What must also be

recognised, is that sterile testing conditions are considered a must when conduct-

ing long-term testing with protein, due to the high probability of microbial growth

in non-sterile conditions [75]. The latter could lead to microbially-influenced cor-

rosion (MIC) due to altered electrochemical processes at the metal surface for

instance leading to pitting corrosion [177]. Once again, the specific influence of

bacteria and/or biofilms on the corrosion mechanism of Fe and Fe-based alloys,

has not been investigated in detail thus far.

2.1.4.3 Other influences on testing outcomes and analysis

Many reviews have somewhat erroneously compared corrosion rates obtained

from PDP and from weight loss measurements. However, many have consis-

tently obtained considerably higher corrosion rates from PDP measurements

[107–109, 137, 152] with comparable corrosion rates from both tests being the

exception [107, 150] and often the result of some other testing influence. In truth,

the testing method also affects the dominant corrosion mechanism. Whereas with

PDP tests, the surrounding environment shifts according to the reactions being

forced at the surface by applying an overpotential, in immersion tests the mate-

rial generally has the time to affect the changes in its surroundings depending on

its freely corroding condition. In fact, the influence of the “barrier” layer that

typically accumulates with time at the surface during immersion testing is rarely

discussed when PDP testing is concerned. Nor is localised corrosion like pitting

or crevice corrosion ever induced due to the accumulated products, but rather
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due to existing defects or features that make the material susceptible to such a

mechanism [113].

To provide a specific example, Čapek et al. [113] carried out both PDP and

weight loss measurements on hot-forged Fe30Mn. Whereas the icorr of Fe30Mn

from PDP tests was an order of magnitude higher compared to the icorr for pure

Fe, the corrosion rate for Fe30Mn as measured from weight loss measurements was

about 75% lower. Based on immersion tests carried out in unbuffered physiologi-

cal saline (0.9% NaCl), the authors noted that the corrosion of FeMn was giving

rise to a significant increase in pH (from 5.7 to 7.1) compared to the increase due

to Fe corrosion (from 5.7 to 5.8). A local increase in pH during immersion testing

would result in a high concentration of OH- that suppresses the cathodic reaction

while stabilising Fe(OH)2 and Fe(OH)3, among other protective products. These

events occur over a period of time that extends beyond typical PDP testing pe-

riods and are not likely to take place in a condition other than free corrosion i.e.

at OCP.

Interestingly, when using PDP to test solutions containing protein, the influ-

ences of protein adsorption onto the metal surface that is often discussed with

immersion testing in such electrolytes, is not evident [150, 170, 175]. Whereas

some have claimed that adsorption takes place upon contact with the testing

solution, the high rate of metal dissolution that takes place during anodic polar-

isation, is likely to interfere with that same phenomenon.

Another aspect of immersion testing that has a significant influence on the

degradation, is the ratio of electrolyte volume to sample surface area. As a rule

of thumb, many studies have adopted the guidelines of the ASTM-G31 standard

[178] that indicates that a minimal volume per unit area of 0.2 mLmm−2 should

be used. In the instance of Čapek et al. [113] for example, while the points

above still stand, the authors used just 0.011 mLmm−2. Although the medium

was refreshed once a week, this was likely not sufficient for there to be enough

ions to prevent stalling of degradation. Nevertheless, this approach has been

used by other groups [123] and some also chose not to refresh the solution at all

[46, 162], certain studies not refreshing the solution over a period of 180 days [138].

Others use a very high volume-to-area ratio instead of refreshing the electrolyte

periodically [119, 132].
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(a) (b)

Figure 2.16: SEM image of Fe10Ag after a 30 day (a) static and (b) dynamic
immersion test in Hanks’ solution [84].

On a related note, immersion setups can be either static or dynamic, with

the latter being used mainly to simulate the flow of blood through arteries for

Fe-based alloys being tested for cardiovascular applications. In studies where the

two types of immersion tests were carried out on the same materials, dynamic

immersion consistently resulted in higher corrosion rates [39, 40, 83, 84]. When

testing Fe-Ag and Fe-Au alloys, the measured corrosion rates were twice as high

in dynamic immersion, resulting in surfaces that were visibly more attacked, as

shown in Figure 2.16. The most likely reason for this increase is due to the “flush-

ing” effect that takes place with the flow of fresh (or used) electrolyte exposing

fresh material and preventing or delaying corrosion products from settling on the

corroding surface. Moravej et al. [39] also mentioned that the pH of the solution

adjacent to the corroding surface also takes longer to increase when using a dy-

namic setup. In the case of Huang et al. [83], the dynamic immersion setup also

allowed the DO concentration to be controlled within the range 2.8-3.2 mg L−1,

providing consistent fuel within the bulk electrolyte for the cathodic reaction to

advance unhindered. This could not be said for certain in a static immersion

setup where local DO concentration could easily become exhausted.

Furthermore, weight loss measurements are based on the premise that the

corrosion products are fully removed from the metal sample - something that is
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not always done, or at least not specified, in certain publications [52, 55, 106, 111,

115, 137, 138, 150, 179]. When weight loss measurements are attempted, it is not

uncommon that there is a difficulty in removing the products chemically [78] or

that the authors mention the need to use a brush to gently scrub the surfaces clean

[78, 107, 107, 154, 180, 181]. In a review on corrosion studies with Mg, the authors

explicitly mentioned the difficulty of achieving accurate and reliable results when

cleaning the test samples in the commonly used chromic acid solutions. The

truth is that there is always a good chance that either the corrosion products

are not fully removed, or that the cleaning solution also partially attacks the

metal matrix [42]. While the ASTM-G1 standard [68] provides various cleaning

options for iron and iron alloys, one must keep in mind that the standard was

not necessarily developed with all potential alloy compositions in mind. To this

end, it is the author’s opinion that one should always carry out tests on blank

samples to acquire an indication of how the method employed affects the metal

underneath. To the authors’ knowledge, this measure has never been provided

in literature. Moreover, there are at least eight different methods that have been

used by various groups as summarised in Table 2.2, so one cannot assume that the

Table 2.2: Methods employed to clean corrosion products from iron-based alloys
prior to weight loss measurements.
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impact on the substrates in different articles, was similar. Further approximations

are carried out when testing porous samples. Since the equation used to calculate

the corrosion rate is inversely proportional to the exposed surface area (2.19),

having porous samples whose surface area is generally approximated to be equal

to the apparent area, could lead to significant errors in the presented values. With

porous samples, there is also an increased risk of incomplete cleaning, as methods

like brushing become increasingly difficult to carry out effectively. [39, 40, 51, 107, 110,

113, 114, 127, 153, 154, 162, 182, 183]

2.1.4.4 Degradation performance in vivo

Despite the importance of representative in vitro testing, in vivo tests remain the

most useful tests at indicating the material or device’s promise. The amount of in

vivo tests carried out on Fe-based alloys have so far been rather limited, however

there has been an encouraging increase in the past five years. One particular

study by Zheng et al. [184] has actually led to ongoing clinical testing of a drug-

eluting Zn and (poly-d-lactic acid)-coated Fe stent called IBS Titan� by Lifetech

Scientific [185, 186]. In vivo studies are crucial to take the understanding of

Fe alloy biodegradation to the next level. A list of notable in vivo studies and

corresponding observations are listed in Table 2.3. [37, 93, 96, 114, 132, 180, 182,

184, 187–192].

It has already been well established in this review, that varying in vitro testing

conditions can cause major changes to a materials’ degradation behaviour. In a

rigorous review related to studies on biodegradable Mg-based materials, Sanchez

et al. [193], mentioned how many have started to see a valid correlation between

in vitro and in vivo studies as “impossible” due to the myriad of affecting physi-

ological factors that cannot be effectively replicated in vitro. In their study, the

authors compared the corrosion rates derived from electrochemical, immersion

and in vivo testing in order to attempt to derive a correlation factor between in

vitro and in vivo tests, as shown in Figure 2.17. They concluded that for Mg-

alloys, in vivo degradation rate could be anywhere between 1 and 5 times lower

than in vitro corrosion rates.
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Figure 2.17: Comparison of average corrosion rates for various Mg alloys as
measured using electrochemical and immersion tests in vitro and in vivo testing
[193].

Although a similar analysis would be futile with the amount of existent in

vivo studies on Fe-based alloys, the findings summarised in Table 2.3 indicate

that a similar pattern is observed for Fe-based alloys. In general, the majority of

studies where barely any in vivo degradation was observed, followed promising

in vitro tests with accelerated degradation [96, 132, 180, 189]. In fact, positive

outcomes and lack of adverse reactions in in vivo tests are likely due to the

limited degradation observed, as initially postulated by Peuster et al. [37]. To

the author’s knowledge, at worst, the materials were deemed to be “mild local

irritants” [190].

Although most of the analyses following in vivo studies have been qualitative

in nature, some have attempted to discuss potential reasons for the seemingly

excessively slow degradation rates observed. The barrier effect caused by oxides

and phosphates, commonly described in in vitro tests, is a potential explanation

[114, 180]. The same barrier effect could also take place due to formation of fibrous

tissue which is actually commonly observed adjacent to permanent implants [96,

132].
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In a popularly cited study, Kraus et al. [180] implanted the materials exten-

sively studied by Schinhammer et al. [78, 119, 166, 194] in rat femurs. Barely

any degradation was observed following a 1 year implantation period and no

quantifiable difference was observed in the corrosion of Fe, Fe10Mn1Pd and

Fe21Mn0.7C1Pd despite the strong microgalvanic effect induced by Pd-rich inter-

metallics in vitro. The authors noted how access to O2 at bone implantation sites

could be severely limited, thus starving the cathodic oxygen reduction reaction.

It is interesting to note that the amount of O2 in blood is significantly lower than

the amount present in most solutions like Hanks’ solution, and therefore the cor-

rosion rate when testing in such solutions could even be an overestimation when

developing materials for cardiac applications [132].

In contrast to the work by Kraus et al., Dargusch et al. [132] actually noted a

difference in degradation behaviour between Fe35Mn and Fe35Mn1Ag implanted

subcutaneously in rats, by an approximate factor of two. The authors also re-

ported the first observation of gas formation in the study of Fe-based alloys for

biomedical applications. The amount generated was still significantly lower than

that typically observed during the degradation of Mg and its alloys and caused

no adverse effects. Dargusch et al. explained how acute inflammatory response

following the implantation procedure could lead to drops in pH to around 4-5.2

units, moving away from the typical in vitro testing pH of 7.4. The drop could in

turn shift the cathodic reaction to H2 as explained in Section 2.1.4.2.2 with the

help of the modified Fe-H2O Pourbaix diagram [145].

Despite the limited degradation, a number of studies have noted success-

ful bone integration within the implantation period [93, 96, 190–192] although

Traverson et al. [190] noted that it was difficult to determine whether increased

bone contact was due to new bone ingrowth or abutment of formed metal oxides

with adjacent bone.

These studies continue to highlight the necessity of standardising procedures

even for in vivo testing, keeping in mind different implant forms and sites of

interest. This should also include methods of measuring corrosion rates as well as

acceptable implantation intervals at which corrosion rates should be calculated

[193] since degradation rates cannot really be linearised for the reasons discussed

above.
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2.2 Processing using Powder Metallurgy

2.2.1 Overview

Processing methods of both metals and ceramics through the powder route, know

their beginning in the very first years of human civilisation. When it comes to pro-

cessing of Fe-based alloys for biodegradable applications, powder processing was

also one of the first techniques used in the preparation of test samples [100]. While

techniques like casting and forging are still used within the field, many look to-

wards powder processing particularly for the enhanced flexibility such techniques

often offer, both in terms of material composition and achievable geometries [48].

This section briefly introduces the principal sintering methods and modes that

are relevant to the field and which will be referred to throughout the review.

2.2.1.1 Solid-state sintering

Solid-state sintering is generally the term used when referring to the conventional

sintering process wherein pressure and heat are applied (not necessarily at the

same time) in order to create dense solids without reaching the materials’ melt-

ing point. This is achieved fundamentally due to a drive for reduction in surface

energy. This drive, allows for diffusional-flow of defects that result in various

clearly distinguishable sintering stages, represented in Figure 2.18. Interparticle

contacts are initially formed providing regions for consequent neck formation. As

the temperature increases, resultant interconnected pores become increasingly

Figure 2.18: Schematic representation of stages in solid-state sintering with
shaded gray areas representing pores [195].
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more isolated allowing for further pore volume reduction and grain coarsening

with time and temperature [195]. Depending on the specific material and pro-

cessing parameters, material can move through viscous or plastic flow depending

on crystallinity, vapour transport for materials with low vapour pressures, diffu-

sion along the surface or grain boundaries as well as bulk diffusion through the

grains [195, 196]. It is also important to note the impact of particle size on densi-

fication. Whereas finer particle sizes (< 40 µm) tends to lead to very dense parts

with high level of shrinkage, sintering of larger particles tends to stop at an earlier

stage such that further densification is realised through pore rearrangement, not

closure.

2.2.1.2 Liquid-phase sintering

Liquid-phase sintering refers to a scenario where a phase within the alloy be-

ing sintered, has a melting point that is below the sintering temperature being

used. In this case, the liquid flow will cause faster rearrangement of the alloy

constituents should capillary forces allow. Depending on the solubility of the

solid and liquid phases within each other as well as the equilibrium state of the

system at the melting point of the secondary constituent, further densification

will take place through formation of solid solutions or reprecipitation [196]. In a

scenario where the two constituents are practically immiscible, as in the case of

Fe or FeMn and Ag (melting point of 962°C [132]), the liquid phase will remain

within the region where it flowed until solidification [197, 198].

2.2.1.3 Pressureless sintering

In a situation where the powders are loosely packed and there are no external

forces encouraging contact between adjacent surfaces, the sole driver for densi-

fication, is the reduction of surface energy. This is referred to as pressureless

sintering [196]. Although often classified under solid-state sintering, liquid and

transient liquid phases can also assist with densification when employing pres-

sureless sintering. This densification is predominantly active in Fe-based foam

processing techniques like the replication method first suggested by Quadbeck

et al. [81, 183, 189, 199–203] and the TOPIF (Topologically Ordered Porous
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Iron Foams) technique developed by Sharma et al. [204]. Both methods will

be discussed in more detail in Sections 2.3.1 and 2.3.2. Due to the relatively

high surface areas involved in pressureless sintering, special considerations need

to be taken due to limitations related to the reactivity of the powders, as will be

discussed in Section 2.2.2.

2.2.2 Special considerations when using Mn powder

While powder-processing can be adventageous in a lot of ways, the use of Mn

powder to prepare FeMn alloys, makes processing significantly more complex. A

lot of what can be said about the use of Mn in powder-processed steels, has been

published by Andrej Šalak, a pioneer in the field of ferrous powder metallurgy.

After extensive studies on the potential use of Mn in steels as an alloying element

to replace other problematic elements like Cu and Ni, Šalak published his final

monograph entitled “Manganese in Powder Metallurgy Steels”, in 2012 [205].

This volume served as a principal reference in the review that follows.

2.2.2.1 Oxidation

Without a doubt the main issue that has limited the use of Mn in powder met-

allurgy steels is its high affinity to oxygen and the incredibly stable oxides that

it forms. The opposite characteristic is in fact what mainly drives metallurgists

to use more expensive Cu, Ni and Si in its place in the production of steels. This

section will outline the issues related to sintering of FeMn from a thermodynamic

point-of-view and ways in which oxidation may be tackled. However, one must

keep in mind, that most literature on the subject is not concerned with high

Mn concentrations as is typical in biodegradable metal research, but is generally

limited to approximately 13 wt.% as is used in Hadfield steels and much lower

concentrations [205].

2.2.2.1.1 Ellingham-Richardson diagram

The Ellingham-Richardson diagram in Figure 2.19 presents data based on ther-

modynamic principles. The diagram is a plot of ∆G, that is, the change in Gibbs’
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free energy measured in Joules (J), against temperature in which the plotted lines

represent oxidation reactions for metals reacting with one mole of O2 according

to equation 2.24.

∆G = ∆H − T∆S (2.24)

Figure 2.19: Ellingham-Richardson diagram showing the thermodynamic stabil-
ity of several oxides at a range of temperatures [206].
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Table 2.4: Equilibrium data for Mn/MnO in O2-containing gas mixture [205].

where ∆H is the change in enthalpy in J, T is the absolute temperature in K,

and ∆S is the change in entropy in JK−1. In general, reactions situated towards

the top of the diagram are related to more “noble” metals whose oxides are less

stable, whereas reactions towards the lower part of the diagram have more stable

oxides. With the incorporation of the nomographs1 on the side of the diagram

by Richardson, the diagram could further be used to determine the equilibrium

partial pressure PO2 , for a reaction at a temperature of interest by extending a

straight line from the graph origin (i.e. O at ∆G = 0) through the reaction line

at a specific temperature, towards the PO2 nomograph. The same could be done

with the H2

H2O
and CO

CO2
nomographs. By extending a line from the H and C origins

respectively, through the reaction line towards the corresponding nomograph, one

could estimate the equilibrium gas ratios to prevent oxidation.

When it comes to the FeMn system, the Ellingham diagram clearly shows that

Mn is the more problematic element of the two with a difference in equilibrium

PO2 of six orders of magnitude. Considering only Mn oxidation, the diagram

essentially points towards a set of atmospheric conditions2 that are next to im-

possible to achieve in practice for the disassociation of Mn oxides, as presented

in Table 2.4 [205, 207]. Published works on the subject have therefore focused

more on reducing the extent of oxidation and finding ways to reduce the oxides

formed.

1Graphical elements on the sides of the Ellingham diagram aimed for approximate calcula-
tions of atmospheric ratios.

2Dew point refers to the temperature at which the air becomes saturated with water vapour
and starts to condense [205].
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2.2.2.1.2 Influence of sintering atmosphere on oxidation and reduc-

tion of metal oxides

In view of sintering oxygen-sensitive elements like Mn, Šalak [205] explained the

twofold importance of the chosen sintering atmosphere. The flow of a protective

reducing gas

� reduces natural surface metal oxides allowing faster diffusion and neck

growth at the clean metal surface, unimpeded by barrier oxides and

� facilitates transportation of oxidative species and potential contaminating

delubrication products, away from the surfaces being sintered.

This leads to the question of what constitutes a protective atmosphere for an

FeMn alloy. As will be summarised in upcoming sections of this review, H2

and mixtures of N2-H2 are quite common when sintering FeMn based structures

because of the well known capacity of H2 to reduce a number of metal (Me)

oxides, including Fe-oxides according to reaction 2.25 [208].

MeO +H2(g) = Me+H2O(g) (2.25)

However, looking at the Ellingham diagram in Figure 2.19, one could also

see that reduction via reaction 2.25 is only thermodynamically favourable at

low temperatures. H2 reduction would not be as effective as direct or indirect

carbothermal reduction through solid carbon in the form of graphite or carbides

according to reactions 2.26 and 2.27. Both reactions are positioned lower on the

plot relative to the oxide formation reactions of interest [208].

MeO + C(s) = Me+ CO(g) (2.26)

MeO + CO(g) = Me+ CO2(g) (2.27)

In his work, Šalak claims that reduction of MnO is only possible through

formation of specific carbides as shown in reactions 2.28 and 2.29. Moreover,

these reactions could only take place at temperatures higher than 1280◦C.

5MnO + 7C = Mn5C2 + 5CO (2.28)
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2MnO +Mn5C2 = 7Mn+ 2CO (2.29)

De Oro Calderon et al. [209] used thermal analysis techniques to corroborate

Šalak’s claims. In their publications, the addition of 0.5 wt.% graphite results in

a step-wise reduction of MnO2 into Mn2O3 first, then into MnO and finally into

Mn when heated in an inert argon atmosphere. The DTA/TG-MS (Differential

Thermal Analysis/Thermogravimetry coupled with Mass Spectroscopy) plot pre-

sented in Figure 2.20, indicates that the first reduction stages at 611◦C and 897◦C

are accompanied by CO2 formation (m44 peaks) whereas the final reduction stage

of the highly stable MnO takes place at 1373◦C leading to the generation of CO

(m28 peak). At this point, the temperature is well above what is known as the

Boudouard equilibrium at approximately 720◦C [207], at which point any CO2

generated will preferentially react with C to form CO according to reaction 2.30

[208].

CO2(g) + 2C(g) = 2CO(g) (2.30)

While it is clear that carbothermal reduction of highly stable Mn oxides can

take place in Ar, use of H2 and N2-xH2 (x = 5 - 10%) mixtures remains quite

common to encourage early reduction of Fe oxides and facilitate the formation of

Figure 2.20: DTA/TG-MS analysis showing the reduction stages of MnO2 inter-
mixed with 0.5 wt.% C in Ar [209].
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interparticle necks at higher temperatures [207, 211]. Figure 2.21(a) shows a sim-

ilar scenario to that in Figure 2.20, where CO is detected at around 1195.4◦C due

to the reduction of a stable Mn-rich oxide by C in an Ar atmosphere. When the

same material is sintered in H2 one could observe an earlier peak associated with

H2O (m18 peak) detected at 412.2◦C resulting from the reduction of less stable

surface Fe-oxides, at a temperature at which reduction via H2 is most favourable.

That initial reduction of Fe oxides is associated with a slight weight loss that is

(a)

(b)

Figure 2.21: TG curves coupled with MS graphs of CO2 (m44) and CO (m28)
for reduction of Fe4Mn0.5C compacts sintered in (a) Ar and (b) H2 [210].
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immediately gained back. This is proof of what Šalak terms the “internal getter”

effect, experienced in steels mixed with elements that has a high affinity to O.

Even at this rather low temperature, Mn is highly reactive and readily oxidises

in the presence of H2O. It is also interesting to note, that most lubricants or

organic additives used during processing of metal powders, experience gaseous

decomposition around these temperatures as well, adding potential oxidative and

contaminating species in the atmosphere around the reactive Mn [205, 212]. The

next reduction peaks in Figure 2.20 only appear at 1116.6◦C and 1477.9◦C result-

ing in CO generation [210]. The initial CO peak would therefore be associated

with the reduction of surface Mn-rich oxides whereas higher temperatures are re-

quired to reduce oxides deeper within the compacts/particles, or “internal oxides”

[210, 213]. Since reduction of internal oxides is heavily dependant on diffusion

of oxygen through the present FeMn phase at such high temperatures, the tem-

perature at which the final reduction stage takes place is also highly dependant

on the density of the compacts or size of the particles [214]. It is also interesting

to note that processing in Ar, as in Figure 2.21 does not always show evidence

of reduction of surface Fe-oxides. It seems, that at temperatures were carbother-

mal reduction is favourable even to reduce Fe-oxides, the reactivity of Mn is at

a point where the products are instantly consumed to form more complex, often

spinel-type, FeMn-oxides [209]. Since oxygen is essentially transferred from one

metal to another, the TG does not show a loss or gain in weight.

Having recognised the importance of the atmosphere constitutents and posi-

tive impact of carbothermal reduction, Cias et al. suggested the use of an alter-

nate approach to sintering Mn-containing steels in a number of studies [215–217].

They suggested placing samples in a stainless steel box, covered by a smaller

overturned box and creating a glass-based seal that is activated at around 810◦C

in between, as shown in Figure 2.22. In this way, one could effectively create a

semi-sealed microatmosphere that is less favourable for oxidation and more likely

to reduce existing oxides and prevent decarburisation, irrespective of whichever

“wet” gas is present in the rest of the furnace. Cias et al. showed that when

using any carbon source, be it graphite within the compact or an organic product

like naphthalene (C10H8), the
CO
CO2

ratio using this approach would be shifted to

promote long-lasting reducing conditions in the semi-closed container. In fact,
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Figure 2.22: Schematic for the semi-closed container sintering approach proposed
by Cias et al. [216].

bar the use of pure H2 which gave the best results in terms of final oxygen content

in the compact, any mixture of N2-xH2 (x = 5, 25, 75%) led to similar levels of

reduced oxygen content when sintering Fe3Mn0.8C at 1120◦C or 1250◦C [215].

Note that even when adding only 3 wt.% Mn, Cias et al. were not successful in

completely eliminating the formed Mn-rich oxides.

2.2.2.1.3 Influence of powder preparation method

When it comes to metal with high oxygen affinity, one approach that could reduce

the reactivity of the metal by orders of magnitude, is the method of powder

preparation [205]. Researchers refer to the following preparation techniques:

� blended metals, where the pure metals are simply mixed together often in

a rotating mixer (Figure 2.23(a));

� intimately mixed or diffusion bonded, where the metals are mechanically

milled for a short period of time or where the alloying element particles

are slightly sintered to the main metal. In both cases the constituents are

present as separate metals (Figure 2.23(b));

� use of a master-alloy, where the base metal is mixed with a master-alloy

powder with a high concentration of the alloying element (Figure 2.23(c));

and
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(a) (b) (c) (d)

Figure 2.23: Variations of mixed and alloyed preparations of metal powders for
processing including (a) blended (b) intimately-mixed (c) master-alloy mixed with
base metal and (d) pre-alloyed powders. Adapted from [213].

� pre-alloyed, where the metals are pre-alloyed often using high energy me-

chanical alloying such that the starting powder during the sintering process

already contains the metals in a homogenous concentration (Figure 2.23(d))

[213].

By incorporating Mn into the base metal in the ways listed above, one would

effectively be changing the reactivity of the metal. Due to the fact that blended

mixtures contain elemental Mn, the reactivity of blended powders tends to be the

highest [205]. When the Mn is diffusion-bonded or mechanically milled at a low

intensity in a ball miller with the base Fe, diffusion distances that could be in

the order of tens of micrometers in the case of the blended mixtures, drop down

to a few micrometers or even nanometers [213]. This facilitates the formation

of complete solid solutions, as in pre-alloyed powders, wherein the reactivity

is significantly lower. Since these preparation methods were mainly developed

for compacted parts, the use of pre-alloyed powders generally led to issues with

compressibility due to the increased strength attained by the powders following

solid solution strengthening [211]. This in turn led to the use of master-alloys with

the base metal. In such cases the pre-alloyed powders make up only a fraction

of the powder being compacted, with the base metal providing the ductility to

create relatively dense compacts [208, 210, 218].
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Hryha et al. [211] studied the influence of powders used on the oxygen and

carbon content in Fe0.8Mn0.5C sintered under strict atmospheric control in N2-

10H2 at 1120◦C or 1200◦C for 30 min. The study compared the results when

using admixed (or blended) powders with elemental Mn compared to pre-alloyed

base powders combined with graphite. Lower oxygen contents were measured

for pre-alloyed mixtures at all stages of analysis and for all sintering conditions.

Moreover, more carbon was retained in pre-alloyed powders due to the lower ne-

cessity for its use in carbothermal reduction. Apart from this, microstructures for

pre-alloyed compacts contained smaller, more rounded pores; a result of improved

densification from cleaner particle surfaces. Moreover, the same microstructures

exhibited a much more homogeneous distribution of the pearlite phase which sug-

gested a faster and more even diffusion of carbon through pre-alloyed powders.

This might be related to the higher defect density of most pre-alloyed powders

that could lower activation energies for diffusion [219].

Few have discussed in detail the exact science behind the improved microstruc-

tures obtained with pre-alloyed powders however likely answers were given by de

Oro Calderon et al. [209]. Figure 2.24 shows the final reduction peaks for Fe, Mn

and C mixtures with the same stoichiometry but using different starting powders.

The same figure compares these results to the reduction peak related to the MnO

→ Mn reaction when starting with a mixture of MnO2+C. Whereas one would

Figure 2.24: Degassing curves for CO (m28 peaks) when heating MnO2+C and
Fe2MnO4+C with the same stoichiometry, Fe+4Mn+0.5C and MnO2+0.5C [209].
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Figure 2.25: Schematic of “getter” effect exhibited by oxygen-sensitive Cr when
using pre-alloyed FeCrMo powders in the formation of less stable mixed metal
oxides [213].

assume that starting from a spinel Fe2MnO4 oxide, the formation of MnO would

form following an intermediate reduction step, it seems that the final oxide that

forms is a mixed metal oxide that is significantly less stable than MnO. The same

could be said when mixing pure Fe with MnO2+C. In the same way, the presence

of Fe results in the formation of less stable mixed FeMn-oxides that are reduced

at similar temperatures. The fact that blended elemental mixtures of Fe+Mn+C

are at an intermediate point between the reduction of spinel FeMn-oxides and

MnO2 could indicate that Mn-oxides could either react with Fe at intermediate

temperatures to form less stable mixed oxides, or that the dissolution of Mn

in the surrounding Fe reduces its activity. The various modes of preparation

could therefore offset both the reactivity of the Mn as well as the type of oxides

formed on the metallic surfaces [209]. This was similarly explained for FeCrMo

alloys wherein oxygen-sensitive metals could diffuse from the core of particles in

which they are dissolved to form less stable mixed oxides instead of more stable

particulate oxides, as represented in Figure 2.25.

2.2.2.1.4 Other factors affecting Mn oxidation and oxide reduction

A myriad of other parameters and powder characteristics can have overlapping

influences on the sintering efficiency, oxidation and reduction of Mn-containing

systems. Having taken a rather detailed look at thermodynamic implications

on heating of oxygen-sensitive metals, Hryha et al. [207], also investigated the

influence of kinetics on reduction of pre-alloyed FeCrMo powder mixed with 0.4

wt.% C, by varying the heating rate between 1 and 50 Kmin−1 in Ar-10%H2.
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As with Mn-containing Fe, the presence of Cr in the metal results in a step-

wise reduction of surface and internal oxides, each step needing an increasing

amount of activation energy to take place, apart from favourable thermodynamic

conditions. Hryha et al. showed how low heating rates resulted in more complete

carbothermal reduction of stable oxides whereas for higher heating rates, the

activation energies were reached within the following isothermal holding stage,

risking incomplete reduction and trapping of deleterious oxides within the sintered

structure. To the author’s knowledge, similar studies have not be done with Mn-

alloyed powder metallurgy steels. However, de Oro Calderon et al. mentioned

that using a high heating rate between 600◦C and 1000◦C might help prevent

formation of stable Mn-rich oxides due to the range being strongly reducing for

Fe oxides but highly oxidising for Mn [220]. Despite this claim, using the rather

high heating rate of 20 Kmin−1 when testing Fe4Mn0.5C in H2 in Figure 2.21(b),

did not prevent the Mn from instantly “gettering” the H2O following the Fe oxide

reduction stage at 412.2◦C.

As already briefly mentioned, the particle size can also have a significant im-

pact on both oxidation and reduction. Whereas small particles provide a higher

reactive area resulting in a higher volume of generated surface oxides, smaller

particles also carry a higher surface energy which in turn results in faster densi-

fication [196]. As Danninger et al. [221] explain, this could results in trapping

of unwanted oxides within sintered structures that have adverse effects on the

material performance in use. Moreover, carbothermal reduction is partly driven

by the diffusion of the reactants to the surface. Therefore the larger the particles,

the longer it takes for complete reduction to take place [213, 214, 222].

2.2.2.2 Sublimation

Another main characteristics of Mn, is its very high vapour pressure. Each ele-

ment has a characteristic sublimation temperature at which the pressure of the

solid reaches 1 atm. When this temperature is below the melting point, the el-

ement does not melt, but goes directly into vapour phase. For Mn, the vapour

pressure is three orders of magnitude higher than that of Cu which is the next
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Table 2.5: Vapour pressures of commonly used alloying elements in powder met-
allurgy at typical sintering temperatures [205].

most volatile element listed in the examples presented in Table 2.5. This particu-

lar characteristic makes samples containing Mn powder, susceptible to significant

Mn losses during the sintering cycle.

Whereas some Mn vapour formed during the heat treatment will inevitably

be lost, a significant portion will travel through the porous network, filling pores

within the compact. Šalak describes how condensation of Mn vapour all over the

particle surfaces, often in a needle-like morphology as shown in Figure 2.26a, gen-

erally results in more homogeneous distribution of Mn and aids the compositional

homogenisation process [205]. Microstructures of Mn-steel cross-sections there-

fore, often reveal a Mn-rich shell resulting from inward diffusion of Mn following

condensation. An instance of this is shown in Figure 2.26b for an Fe4Mn0.3C

steel. However this has also been observed by groups in the biodegradable metals

field with Mn contents between 25 and 35 wt.% [109, 110] wherein particles have

ferritic cores surrounded by austenitic shells. The transport of Mn through the

gas phase also results in a phenomenon termed as “Mn swelling” which Danninger

et al. [218] confirmed using dilatometric measurements. Condensation over the
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(a) (b)

Figure 2.26: (a) SEM image of needle-like condensation of Mn onto Fe-based
particles following sublimation [205] and (b) cross-sectional microstructure of
Fe4Mn0.3C sintered at 1120◦C for 10 min, arrow pointing towards the Mn-rich
shell following sublimation and condensation on surface [218].

particle surfaces results in an overall increase in dimensions that tends to become

more prominent with increase in Mn content.

While sublimation aids homogenisation, the relocation of Mn towards the sur-

face of the particles where it is more susceptible to reactions with oxygen-carriers

in the sintering atmosphere, naturally also has adverse effects. As discussed

in Section 2.2.2.1, should non ideal sintering parameters be used, incomplete

carbothermal reduction could result in trapping of a significant volume of inter-

connected stable surface oxides. Moreover, since oxides deter efficient diffusion

processes, stable Mn-rich oxides at particle surfaces could also result in more

porous structures.

The rate of Mn sublimation could be affected by several system characteris-

tics. Šalak notes how Mn sublimates preferentially from areas containing higher

defects, sharp points and edges among other regions with high surface energy

[205]. Moreover, smaller particles, which imply higher surface-to-volume ratios,

also result in faster sublimation rates. In fact, data provided in Table 2.6, shows

how decreasing particle size and increasing temperatures lead to phenomenally

fast sublimation of 1 g of Mn powder.

As with oxidation, the method of powder preparation can also affect the
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Table 2.6: Sublimation time for 1 g of Mn powder with sizes of 10, 20 and 50 µm
at different temperatures [205].

sublimation rate. In fact, reducing the reactivity of Mn by pre-alloying also allows

for slower sublimation [205]. When it comes to biodegradable metals research,

Feng et al. [179] mechanically alloyed their Fe30Mn6Si-1Pd alloys in Ar for

15 h at 300 rpm to avoid Mn sublimation however did not provide a reference

material without pre-alloying to confirm whether this approach was successful in

suppressing sublimation in this case. On the other hand, Xu et al. [124] have

discussed the subject of sublimation in significant depth also with alloys aimed

for biodegradable implant applications [122, 123, 125]. In an attempt to limit

oxidation of Mn and Si, the authors repeatedly studied Fe28Mn4Si processed in

vacuum. This naturally enhances the sublimation rate which causes the formation

of a manganese depleted region, with the lowest manganese content being at the

surface of the pressed compact, increasing towards the centre. However, Xu

et al. demonstrated that using mechanically milled powders reduces this effect

compared to blended elemental mixtures. In fact sintering at 1200◦C for 3 h

resulted in an 18.6% weight loss for blended elemental samples and approximately

9.5% weight loss for mechanically milled samples.
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2.3 Scaffold processing methods

With an increase in interest in the study of biodegradable materials and their per-

formance, also came rapid development of powder metallurgical methods to pre-

pare biodegradable implants. This section outlines the main techniques discussed

in literature for the fabrication of Fe-based porous structures. For the purposes of

this review, only techniques suitable for the fabrication of orthopaedic scaffolds

using metal powders as starting materials will be mentioned. Tailored, struc-

turally organised implants are becoming an increasingly hot-topic in biodegrad-

able implant research as the hopes of personalised scaffolds for improved healing

has attracted the interest of practitioners and patients alike. Therefore, the fol-

lowing methods are categorised based on whether or not they result in structures

that are customisable in any way. Where applicable, observations related to is-

sues related to Mn processing discussed in Section 2.2.2, will also be brought to

attention.

2.3.1 Fabrication techniques for non-ordered open-porous

structures

2.3.1.1 Replication method

The replication method is a processing technique that has been used by multi-

ple groups in the field to prepare randomly-ordered reticulated foam structures

using Fe and Fe-based alloys. The technique involves the preparation of a slurry

containing the metal powders of interest and some form of binder, like the com-

monly used polyvinyl alcohol (PVA). The slurry is then applied to the surface

of a polymeric foam, typically reticulated polyurethane sponge, which serves as

a template. Once the excess slurry is removed from the porous network of the

template, it is then subjected to a heat treatment during which the template

is burnt out and the remaining metal skeleton is sintered. The sintered foams

characteristically consist of hollow triangular-sectioned struts framing pentago-

nal cell windows. In general, open porosities typically amount to around 80-90%

[81, 189, 199].
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Figure 2.27: (a) SEM image of Fe0.6P foam prepared using the PU replication
method and (b) optical image of a polished cross-section showing ferrite and pearlite
phases [189].

Quadbeck et al. [199–201] first suggested using this technique to prepare bone

scaffolds in 2007. Since then Fe, FeP, FeMg and FeCNTs were also prepared using

this route [81, 183, 203]. Wegener et al. [189, 223] prepared Fe0.6P foams which

they later implanted in the tibiae of merino sheep for up to 12 months. An SEM

image and optical micrograph of the cross-section of a strut can be seen in Figure

2.27. In vivo results indicated positive response of the sheep to the implant but

very little degradation was observed by the end of the test. To the author’s

knowledge, this technique has never been used to prepare Mn-containing foams.

2.3.1.2 Space-holder method

The space-holder method is a technique wherein the metal powders are mixed

with a porogen and pressed into homogeneous compacts. The porogen takes up

space within the compact which could then be reclaimed by dissolving or burning-

out the same space-holder. In this way, increasing the vol.% of porogen used

increases the potential for interconnected porosity and reduces the limitations

that come with pressureless sintering when using techniques like the replication

method.

Ammonium bicarbonate was used by Čapek et al. [224] and Zhang et al.

[153] to prepare porous Fe and Fe35Mn respectively. By using up to 20 vol.%

NH4HCO3, total pore volumes of up to 51% were achieved. When prepar-

ing porous Fe35Mn, the authors noted the presence of both austenite and ε-
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martensite potentially indicating some form of Mn segregation during mixing or

sintering. Feng et al. [179] also used this technique with sodium chloride crystals

as porogen to prepare porous Fe30Mn6SiPd structures. The process resulted in

fully austenitic structures with 62.3% porosity when adding 40 wt.% NaCl. The

use of NaCl could lead to a situation where incomplete removal of porogen results

in premature corrosion of the structure, however, Feng et al. used sublimation

during the sintering as the removal method for NaCl which should decrease the

likelihood of this being an issue.

When it comes to issues related to processing with Mn, Zhang et al. [153] used

XRD to show the presence of a considerable peak of mixed (Fe,Mn)O relative

to the main peak for austenite when processing Fe35Mn foams. No exact Mn

concentrations were provided, however, the detection of ε-martensite indicates

that at least regions of the foam experienced either incomplete homogenisation

of Mn distribution or significant sublimation, as ε is generally not formed in Fe

alloys containing more than around 27 wt.% Mn [101]. Feng et al. [179] did

not comment on either oxidation or sublimation of Mn when processing their

Fe30Mn6SiPd alloys using the space-holder method. However, it is likely that

peaks for MnO or (Fe,Mn)O at approximately 35◦ and 40.5◦ were mislabelled to

be Fe2O3, considering the much higher stability of the former.

2.3.2 Fabrication techniques for ordered open-porous

structures

2.3.2.1 3D inkjet printing

One of the first methods used to prepare customised porous structures was de-

veloped by Chou et al. [112]. Fe30Mn porous structures with pore sizes down to

500 µm and porosities between 36 and 40%, were directly printed by extruding a

paste composed of the metal powder and a water-based binder. The green parts

were then debinded and sintered in ultra high purity N2 at 1200°C. Figure 2.28a

shows a part produced using this method, following tumble finishing. Similarly,

Hong et al. [127] printed Fe34Mn1Ca using the same technique but sintering

in Ar. In both cases debinding was done at a lower temperature to remove the
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(a) (b)

(c)

Figure 2.28: 3D inkjet printed (a) Fe30Mn [112] and (b-c) Fe structures [225, 226].

binder. Since the extruded runs were not subjected to pressure in any way, ei-

ther mechanical milling [112] or alloying [127] was employed in both studies to

intimately bind or alloy the powders prior to the printing process, encouraging

austenite formation during subsequent sintering as well as reduced oxidation and

sublimation. Despite this, ε-martensite was still detected as a major phase in

the printed samples. Chou et al. also noted that sintering in N2 atmosphere led

to considerable oxidation of their parts and mentioned the use of oxygen getters

in future studies to alleviate this effect. On the other hand, the amount of C

detected in the sintered structures was just 0.18 wt.% indicating sufficient binder

burnout in the proposed process.

Two other groups, Yang et al. [225] and Putra et al. [226–228] used a similar

approach to 3D print Fe and Fe35Mn scaffolds. The authors similarly mixed

the metal powder with an aqueous binder and directly printed their structures.

The green samples were then debinded and sintered in Ar at 1120°C [225] and

at 1200°C [226]. The two groups achieved porous structures with porosities of

around 67%. Structures prepared by both are shown in Figure 2.28b and (c).
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All these processes achieved highly microporous solids, apart from the designed

macroporosity. With regards to oxidation, Putra et al. [227] reported that just

2 wt.% of Mn-oxide was detected in the final printed parts sintered in pure Ar.

SEM images of the structure surfaces also showed very clean surfaces.

2.3.2.2 TOPIS

In 2018, Sharma et al. [204] published the first work on the preparation of

Topologically Ordered Porous Iron Scaffolds (TOPIS) or Foams (TOPIF) making

use of polymer 3D printing coupled with pressureless microwave sintering. The

process outline is represented in Figure 2.29. To prepare the structure, first a 3D

template with the desired geometry is printed with a suitable polymer 3D printer.

A phosphate-based investment mould is then prepared using the 3D printed part

as the form. The mould containing the 3D print is then heated to 900°C to

burn-out the polymer template. The mould cavity is filled with carbonyl iron

powder1 under ultrasonication and placed in a furnace where sintering takes place

1Variety of high purity Fe powder prepared through the decomposition of purified iron
pentacarbonyl [205].

Figure 2.29: Schematic of process for optaining TOPIS structures [229].
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at 948°C. Following sintering, the mould is removed and the sintered structure is

shot blasted to acquire a better finish.

Further publications by the group proved that the technique could be rather

flexible in terms of the geometries that can be fabricated. Due to the relatively

low sintering temperature used, the structure contained a significant amount of

microporosity which led to lowered electrochemical potentials and a shift towards

pitting corrosion when tested electrochemically in SBF [229–232]. So far, the

technique has not been tested for the preparation of Mn-containing foams.

2.3.2.3 Laser Bed Powder Fusion

Laser Bed Powder Fusion (LBPF), also referred to by the propriety name Selective

Laser Melting (SLM), is a technique that has attracted a lot of attention in the

biodegradable metals field. Although it does not involve solid-state sintering,

LBPF uses metal powders that are selectively fused layer-by-layer, allowing for

3D printed complex structures to be fabricated.

Li et al. [233] first prepared Fe scaffolds using LBPF and went on to demon-

strate the excellent corrosion fatigue resistance the structures possessed [234]

while also testing the feasibility of printing functionally graded porous Fe struc-

tures to permit tailoured degradation rates among other characteristics [235].

More recently, Shuai et al. [108] attempted LBPF of an FeMn alloy. The

resultant structure was dimensionally close to the designed specifications with

600-800 µm struts and 67% porosity. However, the detected Mn was rather seg-

regated along grain boundaries and the content detected using EDS was between

19.2 and 20.3 wt.% compared to the 25 wt.% added. This indicated that despite

the use of 2 hr-milled Fe25Mn powder, significant sublimation of Mn or formation

of Mn oxides, took place during the process. Moreover, the equiaxed microstruc-

ture was also composed primarily of austenite but also contained α’-martensite

which is generally undesirable.

The same was reported by Carluccio et al. [182] where despite the higher Mn

content, at 35 wt.%, the authors observed ε-martensite in the microstructure,

resulting from the high cooling rates following laser melting. The group reported

successful printing of scaffolds with 400 µm pores and 600 µm struts and a total of
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(a) (b) (c)

Figure 2.30: Scaffold structures prepared via LBPF made of (a) Fe [233] and
(b-c) FeMn [108, 182].

42% porosity. With optimised laser energy, they also reduced the microporosity to

< 0.6%, enhancing the strength of the printed scaffolds [236]. In this case, none of

the publications mentioned loss of Mn due to evaporation. Although it might have

been something that the authors overlooked, lowered evaporation rates could be

a result of using less reactive gas atomised Fe35Mn powders as starting material

[237]. Scaffolds prepared in the studies mentioned in this section are shown in

Figure 2.30.

Ongoing research by groups in the biodegradable metals field are conducting

further investigations on the effects of processing parameters on the evporation of

Mn and other microstructural features that could be used to tailor the implants’

properties [149, 238, 239].

2.3.3 Summary of sintering parameters for Fe-based

foams

Excluding Laser Bed Powder Fusion manufacture of metal foams, the techniques

discussed in Section 2.3 all have sintering as one of the final steps. As has been

discussed in detail in this review, sintering temperature and atmospheres in par-

ticular, play a very important role in the formation of the final microstructure

of the sintered part. Table 2.7 summaries these two parameters as used in the

principal studies discussed in this section. [81, 112, 127, 153, 179, 183, 189, 201, 203, 204, 224, 226]
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Table 2.7: Summary of parameters used for sintering Fe and FeMn foams with
different processing methods.

2.4 Conclusions

At a time when the field of biodegradable metals is celebrating a significant

amount of success with Mg and Mg alloys, the community does not seem to be

making a similar headway with research on Fe-based biodegradable alloys and

devices. Whereas a lot of individual research groups are publishing encouraging

results concerned with processing innovation, corrosion and biological research,

few studies are coming together in a way that promises a noteworthy break-

through related to Fe and its alloys for biodegradable implants, studies often

terminating at, or prior to, in vivo testing.

When it comes to corrosion testing, one major limitation highlighted in this

review has been the lack of testing protocols available for researchers in the field

to streamline the research being done by different groups. The significant influ-
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ence of aspects like sample processing methods, electrolyte formulations, testing

setups and methodologies on the materials’ performance, has made it increas-

ingly difficult to identify the stumbling blocks being met with achieving higher,

consistent and more suitable corrosion rates with Fe-based alloys.

Even more challenging is the effort to bridge the gap between in vitro and in

vivo testing environments. With the latter being so complex, it has proved to be

particularly challenging to translate successful results in vitro, to similar positive

results with an animal model. Therefore, the efforts to enhance in vitro testing

procedures to reflect better the mechanisms that govern in vivo degradation, have

also been a focus point for active groups in the field irrespective of the materials

of interest.

Having said this, alloying Fe with Mn to achieve a non-magnetic material

and further alloying with a noble metal addition to encourage microgalvanic cor-

rosion, remains an attractive approach based on the results discussed in this

chapter. However, the various conflicting results as well as difficulties encoun-

tered by various groups when working with Pd and Ag in particular, clearly need

further investigation.

On another note, the second part of this review underlined the major tech-

nologies being developed to prepare Fe-based scaffold structures. With powder

metallurgy being such an attractive route for material and geometrical customi-

sation, it is no surprise that the vast majority of innovative processes fall under

this processing category.

Although various new technologies including capital-intensive additive man-

ufacturing methods have been adapted to prepare ordered Fe-based scaffolds,

so far, the only scaffold structures that have been subjected to in vivo testing

were Fe0.6P foams prepared via the polyurethane replication method. Despite

the fact that this method has been used by various different groups, it has not

yet been applied to prepare FeMn structures, notwithstanding the alloy’s promi-

nence in the field. The reasons behind this could very likely be the processing

issues brought about by the inclusion of Mn powders, including the formation of

incredibly stable oxides, and Mn loss through sublimation.
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2.5 Research questions and objectives

In view of the literature reviewed in this chapter, the following primary research

questions will be addressed.

i. How does the addition of 35 wt.% Mn and 5 wt.% Ag to Fe via

powder processing, influence the metals’ degradation behaviour

upon immersion and in subsequent hours?

With conflicting views presented in literature regarding the degradation

mechanisms of FeMn and FeMnAg alloys alike, this work aims to study the

evolution of degradation over an extended testing period by continuously

monitoring these metals’ behaviour in situ. It is likely that dominant

corrosion mechanisms upon immersion, or after OCP monitoring, will be

very different from the behaviour exhibited after 24 h, for instance.

ii. To what extent does the testing electrolyte composition, in partic-

ular the presence of Ca2+ ions and albumin, affect the degradation

behaviour of Fe-based alloys?

While establishing the role of alloying elements, the change in corrosion be-

haviour brought about by changes in testing electrolyte formulation, will be

investigated. Whereas the presence of Ca2+ ions has been implied to result

in a decrease in corrosion rate, the role of said ions on the degradation of Fe

and its alloys has not been studied in detail. The influence of protein on the

degradation of the same metals is even more disputed.

iii. What are the distinctions between outcomes of in vivo testing of

FeMn alloys with respect to their in vitro behaviour?

As described in detail in this chapter, the number of complete in vitro-in vivo

studies on Fe-based alloys, is very low. Although it is expected that in vivo

degradation progresses more slowly compared to degradation in any in vitro

test, highlighting the differences in corrosion mechanisms, degradation prod-

ucts formed and any other observations could help inform the establishment

of relevant standards which thus far have been lacking.
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iv. Can powder pre-processing using ball-milling provide a feasible

solution for the preparation of Fe35Mn scaffolds through the pres-

sureless sintering route?

High energy ball milling has been mentioned in a few publications related to

the processing of FeMn for biodegradable alloys, however its use to prepare

powders that can be used for scaffold fabrication using pressureless sintering

processes, for e.g. the replication method, has thus far not been explored.

The final part of this work is dedicated to address this question.

The principal objectives of this dissertation are listed hereunder.

Corrosion testing

i. To prepare and characterise powder-processed testing coupons with the fol-

lowing compositions: Fe, Fe35Mn, (Fe35Mn)5Ag. The aim is to first compare

the outcomes of adding Mn to the findings published in literature and then

determine the extent, if present, of micro-galvanic corrosion brought about by

the addition of Ag. All or select alloys can then be analysed further following

initial testing stages depending on early results;

ii. To analyse the degradation behaviour of the Fe-based alloys using a variety

of techniques including:

� potentiodynamic testing;

� electrochemical impedance spectroscopy (EIS);

� in situ measurements of pH and dissolved oxygen (DO)

to provide a clearer picture of the degradation process over the first hours

from immersion. Wherever logistically possible, tests are to be done over a

period of at least 24 h in order to observe evolving trends following immersion;

iii. To identify the impact of powder processing on the degradation process;

iv. To determine the impact of the electrolyte composition on the degradation

trajectory of the different alloys - to be done with particular focus on HBSS

solutions most commonly used in the field, with and without Ca2+ ions;
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v. To explore the role of protein added to the testing electrolyte on the degrada-

tion of Fe-based alloys using, in part, electrochemical impedance spectroscopy

(EIS) to study changes in the corroding system over a period of at least 24

h following immersion;

vi. To analyse powder-processed Fe-based pins prepared by the candidate and

used in a 6-month in vivo test, with respect to in vitro findings.

Powder processing of FeMn for scaffold applications

i. To prepare Fe35Mn powder using different pre-processing methods in order

to induce different levels of chemical activity. The powders to be analysed

should include a blended elemental mixture of Fe and Mn powders, ball-milled

Fe and Mn in the same ratio, and fully alloyed Fe35Mn;

ii. To characterise the as-purchased and as-processed powders using SEM-EDS

analysis and to make use of thermal analysis techniques that can provide

information on melting points and mass changes affected while heating;

iii. To discuss the relationship between powder-processing method and the for-

mation of stable oxides and/or reduction of the same oxides with powder

coupons sintered at typical sintering temperatures for FeMn alloys;

iv. To explore the feasibility of processing Fe35Mn scaffold structures using a

modified version of the traditional polyurethane replication method in which

the polyurethane sponge used as the template in the latter, is replaced with

a custom designed 3D-printed acrylate template;

v. To characterise samples prepared using the modified replication method using

methods like XRD, SEM-EDS as well as the aforementioned thermal analyses

techniques. Test results can be used to discuss the influence of material and

process parameters on the elemental and phase composition of the resultant

samples, in view of investigations carried out on powders and pressed coupons

prepared using the same materials beforehand.
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Methodology

This chapter describes in detail the materials and methods employed in order

to achieve the objectives set out in Section 2.5. As with the research questions

and objectives presented, the methods are shared in two distinct sections - one

related to work carried out on Corrosion testing of FeMn alloys and another

related to work on Powder-processing of FeMn for scaffold applications. These

two sections are preceded by details related to the metallic powders and material

characterisation techniques used throughout the whole work.

Work related to both the main testing sections has been split in distinct

phases. Each testing phase contains analyses that informs decisions made in

the subsequent testing phase when it comes to material/electrolyte selection for

further analysis and choice of specific testing variables or parameters. Whereas

the tests and corresponding results presented were generally carried out in the

order that they are presented, the final presented phases were structured in a way

that helps with the understanding and readability of the text. At the end of this

chapter, one can find a diagram summarising the principal methods and order of

presentation for all the testing phases described in detail in the following text.

This should aid the reader in following the work progress throughout Chapter 4

which presents both the results and discussion sections related to the following

methods.
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3.1 Raw materials

3.1.1 Material specification

Manufacturer details related to the powder metallic materials used in this study,

are provided in Table 3.1.

3.1.2 Material characterisation

Microstructural and compositional analysis was carried out using a Carl Zeiss FE-

SEM Merlin Gemini II column (Germany) fitted with an Ametek EDAX energy

dispersive X-ray detector (USA) and using a Secondary Electron detector1. For

morphological observations, a sample for each powder material was stuck directly

to conductive carbon-tape.

Cross-sections of the powder samples were also analysed using SEM by first

mixing a sample of raw powder with pellets of hot-mounting material (Conducto-

Mount 2, Metprep, UK) and consequently hot-mounted using a Remet IPA 30

(Remet, UK). Prior to analysis, all samples were ground to P2500 SiC paper

(Metprep, UK), polished using 3 µm diamond suspension (Struers, Denmark)

and finally by 0.25 µm colloidal silica (OP-S) (Struers, Denmark). Following the

polishing procedure, all samples were ultrasonicated in acetone and ethanol for 5

1Unless otherwise indicated, SEM analysis throughout this work was conducted using this
machine with a Secondary Electron (SE) detector for optimal topological resolution.

Table 3.1: Details of powder raw material used in this study.
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min each, followed by vacuum drying. Samples were stored under vacuum up till

the time of analysis1.

Phase analysis of the as-received powders was carried out using X-Ray diffrac-

tion (XRD). A Bruker D8 Advance (USA) equipped with a copper source (Cu-Kα,

λ = 0.141 nm) and a graphite monochromator, was used to run scans at 2θ an-

gles between 30◦ and 70◦ using a step size of 0.02◦. The diffractometer was set to

move at 1◦min−1 whereas the surface being analysed was set to spin at 15 rpm.

3.2 Corrosion testing

3.2.1 Specification of testing solutions

The sterile testing solutions used throughout this work were primarily supplied

by Thermofisher Scientific (USA). Over the course of the study, two formulations

of Hanks’ Balanced Salt Solutions (14175, HBSS and 14025, HBSS+Ca) were

used. In specified instances, testing was carried out in HBSS+Ca supplemented

with 20.6 g L−1 Bovine Serum Albumin (Sigma-Aldrich A2153, BSA) as well as 1

vol.% penicillin-streptomycin (Gibco 15140122, PS) to prevent microbial growth

in the presence of protein. The protein-containing solution will be referred to

as HBSS+BSA. The full formulations of the testing solutions are provided in

Table 3.2. Apart from the listed solutions, the study also mentions the use of

physiological saline which comprises a 0.9 wt.% NaCl solution. The NaCl used

was also supplied by Thermofisher Scientific.

3.2.2 Phase One - Corrosion testing of porous alloys

The first stage of corrosion testing was concerned with comprehensive testing

of microporous Fe, FeMn and FeMnAg alloys, using both bulk material testing

techniques like potentiodynamic testing (PDP) and Electrochemical Impedance

Spectroscopy (EIS) testing. Specialised techniques that allow the researcher to

observe changes happening at the surface on the micrometric scale, were also

utilised. In this section, testing was carried out in two commonly used variations

1Unless otherwise specified, polished samples throughout this work were prepared using this
procedure.
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Table 3.2: Formulation for testing solutions used in the study.

of Hanks’ Balanced Salt Solutions to simultaneously investigate the impact of

electrolyte composition over test outcomes. All techniques used and consequent

characterisation, were aimed at gaining an insight into the degradation mecha-

nisms operating at the metal surfaces and how these progress over the first hours

upon immersion.

3.2.2.1 Material preparation

The powders specified in Section 3.1 were used to prepare powder mixtures of

Fe35Mn and (Fe35Mn)5Ag. Elemental powders were placed in the desired weight

ratios in 50 mL centrifuge tubes along with five hardened stainless steel balls with

a diameter of 10 mm, to aid in achieving a homogeneous powder mixture. The

tubes were tumbled for 5 h in a Bio-Components Inversina tumbler (Switzerland).

For electrochemical testing, 10 g of Fe and the Fe35Mn and (Fe35Mn)5Ag

mixtures (subsequently referred to as Fe, FeMn and FeMnAg respectively) were

uniaxially pressed at 520 MPa in a stainless steel die with a 22 mm diameter
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bore using an Instron 8802 hydraulic press, to prepare green compacts. For

local pH and dissolved oxygen (DO) measurements, 6 g powder was loaded in a

custom die with an 8 mm diameter and pressed at 1.8 GPa to prepare cylinders

approximately 18 mm long.

Both types of compacted coupons were sintered in a Nabertherm tube furnace

(Germany) under 100 L h−1 flow of N2-5H2 gas. A heating rate of 180◦Ch−1 was

used followed by a 3 h dwell at 1120◦C. The samples were furnace cooled.

For electrochemical testing, the coupons were cut into 1 cm2 coupons with

a thickness of approximately 4 mm. The 18 mm cylinders were turned using

a machine lathe to prepare 15 mm long pins with a 3 mm diameter. In both

processes, the thick manganese oxide layer formed at the surface during the heat

treatment was fully removed.

3.2.2.2 Pre-testing characterisation

Microstructural and compositional analysis of the polished samples was carried

out as specified in Section 3.1.2.

For purposes of a general comparison, each materials’ surface porosity was

estimated by measuring the percentage pore area. Thirty SEM images from three

different coupons prepared from the same material, were binarised using ImageJ

software. The percentage area representing the porosity was noted and the mean

and standard deviation calculated. A better representation of the area would have

been estimated with the use of non-contact profilometry combined with surface

recreation using the “surf ” function in Matlab. However, the availability of the

machine as well as limited computational power available, limited the amount of

data that could be processed such that it could not be considered representational.

This aspect of characterisation was improved in the subsequent testing phases.

Phase analysis was carried out using X-Ray diffraction (XRD) on ground

coupon surfaces. A Bruker D8 Advance XRD (USA) equipped with a copper

source (Cu-Kα, λ = 0.141 nm) and a graphite monochromator was used to run

scans at 2θ angles between 30◦ and 100◦ using a step size of 0.02◦. The diffrac-

tometer was set to move at 1◦min−1 whereas the surface being analysed was set

to spin at 15 rpm.
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3.2.2.3 Potentiodynamic testing

PDP tests were performed on Fe, FeMn and FeMnAg in HBSS as well as

HBSS+Ca in order to obtain an indication of the relative corrosion rates of

the materials in both testing environments. The cut coupons were mounted in

cold-mounting epoxy resin (Epo-Set, MetPrep, UK) after attaching a piece of

insulated copper wire, to leave an exposed apparent surface area of 1 cm2. A

clamping force was applied to the electrical connection between the wire and the

coupon while the epoxy cured, to ensure a sound electrical connection. Once the

epoxy cured, the samples were ground using SiC paper up till grade P2500, and

ultrasonicated for 5 min in ethanol.

Tests were carried out using 300 mL of testing solution in a double-jacketed

beaker with constant circulation of water at a temperature of 37 ± 2◦C. The test

sample was set as the working electrode and connected to a Saturated Calomel

Electrode (SCE) as a reference and a platinum-coated rod as a counter-electrode

Figure 3.1: Schematic of three-electrode setup using for electrochemical testing.
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in a standard three-electrode setup, as shown in Figure 3.1. A Gamry Interface

1000 potentiostat (USA), was set to scan potentials between -250 mV and +250

mV vs. OCP at a scan rate of 0.5 mV s−1 after the system was allowed to stabilise

for 1 h. The scan rate was set to be slightly faster than the 0.167 mV s−1 scan

rate recommended by ASTM G59-97 (Standard Test Method for Conducting

Potentiodynamic Polarisation Resistance Measurements - 2020) [240], in order to

prevent the OCP of the active material from shifting away considerably from the

OCP measurement used as a datum for the test. Each test was carried out four

times and for each condition, the corrosion current density, icorr, was calculated

using the Tafel extrapolation method described in Section 2.1.2.1.

3.2.2.4 Electrochemical Impedance Spectroscopy

EIS tests were carried out in 400 mL of HBSS and HBSS+Ca using the three-

electrode setup illustrated in Figure 3.1. Samples were prepared in exactly the

same way as for PDP tests, with an exposed apparent area of 1 cm2. Frequen-

cies were tested in the range between 100 kHz and 0.1 Hz at an interval of 10

pts/decade. The AC voltage amplitude was set to 10 mV rms from OCP. Fre-

quencies lower than 0.1 Hz were not included due to the lengthiness of the data

collection leading to detrimental surface polarisation. EIS scans were carried out

over a period of 24 h with constant scans being run over the first 3 h followed by

one test every 2 h interval over the subsequent 21 h. Each EIS scan was preceded

by a 10 min OCP monitoring period to adjust the reference OCP value. Each

test was repeated 3 times to ensure recurring trends. Following the tests, samples

were rinsed well in deionised water and vacuum dried for further analysis.

A representative sample per condition, was subjected to SEM-EDS analysis

to observe corrosion products adherent to the surface. Moreover, the impedance

spectra were fitted using equivalent circuit models using EChem Analyst, a ded-

icated software provided by Gamry (USA). In this way, trends could be observed

based on observed changes happening to individual components of the corroding

system over the immersion period.
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3.2.2.5 Local pH and DO monitoring

The measurement of pH and dissolved oxygen (DO) concentration upon and

during exposure of Fe, FeMn and FeMnAg to HBSS and HBSS+Ca, was con-

ducted using specialised equipment at the previously MagiC institute within the

Helmholtz Zentrum Hereon in Geesthacht, Germany under the supervision of Dr

Sviatlana Lamaka and with the help of then PhD student Dr Cheng Wang. Cou-

pled with information from other tests, local measurements could give further

insight into the corrosion mechanisms operating at the surface.

3.2.2.5.1 Setup

Prepared coupons machined into pins of 3 mm diameter, were mounted in cold-

mounting epoxy and polished using 0.25 µm colloidal silica (OP-S, Struers, Den-

mark). The samples were then press-fitted into a custom-made, 3D printed water

jacket that allowed for thermostat-controlled 37 ± 1◦C water to control the tem-

perature of the testing solution throughout the test. 4 mL of pre-warmed testing

solution could then be pipetted onto the sample surface exactly prior to test

initiation once all the probes were accurately setup as shown in the schematic

representations in Figure 3.2. Constant refreshment of the testing electrolyte was

ensured through the use of a hydrodynamic system that allowed for a flow rate

of 1 mLmin−1 of fresh testing solution.

3.2.2.5.2 Probes specifications and manipulation

DO measurements were carried out using a needle-type retractable fibre-optic

oxygen micro-optode with a diameter of 50 µm couple with a Fire-StingO2 oxygen

logging meter (Pyroscience, Germany). Prior to test initiation, the DO concen-

tration in the electrolytes saturated with air, was measured at 5.8 ± 0.2 mg L−1.

The pH was measured by a glass-type pH microelectrode with the tip length of 50

µm and tip diameter of 10 µm (Unisense, Denmark). Both pH and DO sensing

probes were set at 50 µm above the sample surface, while they were spatially

distanced from each other in the horizontal plane at a distance of 50 µm. This

was possible through the use of a 3D motorized positioning system that forms
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(a)

(b)

Figure 3.2: (a) General schematic of testing setup used for local pH and DO
measurements and (b) close-up schematic of pH and DO probe placement 50 µm
above the sample surface.

part of the Scanning Vibrating Electrode Technique (SVET) (Applicable Elec-

tronics and Sciencewares, USA) as well as dual-head stage micro-manipulators.

A Ag/AgCl electrode was adapted as an external reference electrode. Both pH

and DO probes were connected to a commercial SVET-SIET system (Applicable

Electronics, USA) that allowed for accurate micromovement of the probes. Data

logging was carried out using LV4 software (Sciencewares, USA) in parallel with

PyroOxygenLogger (Pyroscience, Germany).
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3.2 Corrosion testing

3.2.2.5.3 Data acquisition

The two probes were initially positioned at the centre of the specimen. Data

logging was initiated prior to exposure of the sample surface to the test electrolyte.

The pH and DO concentration was monitored for 15 min from immersion at a

single point in the middle of the specimen to acquire the immediate response of

the surface to the electrolyte. After 15 min, the general distribution of pH and DO

over the whole sample surface was acquired by scanning an area of 4000 x 4000 µm

at a rate of 200 µm/step. In this way, a general overview of the distribution could

be observed as a whole with the edges of the map representing the bulk condition

over the mounting epoxy surface. A representative area of 2000 x 4000 µm was

then selected in order to monitor the progression in local environment conditions

over the 24 h period, with a finer resolution of 80 µm per step. The sampling

interval was 3 s and the total time for one map (25 Ö 50 grid) was approximately

1.5 h including the time needed to move the micro-sensors. Optical images were

recorded at the end of each grid scan to record the progressive appearance of the

sample surface. For reasons explained in detail in the following chapters, local

measurements over FeMnAg in HBSS were not carried out as specified herein.

Instead, line scans were carried out with a step length of 50 µm and a sampling

interval of 5 s. The total time taken to carry out each 200-pt line, was around 15

min.

3.2.2.6 MEDUSA simulations

Initial observations of the corroded sample surfaces were correlated with the-

oretical simulations conducted with the aid of Hydra-Medusa freeware (KTH

Royal Institute of Technology, Sweden) [241]. The Medusa software uses a Hydra

database with thermodynamic stability constants for various ions, compounds

and complexes at 25◦C to generate custom diagrams based on specific system

concentrations. The details input in the system to generate specific diagrams will

be disclosed in the results section along with the diagrams themselves in order to

assist with the analysis.
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3.2.3 Phase Two - Further corrosion analysis using EIS

The second phase was aimed at investigating further the materials used in Phase

One, especially with regards to certain hypotheses pointed out in the first discus-

sion in Section 4.2.1.5. During an initial testing phase, the influence of Mn-rich

oxide inclusions on corrosion was first targeted using porous samples, as used in

Phase One. The results from the initial testing phase led to the modification

of sample preparation methods to get a better approximation of the influence

of porosity on modelled values of EIS equivalent circuit elements, thus achiev-

ing more representative fitting results. A similar approach was then taken when

looking into the role of oxide inclusions on the degradation performance of Fe-Mn

alloys.

3.2.3.1 Initial testing with porous MnO-free samples

3.2.3.1.1 Elimination of Mn-rich oxide

In order to eliminate the presence of Mn-rich oxides, the samples were subjected

to an etching procedure in a 1 M HCl solution supplemented with 3.5 g L−1

hexamethylenetetramine (HMTA) which acts a corrosion inhibitor. This cleaning

step was carried out in an ultrasonicator for 5 min. Samples were then rinsed with

deionised water to dilute any remaining acid and subsequently ultrasonicated in

ethanol for 5 min prior to drying. In this way, the acid could remove the metal

oxide without the surrounding metal undergoing extensive attack.

3.2.3.1.2 Electrochemical Impedance Spectroscopy

EIS tests were initially carried out using porous MnO-free FeMn, following the

same procedure described in Section 3.2.2.4. The testing electrolyte used was

HBSS+Ca, based on the conclusions reached in the prior testing phase. The ini-

tial results presented in Section 4.2.2.1 led to a need for further EIS testing using

porous powder-processed Fe as prepared in Phase One (Section 3.2.2.1), wrought

pure Fe (Armco, USA) as well as porous FeMn etched in alternative concen-

trations of HCl and HMTA from the formulation described in Section 3.2.3.1.1
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above. Specific details as to the preparation procedures for each test will be pre-

sented along with the results for better comprehension. In each case, the apparent

testing area for the samples, measured 1 cm2.

3.2.3.2 Modified sample preparation: Resin-impregnation of surface

porosity

Following the initial results, sample preparation was modified to follow the

schematic illustrated in Figure 3.3, in order to prevent the sample area pertaining

to porosity from making contact with the testing electrolyte. First, the samples

were cut to have a square cross-section of 1 cm2. The samples were then

placed face-up in a cold-mounting mould and impregnated with epoxy (Epo-Set,

MetPrep, UK). The samples were placed under vacuum to reduce the amount of

trapped air in the curing resin. Once cured, the epoxy was once again ground

to expose the metal surface, with epoxy-filled pores. Care was taken not to

over-grind the samples to reveal fresh open pores. Once the surface was ground

to a finish of P4000 and dried, at least 20 optical microscopy images were taken

using an objective lens of 10x and processed using ImageJ as described in Section

Figure 3.3: Schematic illustrating the mounting procedure for resin-impregnated
porous samples. Red arrow points towards surface being prepared for testing.
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3.2.3.4. Once finished, the sample was then placed face-down in a new mould

and mounted together with an electrical connection, as described in Section

3.2.2.3.

3.2.3.3 EIS testing of resin-impregnated samples

As with the initial testing, EIS parameters were kept constant from Phase One.

Testing was carried out in HBSS+Ca. EIS spectra and corresponding analy-

sis including equivalent circuit modelling using EChem Analyst and SEM-EDS

analysis, will be presented related to the following investigations:

1. Pore-free FeMn and FeMnAg - to investigate the role of porosity on the

results acquired in Phase One;

2. MnO-free, pore-free FeMn and FeMnAg - to determine the extent of MnO

inclusion influence on the long term corrosion behaviour.

When carrying out the investigation on the effect of MnO inclusions on cor-

rosion, several tests were also run in physiological saline i.e. 0.9% NaCl, to assist

with the analysis, as will be described in Section 4.2.2.

3.2.3.4 Active area measurement

For the measurement of active area i.e. the area of the prepared material sub-

jected to the testing conditions, the samples were imaged using a Zeiss Axioscope

5 microscope (Germany) for at least 20 times. Each micrograph was then pro-

cessed using ImageJ. The processing flow is presented in Figure 3.4a, where the

original image was first changed into an 8-bit image (or grayscale) and then bina-

rised (black and white). The last step was done using the threshold function in

which the red area represented in Figure 3.4c was adjusted until only the black

area was covered. Lighter gray areas represented either shallow pores which were

not covered with the epoxy, or MnO inclusions. The binarised image could then

be “measured” for the percentage pore area. The standard deviation was mea-

sured and the standard error was calculated (with a confidence interval of 95%).

105



3.2 Corrosion testing

(a)

(b) (c)

Figure 3.4: (a) Three-step process carried out using ImageJ including (i) imag-
ing, (ii) changing the micrograph to greyscale and (iii) binarising (b) a high-
magnification optical image of a ground resin impregnated coupon and (c) cor-
responding thresholding exercise for micrograph in (b) eliminating porosity but
including MnO-rich inclusions.

3.2.4 Phase Three - Investigating the influence of BSA

additions using EIS

Following the results achieved in the first two phases related to the use of HBSS

and HBSS+Ca in in vitro testing, tests were carried out in HBSS+Ca with ad-

ditions of 20.6 g L−1 BSA, similar to the concentration of protein in interstitial

fluid [242] - an attempt at taking the next step towards a more representative in

vitro environment.
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3.2.4.1 Choosing an antimicrobial

As discussed in Chapter 2, the prolonged exposure of protein-containing media to

surroundings results in a high risk of microbial contamination. EIS tests were ini-

tially carried out using commonly utilised antimicrobial sodium azide (NaN3) and

penicillin-streptomycin (Pen-Strep) to evaluate whether their addition in recom-

mended dosages affects the response of the system. The final formulation of the

electrolyte HBSS+BSA based on the results of these experiments are presented

in Table 3.2 in Section 3.2.1.

3.2.4.2 Electrochemical Impedance Spectroscopy

Electrochemical impedance spectroscopy tests and post-test characterisation were

carried out following the same procedure described in Section 3.2.2.4. The mate-

rial preparation for these tests was carried out according to the procedure outlined

in Phase Two including the oxide-removal procedure, elimination of porosity and

active area measurement.

3.2.4.3 Raman spectroscopy

In order to detect protein adsorption on the samples tested in HBSS+BSA, dried

samples were subjected to Raman Spectroscopy. The analysis was carried out

using a Horiba Scientific Raman spectrometer (Japan) fitted with a CCD mul-

tichannel detector. Spectra were collected at room temperature using a 532 nm

laser (green light), a 1800 grating and an acquisition time of 25 s. The range of

Raman shift analysed was between 800 and 1800 cm−1. The resultant peaks were

indexed using KnowItAll software (Wiley, USA).

3.2.5 Phase Four - Static immersion testing

As done in Phase Three based on the results of Phase Two, FeMn samples were

once again chosen to conduct further tests aimed at evaluating the influence of the

electrolyte and testing conditions over longer periods of time. For this purpose,

static immersion tests were carried out in HBSS, HBSS+Ca and HBSS+BSA

over a period of up to 28 days.
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3.2.5.1 Sample preparation

The samples used for static immersion testing were prepared using the same

procedure and sintering parameters used in previous phases according to the

description in Section 3.2.2.1. In this case, the samples were machined to measure

15 x 10 x 4.5 mm and ground using SiC paper up till P2500. A 2 mm hole was

drilled into the sample to facilitate suspension in the electrolyte during the test.

All samples were subjected to the MnO-removal procedure outlined in Section

3.2.3.1.1 wherein each sample was ultrasonicated for 5 min in 1 M HCl and 3.5

g L−1 HMTA followed by rinsing with deionised water and 5 min ultrasonication

in ethanol1. All cleaned samples were dried and stored in a vacuum desiccator

until use.

The list of samples prepared per interval is presented in Table 3.3 along with

the post-characterisation testing carried out on each sample2. The same amount

of samples and procedures were carried out for all three electrolytes used in this

exercise i.e. HBSS, HBSS+Ca and HBSS+BSA.

1Removal of MnO inclusions was opted for to simplify the mass loss measurements described
in Section 3.2.5.4

2Only two samples were used for the 7 day testing interval due to logistical limitations.
Static immersion testing were carried out with available samples from previous sintering runs
due to long-term unavailability of the tube furnace.

Table 3.3: Tests carried out on the samples used for static immersion testing.
The same number of samples and tests apply for each set of FeMn samples tested
in different electrolytes.

108



3.2 Corrosion testing

3.2.5.2 Static immersion setup

Considering the extent of the test duration, the samples were fully setup in a Fast

V laminar flow hood (Dasit Group, Italy) to avoid the possibility of microbial

growth during the test. The HBSS and HBSS+Ca specified in Section 3.2.1 were

purchased in sterile-filtered condition and could therefore be used as-purchased.

For the preparation of HBSS+BSA, 10.3 g of BSA (Sigma Aldrich A2153) was

weighed and dissolved in 50 mL of HBSS+Ca. The concentrate was then sterile-

filtered through 0.22 µm filters (Merck, USA) and added to 450 mL of sterile

HBSS+Ca. Furthermore, 10 mLL−1 of Pen-Strep (Gibco 15140122) was added

to the HBSS+BSA to further avoid microbial growth during the testing period.

The pH of each solution was adjusted to 7.4 using a 0.1 M HCl solution.

Both testing cups and the prepared FeMn samples were sterilised with 70%

ethanol and left to dry under laminar flow. Once dried, the samples were sus-

pended using similarly sterilised nylon string. The cups were filled with 150 mL1

of the testing electrolyte, labelled and firmly closed. The schematic of the indi-

1This volume exceeds the suggested volume-to-area ratio suggested by ASTM G31 (2021)
ensuring sufficient electrolyte volume.

Figure 3.5: Schematic representation of immersion testing setup for individual
samples.
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vidual sample setup, is represented in Figure 3.5. For each condition, a sample

cup containing just the electrolyte i.e. no metal sample, was exposed to the

same testing conditions, to provide control measurements. This sample for each

condition will be referred to as the blank.

The tests were conducted in an incubator (LEEC, UK) at 37°C. Since the

HBSS formulation is designed to equilibrate with the CO2 concentration in air

[243], the tests were conducted in air with loosened caps.

3.2.5.3 pH measurement

The pH of the electrolytes following testing was measured for each test after the

solution was allowed to return to room temperature, thus matching the conditions

at which the pH of the electrolytes was originally set to 7.4. The pH of the blank

solutions at each interval was also measured. Measurements were carried out

using a calibrated Jenway 3510 pH meter (USA).

3.2.5.4 Mass loss measurement

Prior to the initiation of the static immersion testing period, FeMn samples were

used to determine the influence of commonly used cleaning solutions suggested in

ASTM G1 (Standard Practice for Preparing, Cleaning, and Evaluating Corrosion

Test Specimens - 2017) [68] on the blank i.e. non-corroded metal, as suggested

by the same standard. Any impact of the removal procedure on the metal could

naturally influence the analysis of mass loss due to corrosion during the testing

period.

The most commonly used formulation in literature is a mixture of 6 M HCl

and 3.5 g L−1 HMTA topped up with deionised water, as indicated in Table 2.2.

A variation of this solution with 1 M of HCl instead of 6 M, is used in this study

to eliminate MnO from the surface of FeMn samples. The same formulation was

used in the successful removal of surface rust from a piece of rusted mild steel bar.

The process was aided with ultrasonication for 15 min. The same procedure was

therefore applied to 5 FeMn samples whose dimensions were measured accurately

using Vernier calipers. Following the procedure, the samples were rinsed with

deionised water, ultrasonicated for 5 min in ethanol and dried for several hours

110



3.2 Corrosion testing

in vacuum. The mass of the dry samples before and after the procedure were

recorded with a Precisa precision balance (Switzerland) with a resolution of 0.0001

g. The mass lost by the blank FeMn was 2.28 ± 0.42 mg cm−2 (Std. error, n =

5).

Mass loss measurements were carried out with 5 samples from each condition

as described in Table 3.3. The dimensions and mass of each cleaned sample were

recorded prior to the test and following the cleaning procedure described herein.

The area used throughout this analysis is the apparent area due to the lack of

improved means to measure the additional area within the pores.

3.2.5.5 SEM-EDS analysis

SEM-EDS analysis was carried out on both representative sample surfaces as

well as their cross-sections for better corrosion product characterisation. Each

sample was mounted on an aluminium stub and gold-coated for 30 s using an

Auto sputter coater (Agar, USA) to ensure corrosion products were sufficiently

conductive for proper analyses.

Following SEM-EDS analysis of the surfaces, the samples were carefully re-

moved and mounted on a tapered steel section (Struers, Denmark) and mounted

in cold-mounting resin (MetPrep, UK) as shown in Figure 3.6. By grinding off an

unspecified thickness of the mounted specimen to expose the sample, one could

observe a magnified cross section of the exposed piece of sample, as schematically

illustrated. The magnification factor is determined by the ratio of the thick-

ness of exposed steel midsection relative to the thickness of the supporting edge,

according to equation 3.1.

Magnificationfactor =
b

a
(3.1)

Each cross-section was ground and polished down to a 0.25 µm colloidal silica

(OP-S, Struers, Denmark) finish, ultrasonicated in ethanol for 5 min and dried in

vacuum. Cross-sections were similarly sputter-coated with gold for 30 s for ease

of analysis.
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Figure 3.6: Schematic representation of sample mounting method for SEM-EDS
analysis of static immersion testing sample cross-sections. The geometrical mea-
surements necessary for calculating the magnification factor as a result of the use
of the steel taper section, a and b, are also marked on the schematic.

3.2.5.6 Raman spectroscopy

Dried static immersion tested samples were analysed using Raman spectroscopy.

The same equipment and settings described in Section 3.2.4.3 were used for this

analysis. The range analysed was between 500 and 1800 cm−1. The resultant

peaks were indexed using KnowItAll software (Wiley, USA).

Note: XRD analysis of representative tested surfaces and ICP-OES (Inductively

Coupled Plasma - Optical Emission Spectroscopy) analysis of the testing extracts

were both planned to be carried out following test completion. Unfortunately

both the ICP-OES instrument as well as the available diffractometer suffered

breakdowns during the immersion tests and the analyses could not be performed.

Whereas the ICP-OES instrument was unavailable indefinitely, select XRD pat-

terns collected from the tested samples following the equipment maintenance,

indicated a strong presence of FeCl2.4H2O, which signaled that corrosion pro-

gressed following test completion despite storage in sealed boxes with desiccant

[244]. The results obtained would therefore not reflect the products formed during

the testing period.
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3.2.6 Phase Five - In vivo testing

In vivo testing was carried out as part of a Masters’ thesis carried out by Mr.

Luke Saliba M.D. who tested the same materials studied in this doctoral thesis.

The procedure that follows was carried out by Mr. Saliba whereas all instances

of sample preparation and analyses of the removed implants, was carried out by

the undersigned. Due to this being partly dependant on Mr. Saliba’s chosen

methodology, the samples tested in in vivo also include (Fe35Mn)1Ag apart from

the FeMn and FeMn5Ag tested thus far in this work.

3.2.6.1 Implant preparation

Coupons were initially prepared by pressing 10 g of mixed Fe35Mn (FeMn),

(Fe35Mn)1Ag (FeMn1Ag) and (Fe35Mn)5Ag (FeMn5Ag) into a 22 mm die at

a pressure of 442 MPa. The green coupons were sintered in a tube furnace

(Nabertherm, Germany) at 1120◦C for 3 h after a ramp rate of 180◦Ch−1. Fol-

lowing furnace cooling, cylindrical pins with a diameter of 2.05 mm and a length

of 5 mm were machined out of the sintered samples using a lathe. Samples were

machined transversally from the sintered sample as shown in Figure 3.7. The

machined samples were then etched in the oxide cleaning solution composed of 1

M HCl supplemented with 3.5 g L−1 hexamethylenetetramine (HMTA) for 5 min

in an ultrasonicator. Following the etch, samples were immersed for 5 min in DI

water and 5 min in ethanol and vacuum dried.

Figure 3.7: Schematic representation of position of machined pins for in vivo test
as machined from sintered flat coupons.
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3.2.6.2 Implantation procedure

In vivo testing was carried out using GAERS rats at the Department of Anatomy

under the supervision of Prof. Pierre Schembri Wismayer M.D1. Each rat was

anaesthetised using isoflurane and then operated on a constant temperature heat-

ing mat (Kent Scientific, USA) by Mr Luke Saliba M.D. Pins were implanted in

the cancellous bone in the vertebrae at the base of the rat’s tail. For each ma-

terial, 8 pins were sterilised and implanted in separate rats. An OmniDrill35

micro-drill (World Precision Instruments, USA) was used to create a defect in

the chosen vertebra such that the pin could be inserted perpendicularly with

respect to the direction of the tail. Wounds were closed with Prolene sutures.

Following 6 months of observation, the rats were euthanised using CO2 and the

tails removed.

3.2.6.3 Post-test characterisation

3.2.6.3.1 XRD analysis

For each implant, a sample was completely dislodged from the vertebrae, ultra-

sonicated in ethanol for 5 min and dried in vacuum. XRD analysis was carried

out on the cylinrical face at 2θ angles between 30◦ and 70◦ with a step of 0.02◦

and a scan rate of 1◦min−1. Diffraction was carried out using a Rigaku Ultima

IV (Rigaku, Japan) set in Bragg-Brentano geometry and equipped with a Cu-Kα

source (λ = 0.141 nm).

3.2.6.3.2 SEM-EDS analysis

The surface of the removed and dried implant was further analysed using SEM.

Each sample was fixed from the cylindrical surface onto an aluminium stub using

carbon tape and gold-coated for 30 s using an Auto sputter coater (Agar, USA)

to ensure that the corrosion products at the surface were conductive enough for

consequent analyses.

1Ethical approval was obtained from the Joint Faculty Research Ethics Committee (FREC)
Animal Research Sectoral Sub-committee at the University of Malta.
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Furthermore, for cross-sectional analysis, a separate tail was used from which

an entire implant-containing vertebrae was dried and mounted in cold-mounting

epoxy (Metprep, UK). The mounted bone was then ground until the implant

was exposed and finished using P2500 SiC paper. The ground samples were

then ultrasonicated in ethanol for 5 min and vacuum dried. Prior to SEM-EDS

analysis, the surface was also gold-sputtered for 30 s.

3.3 Powder-processing of FeMn for scaffold ap-

plications

3.3.1 Powder preparation and analysis

The possibility of preparing FeMn foams for biodegradable implant applications

through the powder metallurgy route, is reliant in part on the ability to prepare

powders that have more adequate characteristics than using the highly reactive

elemental Mn in the mix. In view of this, this first part of the investigation

explores the characteristics of ball-milled and alloyed Fe35Mn in relation to ele-

mental mixtures of Fe and Mn.

Table 3.4: List of powders used with designation and preparation method.
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3.3.1.1 Preparation

The powders that will be used in this part of the work are listed in Table 3.4.

Alloyed (A35) and milled (M35) powders were prepared using a Pulverisette 6

ball miller (Fritsch, Germany). In each case, a precision balance with a resolution

of 0.1 mg was used to measure a total of 30 g of the Fe and Mn powder specified in

Table 3.1 in the necessary ratios. A 500 mL hardened stainless steel bowl was then

filled with 900 g of hardened stainless steel balls with a diameter of 10 mm. The

powder was poured on top of the grinding media, setting a ball-to-powder ratio

of 30:1. 1 mL of toluene was then added as a process control agent, as deemed

suitable in previous work [245]. The grinding bowl was equipped with a gassing

lid and an additional clamping system provided by Fritsch for maximum safety,

and secured in the planetary miller holder. Ar gas was then used to purge the air

out of the grinding bowl for 15 s. The miller was set to operate for 10 min and

rest for 20 min at 350 rpm. When milling i.e. to prepare M35, the total milling

time was set to 2 h which translates to 12 mill-rest cycles. When alloying i.e. to

prepare A35, the total milling time was set to 12 h which translates to 72 cycles.

Once the process was complete, the system was allowed to cool overnight to make

sure that the powders inside do not spontaneously ignite. The clamped bowl was

then transferred to a glove box which was purged of air using Ar and assisted by

vacuum. The grinding media were separated from the processed powder using a

vibratory sieve shaker (Fritsch, Germany), and stored in a desiccator.

For blended Fe35Mn (B35) and mixed MA and A35 (MAM), the mixtures

were similarly weighed with a precision balance, placed into centrifuge tubes

loaded with 5 stainless steel balls with a diameter of 10 mm, and tumbled in an

Inversina tumbler (Bio-Components, Switzerland) for 6 h.

3.3.1.2 Characterisation

3.3.1.2.1 Carbon quantification

For measurement of C content in the powders of interest, a LECO-CS230 carbon

analyser1 (LECO Corporation, USA) machine was used with a flow of pure O2.

1In this technique, the sample is heated via induction, assisted by a catalyst. The carbon
in the sample is oxidised to CO2 which is then detected using non-dispersive IR cells. The
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The system was first calibrated using LECO standard no. 501-024 containing

3.29 ± 0.04% C. For each powder, four replicates were weighed using a precision

balance with a resolution of 0.1 mg, aiming at a sample weight of approximately

500 mg. Tungsten flakes were added to the each sample to accelerate the reaction.

LECO analysis was carried out at the Institute of Chemical Technologies and

Analytics within the Technical University of Vienna under the supervision of

Prof. Raquel de Oro Calderon.

3.3.1.2.2 SEM-EDS analysis

For general characterisation of the powders, particles from each sample were

distributed liberally over a piece of carbon tape stuck to an aluminium stub. The

size, morphology and general composition could then be qualitatively analysed

using SEM-EDS. For a more accurate assessment of elemental distribution within

individual particles, the powders were mixed with bakelite (Conducto-Mount,

MetPrep, UK) and mounted using a Remet IPA 30 (UK). The mounted samples

were then ground to SiC paper P2500, polished with 3 µm diamond suspension

(Struers, Denmark) and finalised using 0.25 µm colloidal silica (OP-S) (Struers,

Denmark). The polished samples were ultrasonicated for 5 min in ethanol and

vacuum dried prior to SEM-EDS analysis.

3.3.1.2.3 XRD analysis

XRD was performed using a Bruker D8 Advance (USA) equipped with a copper

source (Cu-Kα, λ = 0.141 nm) and a graphite monochromator. Scans were run

at 2θ angles between 30◦ and 70◦ using a step size of 0.02◦ and a scan rate of

0.3◦min−1. The sample was set to rotate at 15 rpm.

3.3.2 Analysis of pressed-and-sintered samples

The same materials that were initially studied in powder form were then analysed

in pressed-and-sintered form. This analysis was aimed at providing information

measurement is based on the principle that CO2 absorbs energy at specific wavelengths in the
IR spectrum.
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3.3 Powder-processing of FeMn for scaffold applications

on how the materials differ in terms of densification during sintering, and their

capacity for reduction following controlled sample preparation.

3.3.2.1 Sample preparation

For each material i.e. B35, M35, A35 and MAM, 10 g of sample was weighed

using a precision balance with a resolution of 0.1 mg. The powder was then

placed in a die with a cross-section of 55.4 x 6.0 mm and pressed at 200 MPa.

The green samples were then placed in an alumina boat and sintered in a tube

furnace (Nabertherm, Germany) equipped with an alumina tube. Following the

results of powder thermal analysis in the first part of this investigation, two sets of

samples were prepared. The first set was subjected to a heating ramp of 300°Ch−1

followed by 3 h of sintering at 1120°C. The second set of samples were subjected

to the same heating ramp but sintered for 3 h at 1250°C. All samples were furnace

cooled. The whole process was carried out under the flow of N2-10H2
1.

3.3.2.2 Characterisation

3.3.2.2.1 XRD analysis

A sample was sectioned from each sintered sample, ground to a finish of P1200

using SiC papers, ultrasonicated in ethanol and dried. XRD analysis was carried

out between 30° and 70°C using a Philips X’pert MPDII (USA) equipped with a

Cu source (Cu-Kα, λ = 0.141 nm). The samples was rotated during the duration

of the test.

3.3.2.2.2 Microscopy

Samples used for XRD analysis were consequently mounted in bakelite and pol-

ished according to the standard procedure used in this work, as outlined in Section

3.1.2. After polishing, the samples were etched using a 2% Nital etchant for 10

s, dried and stored in vacuum until analysis.

1These tests were carried out at the Technical University of Vienna wherein use of premixed
N2-5H2 gas as used in the rest of the dissertation, was not possible. The N2-10H2 was mixed
in-line using N2 and H2. 10% H2 was the lowest fraction of H2 achievable by manual control of
the equipped regulator flow gauges.
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Optical microscopy was carried out using a Zeiss Axioscope 5 (Germany)

whereas SEM analysis was performed using a Carl Zeiss FE-SEM Merlin Gem-

ini II column (Germany) as described in Section 3.1.2. EDS analysis was also

performed on regions-of-interest.

3.3.3 Scaffold preparation and analysis

Previous work carried out by postgraduate students [246, 247] within the same

research group has demonstrated the possibility of fabricating customised scaffold

structures by modifying the traditional replication method to include a tailored

3D printed template instead of reticulated off-the-shelf polyurethane foams. In

this section, the methods employed to explore the potential of extending this

process to prepare Fe35Mn foams using M35 and A35 powders, will be described.

3.3.3.1 The modified replication method

The principal steps included in the preparation of porous scaffold structures using

the proposed modified replication method, are schematically represented in Figure

3.8a.

In the first step, a customised template is prepared using CAD software. For

simplified testing purposes, this work only includes the use of simple cubic tem-

plates with orthogonally arranged pores and side lengths of 10.8 mm. Templates

were printed in batches using a Formlabs Form 2 stereolithography (SLA) printer

(Netherlands) and Standard Gray resin supplied by the same company, with layer

thickness of 100 µm1. All models were orientated as illustrated in Figure 3.8b in

order to encourage better dimensional accuracy. Following printing, the samples

were subjected to a UV curing step for 2 h using UV light with a wavelength of

405 nm. In this way, samples were only partially cured leaving behind a layer

of uncured resin that provided surface “tackiness”. This characteristic proved

useful in the next step of the process in which the templates were placed in a 50

1While the technology allows for layer thickness of as low as 25 µm, previous work using
the same materials has indicated that reducing the thickness below 100 µm did not contribute
to better replication using the metal powders used in this work [246]
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(a)

(b) (c)

Figure 3.8: (a) Schematic outlining the principal steps for the preparation of
customisable porous scaffolds using the modified replication method, (b) schematic
showing the printing orientation used to avoid geometrical distortion during the
printing process and (c) schematic of the two sintering configurations used in this
work.

mL centrifuge tube along with approximately 15 g of the prepared metal pow-

ders, and tumbled in an Inversina tumbler (Bio-Components, Switzerland) for 30

min. Following this step, excess powder was removed using compressed air while

wearing suitable safety equipment. Dry-coated samples were then placed on an

alumina plate and sintered in a tube furnace for 3 h at 1120°C following a ramp
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Figure 3.9: Schematic representation of sample cross-sections showing the sys-
tematic approach in which EDS analysis was done to identify any compositional
trends, in particular with respect to wt.% Mn in the austenite matrix. The arrows
and red points represent where analysis was carried out.

of 300°Ch−1. Sintering was carried out under 120 L h−1 of N2-5H2 flow.

Related to this part of the study, results will be presented for samples sintered

using two “configurations” within the tube furnace; shielded and exposed - the

two are schematically represented in Figure 3.8c. Exposed samples were simply

placed on the aforementioned alumina plate. Following the positive observations

reported when using semi-closed containers to create micro-atmospheres for the

sintering of Mn-containing steel coupons, this approach was also tested using

a simple shielding setup in this work. Stainless steel (SAE 304) pipes with a

diameter of 20 mm and wall thickness of 2 mm were used to provide shielding

from the sides whereas round bars of the same material were machined to create

“caps” as illustrated in the schematic.

In this work, foams were prepared using M35 and A35 powders in both exposed

and shielded configurations. In each sintering treatment, two samples from each

condition were sintered to make sure that any observations made were indeed

repeatable1.

3.3.3.2 Characterisation

3.3.3.2.1 XRD analysis

For XRD analysis, sintered foams were sectioned in half using a diamond wire

cutter (WireTec, Italy), ground to a finish of P1200 using SiC grinding paper,

1The amount of repeats per treatment was limited by the constant heat volume of the tube
furnace used.
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ultrasonicated in ethanol for 5 min and dried. The ground surface was scanned

using a Bruker D8 Advance (USA) equipped with a copper source and a graphite

monochromator. Tests were run between 30° and 70° at a scan rate of 0.3°min−1.

The scans were run thrice in succession with the EVA software (Bruker, USA)

integrating the signals to reduce the signal-to-noise ratio for the low-intensity

data achieved.

3.3.3.2.2 SEM-EDS analysis

SEM-EDS analysis was carried out on both foam surfaces as well as cross-sections

of the same samples. The as-sintered surfaces were first analysed using the same

SEM equipment described in Section 3.1.2. To analyse cross-sections, represen-

tative samples were once again sectioned in half using a diamond wire cutter

(WireTec, Italy) and cold-mounted using Epo-Set epoxy resin (MetPrep, UK).

While curing, the cold-mounted samples were placed in vacuum to assist in re-

moving trapped air from the sample porosity. When the epoxy was fully cured,

the samples were polished down up to 0.25 µm colloidal silica (OP-S, Struers,

Denmark). Samples were etched using 2% Nital etchant for 10 s before analysis.

In order to enhance imaging, taking into consideration the non-conductive epoxy

mount used, the samples were gold-coated for 30 s using an Agar sputter coater

(Agar, USA).

In order to characterise any trends in the compositional make-up of the mi-

crostructure from one area of the foams structures to another, EDS was carried on

the cross-sections systematically, taking at least three measurements per strut,

moving across the cross-section from left to right and from top to bottom, as

illustrated in Figure 3.9.

3.3.4 Thermal analysis

Thermal analyses of as-received and as-processed powders as well as delubricated

samples, was carried out at the Institute of Chemical Technologies and Analytics

within the Technical University of Vienna under the supervision of Prof. Raquel

de Oro Calderon.
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The analysis includes simultaneous Differential Thermal Analysis (DTA),

thermogravimetry (TG) and mass-spectroscopy (MS) of approximately 100 mg

of sample prepared in alumina crucibles. For each sample, weighing was carried

out using a precision balance with a resolution of 0.1 mg before loading the

crucible in a modular Simultaneous Thermal Analyzer Netzsch STA 449 C

(Germany) coupled with an Aeolos quadrupole mass spectrometer (Netzsch) by

a quartz capillary. Tests were run under Ar flow. In each case, the temperature

was ramped to 1500◦C at 20◦Cmin−1. Cooling was carried out at the same

rate. For MS, the masses registered in these experiments were 12 (C), 14 (N),

15 (CH3), 16 (CH4, O), 17 (OH), 18 (H2O), 28 (CO, N2), 32 (O2) and 44 (CO2).

In order to keep presented plots relatively simple, only the gases needed for

complete interpretation of the results will be presented.

Raw and processed powders

Thermal analysis was firstly carried out on raw and processed powders i.e.

as-supplied Fe, Mn and MA, as-processed M35 and A35 and as-tumbled B35

and MAM. Please refer to Table 3.4 for more details on powder preparation.

Delubricated foams

The same analysis was also carried out on delubricated samples. The sintering

treatment could not be more accurately replicated during the thermal analysis

cycles due to the spatial restrictions of alumina crucibles as well as to prevent

polymeric degradation products from contaminating the sensitive equipment. To

this end, the first stage of the replication method described in Section 3.3.3.1 was

carried out in a Nabertherm tube furnace. Polymeric templates were likewise

dry-coated with the specified powder and placed in either exposed or shielded

configurations. The temperature was then ramped at 300°Ch−1 up till 700°C and

held for 30 min. The process was carried out under the flow of N2-10H2. This

process enabled the polymeric templates to be removed in the same manner as

in the regular procedure. The resultant templates were very brittle pre-sintered

foams that could easily be crushed into small chunks, more suitable for thermal

analysis.
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Carbon quantification was performed on delubricated samples subjected to

the same procedure. The methodology for carbon measurement is identical to

that described in Section 3.3.1.2.1, however in this case, the sample weight was

approximately 50 mg. Tests were repeated thrice for statistical analysis.

For all tests, the data was analysed using Proteus, a dedicated software by

Netzsch (Germany) that allows for facilitated examination and signal process-

ing of multiple curves. DTA, TG and MS curves obtained when running blank

experiments i.e. with an empty alumina crucible in the same conditions, were

subtracted from all experimental data related to tested samples.

3.3.5 Summarised methodology

The following diagrams, Figures 3.10 and 3.11 summarise the principal tests

carried out in each testing phase and the order in which they are presented

in Chapter 4, for both the Corrosion Testing and the Powder Processing sections.

Corrosion testing

Figure 3.10: Diagram showing the summarised order of tests carried out in testing
phases related to Corrosion Testing.
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Figure 3.10 (continued): Diagram showing the summarised order of tests carried
out in testing phases related to Corrosion Testing.
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Powder processing of FeMn for scaffold applications

Figure 3.11: Diagram showing the summarised order of tests carried out in testing
phases related to Powder processing of FeMn powders for scaffold applications.
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Results and Discussion

Results achieved through execution of the methods described in Chapter 3, are

presented and discussed in detail in this chapter. Following results of powder

characterisation in Section 4.1, Sections 4.2 and 4.3 present the results related

to Corrosion testing and Powder processing of FeMn for scaffold applications,

respectively. Both these sections are split up according to the testing phases

outlined in Chapter 3. Following presentation of results pertaining to each testing

phase, the same testing outcomes are discussed in detail at the end of each phase,

followed by a list of principal conclusions.

4.1 Powder characterisation

4.1.1 Microscopical analysis

Micrographs showing the size and morphology of the as-received Fe, Mn and Ag

powder can be seen in Figure 4.1 (a), (c) and (e) respectively. The images reveal

the rather rounded, albeit irregular shape of the Fe and Ag particles as opposed

to the angular morphology of the more brittle Mn powder. One should note that

the small size of the Ag powders led to agglomeration in storage and thus the

clusters shown in Figure 4.1e are actually composed of multiple Ag particles.

Cross-sectional analysis of the powders was mainly carried out in order to

identify any irregular inclusions incorporated within the elemental powders. In

this way, one could eliminate any doubts as to the source of contamination related
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Table 4.1: EDS analysis corresponding to regions-of-interest marked in Figure 4.1
in wt.%.

to the as-received materials in subsequent testing. Figure 4.1 (b), (d) and (f) show

cross-sections of Fe, Mn and Ag powder respectively, whereas corresponding EDS

analysis of the marked regions-of-interest, is found in Table 4.1. The Fe powder

cross-section revealed multiple labelled inclusions. In each case, a high wt.%

O content was detected, often with lower amounts of highly oxidation-sensitive

metals like Al, Ti, Si, Mg, Ca, V and Cr, most likely incorporated during the

atomisation process used for powder production. Mn and Ag powders contained

no observable foreign inclusions.

A similar SEM analysis for the Fe35Mn4C master alloy used during thermal

analysis in Section 4.3.1, is presented in Figure 4.2. This powder contained no

distinct inclusions. Arrows on Figure 4.2b, point towards points which contained

slightly higher wt.% of O compared to the FeMnC matrix. Although EDS analysis

of O concentration is not accurate, point analysis on these regions measured

approximately 8-14 wt.% O. The rest of the FeMnC powder exhibited a matrix

with an average wt.% Fe:Mn ratio of 63.9:36.1. C content on average measured

unexpectedly high at 12.43 wt.% however with a measurement error % of 11.03%.

For C quantification, more accurate results are presented in Section 4.3.1.3 with

measurements carried out using a specialised carbon analyser.
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(a) (b)

(c) (d)

(e) (f)

Figure 4.1: SEM micrographs of elemental (a) Fe (c) Mn and (e) Ag and corre-
sponding polished cross-sections in (b), (d) and (f) respectively. Markings indicat-
ing regions-of-interest for EDS analysis correspond to data in Table 4.1.
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(a) (b)

Figure 4.2: SEM micrographs of (a) Fe35Mn4C master-alloy designated as MA
and (b) its cross-section. Arrows in (b) point towards regions containing a slightly
higher O wt.%.

4.1.2 Phase analysis

The results of X-ray diffraction analysis carried out on the elemental powders,

is presented in Figure 4.3. All powders exhibited well-defined peaks that corre-

sponded well with cards within the ICDD database. Card numbers 01-080-3816,

00-032-0637 and 00-04-0783 matched the Fe (BCC), Mn (BCC) and Ag (FCC)

patterns respectively. Powders kept in storage for long periods of time, were

re-analysed prior to use to make sure that the powders did not undergo any

significant changes beyond natural oxidation in air.

4.2 Corrosion testing

As outlined in Chapter 3, the corrosion testing carried out in this work can be

split in five main phases. In this chapter, the results for each phase will be

presented followed by a discussion pertaining to that specific work.

4.2.1 Phase One - Corrosion testing of porous alloys

Phase One incorporates the initial tests carried out on uniaxially-pressed and

sintered Fe, FeMn and FeMnAg coupons. The aim of this initial work, was to

gain insight into the evolving degradation behaviour of Fe, FeMn and FeMnAg
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Figure 4.3: XRD patterns for elemental Fe, Mn and Ag powders.

over a 24 h period, using a variety of electrochemical techniques. In this way,

any misleading advantages or disadvantages of alloying with Mn and noble Ag

additions implied by extremely short-term in vitro tests, could be deconstructed

based on the observed trends. Using the same techniques, this section also in-

cludes analyses on the influence of Ca2+ ions in the electrolyte on the degradation

of Fe-based alloys, through testing in two commonly used solutions; HBSS and

HBSS+Ca.

The vast majority of the work presented in this section has been published

as a two-part collaborative publication in the peer-reviewed journal Bioactive

Materials [76, 77].
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4.2.1.1 Material characterisation

SEM images of the sintered Fe, FeMn and FeMnAg coupons are shown in Figure

4.4. The percentage porosity area based on binarisation of optical micrographs

for each material, is presented in Table 4.2. The significantly lower percentage

porosity in Fe coupons is due both to the higher compressibility of Fe relative to

Mn-containing powder mixtures, as well as the facilitated self-diffusion of the pure

metal mixture during sintering. The micrographs generally show a single phase

composition for the Fe coupons whereas Figure 4.4 (d) and (f) reveal additional

dark inclusions for FeMn and FeMnAg coupons. EDS mapping for these two

materials presented in Figure 4.5, reveals that the darker inclusions as well as

porous areas were both rich in Mn and O, suggesting the inclusion of Mn-rich

oxides in the Mn-containing microstructures, as expected. The presence of oxides

within the pores could have affected the rate of pore closure during sintering

for FeMn and FeMnAg - another contributor to the higher porosity percentages

presented in Table 4.2. The averaged wt.% of Mn in multiple areas on the FeMn

and FeMnAg matrix are also presented in Table 4.2. Although 35 wt.% Mn was

added to the mixture when preparing the green coupons, the final microstructures

contained 33.75 ± 0.46 wt.% and 33.06 ± 0.74 wt.% Mn for FeMn and FeMnAg

respectively. The slight loss in Mn is most likely either due to sublimation or

losses for formation of Mn-rich oxides [205]. Furthermore, the microstructure of

the FeMnAg coupon in Figure 4.4f shows a homogeneous distribution of a lightly

coloured phase which corresponds to Ag. Since Ag melts at 962°C and is not

Table 4.2: Percentage area porosity and wt.% Mn in austenitic phase for Fe,
FeMn and FeMnAg. Error represents standard error (n = 30).
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soluble in either Fe or Mn, it flows to fill in a portion of the porosity above this

temperature [132, 248].

(a) (b)

(c) (d)

(e) (f)

Figure 4.4: SEM micrographs of polished (a-b) Fe, (c-d) FeMn and (e-f) FeMnAg.
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(a)

(b)

Figure 4.5: SEM micrograph of (a) FeMn and (b) FeMnAg with corresponding
EDS distribution maps for Fe, Mn, O and Ag.

The XRD patterns for the sintered coupons, are exhibited in Figure 4.6. The

results confirm the presence of a single ferritic phase for Fe (α-Fe, PDF Card

No. 04-015-2437). It also confirms that the resultant Mn wt.% in the FeMn and

FeMnAg matrices, is sufficient to stabilise the γ-austenite phase (γ-FeMn, PDF

Card No. 04-006-6664), leaving no residual α-Fe and α-Mn. The oxide inclusions

in the Mn-containing coupons were confirmed to be MnO (PDF Card No. 04-

002-8159) although the similarity of the Fe and Mn atoms make it quite possible

for certain oxide inclusions to contain substitutional Fe atoms to form (Fe,Mn)O,

which shares a very similar XRD pattern. However, considering the relative

reactivity of Mn, MnO is still the most likely oxide to form under the sintering

conditions used. The XRD pattern for FeMnAg also shows peaks corresponding

to a Ag-rich phase (PDF Card No. 01-080-4432).
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Figure 4.6: XRD patterns for ground Fe, FeMn and FeMnAg coupons.

4.2.1.2 Potentiodynamic testing

Representative Tafel plots for the PDP tests carried out on Fe, FeMn and FeMnAg

in HBSS and HBSS+Ca, are presented in Figure 4.7a with corresponding calcu-

lated icorr values in Figure 4.7b. The icorr values clearly exhibited a large spread

as represented by the significant calculated standard error. However, some clear

differences are evident. In each case the current density measured at the surface

of corroding Fe was considerably lower than for FeMn and FeMnAg. Moreover,

both Fe and FeMn clearly generated higher current densities in HBSS compared

to HBSS+Ca. In HBSS+Ca, FeMnAg corroded the most whereas in HBSS, FeMn

generated the highest current densities.

It is important to note that despite the fact that the unit for current density

is marked as µA, the data was normalised per unit apparent area, as measured

using Vernier calipers. However, due to the difficulty in accounting for the actual

area i.e. including exposed porosity area, there is a possibility that the values for
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(a) (b)

Figure 4.7: Potentiodynamic test results (a) Tafel slopes for Fe, FeMn and FeM-
nAg tested in HBSS and HBSS+Ca and (b) corresponding average current densi-
ties. Error bars represent standard error [n = 4].

FeMn and FeMnAg in particular, are slightly overestimated relative to the values

for Fe.

4.2.1.3 Electrochemical Impedance Spectroscopy

4.2.1.3.1 Test plots

Bode plots presented in Figure 4.8 show the change in absolute impedance and

phase shift as a function of frequency for Fe, FeMn and FeMnAg tested in HBSS

and HBSS+Ca over a 24 h period.

The most obvious distinction between the two sets of samples tested in the

different electrolytes, is the additional time constant present at higher frequency

for samples tested in HBSS+Ca. For the samples tested in HBSS, Figure 4.8 (a),

(c) and (e), a single phase shift was observed around the same frequencies (1-100

Hz) that the charge transfer resistance and the electrical double layer of similar

alloys generally respond [107, 134, 166]. On the other hand, samples tested in

HBSS+Ca exhibited a second time constant between 1 and 10 kHz. After the

initial 30 min of immersion, the mid-frequency time constant was not clearly

discernible when testing pure Fe. However, there was still a clear deviation from

the 0° phase shift displayed by the same metal at high frequencies when testing in

HBSS, indicating the potential formation of corrosion products that behave as a
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(a) (b)

(c) (d)

(e) (f)

Figure 4.8: Bode plots for (a) Fe in HBSS (b) Fe in HBSS+Ca (c) FeMn in HBSS
(d) FeMn in HBSS+Ca (e) FeMnAg in HBSS and (f) FeMnAg in HBSS+Ca.
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partially protective barrier similar to what was observed by Mei et al. [159] with

Mg alloys. In the case of FeMn and FeMnAg, the additional time constant was

visible from the start of the test. In general, its evolution progressed similarly for

all metals, with an increase in negative phase shift and a corresponding rise in

mid-frequency impedance. For FeMnAg, the mid-frequency time constant showed

a decreasing negative phase shift and decreased mid-frequency impedance after

approximately 9 h.

4.2.1.3.2 Equivalent circuit modelling

The spectra for the alloys immersed in HBSS+Ca were modelled using the equiv-

alent circuit model illustrated in Figure 4.9 to gain a better understanding of the

corrosion layer evolution. The electrolyte resistance is represented by Rs, while

the charge transfer resistance and double layer capacitance are represented by

Rct and CPEdl, respectively. Rlayer represents the additional protective layer’s

resistance, whereas CPElayer stands for its capacitive behaviour. To account for

the nonideal behaviour of features in realistic systems, constant phase elements

(CPEs) were used instead of capacitors for reasons outlined in Section 2.1.2.2.4.

The associated capacitance could then be calculated based on the CPE coefficient

and exponent using equation 4.1, rewritten hereunder using the denoted symbols

for the electrical components associated with the corrosion product layer.

Clayer = Rlayer

1−alayer
alayer .CPElayer

1
alayer (4.1)

Using this equation in this case was acceptable since the exponent, alayer, was

consistently in the vicinity of 0.7 or over, as the equation constrains. The full fit-

ting results, including the goodness-of-fit indicator χ2, can be found in Appendix

A, Tables A.1, A.2 and A.3.

Graphical representations of the evolution of the fitting results of interest are

presented in Figure 4.10. Figure 4.10 (b) and (c) depict the evolution of Rlayer

and Clayer over the 24 h period. In general, the resistance of the additional layer

Rlayer for Fe in HBSS+Ca increased gradually over the course of 24 h. In the

case of FeMn, the Rlayer value increased steeply upon immersion, followed by a

gradual increase over the course of the test. Although the Rlayer for FeMnAg
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Figure 4.9: Nested equivalent circuit model used for modelling systems presented
in Figure 4.8.

increased even more steeply upon immersion, the resistance began to drop after

about 9 h, corresponding to the changes in mid-frequency phase shift observed in

the Bode plot. A similar shift was observed in the Clayer evolution for FeMnAg,

starting at around 11 h. The sudden increase in capacitance implied a drop in

the impedance contribution from this component, due to the inverse proportional

relationship between capacitance and impedance (equation 2.14). Following this

increase, Clayer gradually dropped towards the initially measured values.

An additional relaxation process was observed at low frequencies particularly

in the tests carried out on FeMn and FeMnAg. This could be easily observed in

sample Nyquist plots shown in Figures 4.11 (a) and (b) with results obtained after

1 h from immersion. Not quite at 45° to the real impedance (Z’) axis as in War-

burg diffusion, the angled extension at low frequencies is more representative of a

more complex diffusion process likely brought about by the highly porous nature

of the FeMn and FeMnAg working electrodes. In fact, the tests performed with

Fe did not display the same behaviour. Sharma et al. [230] similarly observed

this low frequency relaxation when testing microporous Fe, the feature becoming

more pronounced with increase in volume porosity and disappearing completely

for dense Fe, as in Figure 4.8a (Fe in HBSS). Since neither Warburg elements

nor CPE elements could accurately represent diffusion through the complex pore

geometries [66, 67] and due to lower frequencies being most susceptible to distor-

tion from active dissolution [166], the initial frequencies were excluded from the

data fitting exercise.
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(a)

(b) (c)

Figure 4.10: (a) Progression of total impedance at 0.1 Hz for Fe, FeMn and
FeMnAg immersed in HBSS and HBSS+Ca for 24 h, (b) modelled values of Rlayer

and (c) Clayer for Fe-based alloys immersed in HBSS+Ca for 24 h. Rlayer and Clayer

correspond to the components in the model shown in Figure 4.9.

In tests conducted in HBSS, it was clear from the Bode plots in Figure 4.8 that

FeMn and FeMnAg had much lower initial low frequency impedances than pure

Fe. For FeMn and FeMnAg, this measure increased significantly during the test,

while that of Fe decreased slightly. These trends were also observed in the tests

conducted in HBSS+Ca. Figure 4.10a illustrates the progress of low-frequency

impedance for the metals in both electrolytes. For this analysis, the low frequency

impedance is most representative of the corrosion resistance of the metal in the

absence of reliable modelled Rct and Cdl values for samples tested in HBSS.
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(a)

(b)

Figure 4.11: Nyquist plots for Fe, FeMn and FeMnAg immersed for 1 hr in (a)
HBSS and (b) HBSS+Ca. Solid lines represent the fitted data presented in Figure
4.10.

4.2.1.3.3 Surface characterisation using SEM-EDS

Figures 4.12 and 4.13 show the surface morphologies of the Fe samples immersed

in HBSS and HBSS+Ca following the 24 h EIS test, with corresponding elemental

distribution maps. Numbered regions marked on the figures discussed in this
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Figure 4.12: SEM images of surface morphology of Fe immersed in HBSS for 24
h and corresponding Fe, P and O distribution maps acquired by EDS. Numbered
regions-of-interest correspond to EDS analysis presented in Table 4.3.

section correlate to the EDS analysis presented in Table 4.3. Both Fe surfaces

were clearly partially covered by a flaky layer, the “flaky” characteristic generally

being related to the post-test dehydration process, especially if drying is partially

carried out in vacuum as used in this case[166]. Both surfaces show regions where

the product flaked off, indicating loose attachment to the substrate. EDS results

for regions (1) and (2) on the same corrosion product, indicate it to be an Fe/P-

rich layer, formed both in HBSS and HBSS+Ca. Other than the Fe/P product,

the result for area (2) also shows evidence of Ca on the surface. However, the

map in Figure 4.13 was not particularly helpful at discerning which specific areas

were rich in Ca, which implied that the Ca corresponded to the homogeneously

distributed white products on top of the Fe/P layer.

When observing the surfaces of FeMn following the EIS tests, there was no

evidence of a similar Fe/P layer on the surface. However, points (4) and (5) in

Figures 4.14 (a) and (b) for FeMn immersed in HBSS, show localised Mn/P-rich

products forming on the surface, when compared to the elemental composition of

the rest of the metal surface sampled in area (3). In HBSS+Ca, the Mn/P-rich

deposits were mostly replaced with Ca/P-rich clusters similar to that shown in

Figure 4.14c at points (6) and (7).

The surfaces of FeMnAg following testing in HBSS and HBSS+Ca are shown

in Figure 4.15 and 4.16 respectively, with complementary elemental maps. The

corrosion products are very similar to what was observed on FeMn. Likewise,
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Figure 4.13: SEM images of surface morphology of Fe immersed in HBSS+Ca
for 24 h and corresponding Fe, P, Ca and O distribution maps acquired by EDS.
Numbered regions-of-interest correspond to EDS analysis presented in Table 4.3.

(a)

(b) (c)

Figure 4.14: SEM images of surface morphology of FeMn immersed in (a-b)
HBSS and (c) HBSS+Ca for 24 h. Numbered regions-of-interest correspond to
EDS analysis presented in Table 4.3.
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(a) (b)

(c)

Figure 4.15: (a-b) SEM images of surface morphology of FeMnAg immersed in
HBSS for 24 h and (c) corresponding Fe, Mn, Ag, O and P distribution maps
acquired using EDS for SEM image in (a). Red arrow in (a) indicates presence
of crack propagating through thin corrosion layer. Orange arrows point towards
O and P-rich compounds present in selected pores. Numbered regions-of-interest
correspond to EDS analysis presented in Table 4.3.

there was no dehydrated P-rich layer as observed on the Fe surfaces, but rather

P-rich clusters. In HBSS, flower-like Mn/P-rich deposits like the ones in Figure

4.15a (point 9) were observed all over the sample surface whereas the pores were

filled with products consisting primarily of mixed Fe/Mn and P (Figure 4.15a
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(a)

(b)

Figure 4.16: (a) SEM image of surface morphology of FeMnAg immersed in
HBSS+Ca for 24 h and (b) corresponding Fe, Mn, Ag, Ca, P and O distribution
maps acquired using EDS. Orange arrows point towards O, Ca and P-rich com-
pounds present in selected pores. Numbered regions-of-interest correspond to EDS
analysis presented in Table 4.3.

orange arrows and (b) point 10). In HBSS+Ca, very similar Ca/P clusters to

those found on FeMn were once again observed on FeMnAg with EDS confirming

similar compositional patterns. The orange arrows in Figure 4.16 also indicate

that pores were enriched with Ca, P and O compared to the rest of the sample
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Table 4.3: EDS analysis corresponding to regions-of-interest marked in Figures
4.12 to 4.16, in wt.%.

surface.

Although the metal around the clustered P-rich deposits in both electrolytes

does not seem to be covered by any substantial layers of corrosion product, EDS

analysis of both points (3) and (8) in Figure 4.14 reveal the consistent detection

of higher levels of O compared to a typical γ-FeMn region on the ground surface

before the test, the elemental composition of which is also included in Table 4.3.

This is likely an indicator that a thin layer of oxides/hydroxides is present all over

the sample surface despite it not being clearly visible. Thin cracks around pores

like the one pointed out with a red arrow in Figure 4.15a and in various regions

in Figure 4.16a, also support this hypothesis. Naturally, relative to the concen-

tration of O in dense oxides and phosphates present elsewhere on the surface, the

O distribution maps could not clearly highlight the presence of such oxide layers.
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4.2.1.4 Local pH and dissolved O2 monitoring

4.2.1.4.1 Initial monitoring

The change in pH and dissolved O2 (DO) 50 µm above the midpoint of the Fe,

FeMn and FeMnAg samples during the first 15 min from immersion, is shown in

Figure 4.17 for both HBSS and HBSS+Ca tests. It is important to remember at

this point, that whereas DO consumption is mainly an indicator of a progressing

cathodic reaction, the pH shows the resultant shift from the sum effects of various

reactions. Lowered pH is generally a result of anodic or hydrolysis reactions,

whereas generation of OH- ions from the cathodic reaction, result in a pH increase.

In HBSS, Fe behaved somewhat differently than Mn-containing alloys.

Whereas the pH and DO over the Fe sample gradually changed eventually

settling at 7.44 units and 3.51 mg L−1 respectively, initial corrosion of FeMn and

FeMnAg resulted in a notable spike in pH reaching values of 9 and 10.5 respec-

tively, corresponding with a marked consumption of DO. The measurements

were quick to stabilise over both alloys. While the pH levels remained close

to the bulk 7.4, the DO levels stabilised at 3.71 mg L−1 and 0.53 mg L−1 for

FeMn and FeMnAg. The latter is a clear indication of a strong oxygen reduction

reaction taking place at the FeMnAg surface, as almost all the DO in the vicinity

was immediately consumed within the first 15 min.

Considering the measurements taken in HBSS+Ca, the pH values over all

alloys stabilised within similar ranges as in HBSS, between 7.09 to 7.44. However

the situation with DO varied significantly. Although the DO levels over FeMnAg

were initially quite low relative to the DO in the bulk (5.8 ± 0.2 mg L−1), the plot

exhibits a gradual increase towards a final value of 5.00 mg L−1. Similarly, the

DO over FeMn remained quite high at 4.57 mg L−1 although it dropped briefly

at the start of the test at the same point that the pH probe detected a slight

spike. Completely opposite to the situation in HBSS, the highest consumption

of DO was recorded over the corroding Fe sample with a concentration of 2.84

mg L−1 being reached at the end of the test following a few minutes of increased

consumption and concurrent low pH (at around 6.7) upon immersion.

It is important to remember that the pH and DO probes, although both placed

at a height of 50 µm from the sample surface, were also situated 50 µm apart in
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(a) (b)

(c) (d)

(e) (f)

Figure 4.17: Monitoring of local pH and DO levels in the first 15 minutes upon
immersion of (a) Fe in HBSS (b) Fe in HBSS+Ca (c) FeMn in HBSS (d) FeMn in
HBSS+Ca (e) FeMnAg in HBSS and (f) FeMnAg in HBSS+Ca. The dashed line
indicates the value at which the pH settles in each test.
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the horizontal plane. Therefore, the measured values could be related to activity

taking place in slightly dissimilar local environments.

4.2.1.4.2 Long-term mapping

Following the initial measurements over the midpoint of the sample upon immer-

sion, full maps were measured over the course of 24 h to visualise the evolution

of pH and DO over time and correlate to the progressing visual degradation as

seen using optical microscopy.

Measurements in HBSS

Optical microscopy and corresponding pH and DO maps for Fe immersed in HBSS

are shown in Figure 4.18. The first maps following 20 min from first contact with

the electrolyte, clearly show a localised variation in the environment atop the cor-

roding metal. The left side of the sample experienced a localised lowered pH (at

approx. 6.8) that corresponded both with an increased DO consumption, as well

as with the precipitation of brightly coloured corrosion products in the adjacent

micrograph. The local environment was quick to stabilise and the maps reveal

a rather homogenised environment over the mapped region. The optical micro-

graphs showed sample surfaces that had been covered by the brightly coloured

product after 12 h and that corrosion on the left part of the sample had started

to darken the surface.

With FeMn, the results in Figure 4.19 show that corrosion of the metal in

this case did not result in considerably different localised conditions as observed

with Fe. Both the micrographs and the maps showed a rather homogeneous

stabilisation of the environment. The pH did not change much from the original

7.4, measuring at 7.3 over the sample by the end of the test. On the other

hand, similar to Fe, the DO levels continued to drop over the course of the test,

indicating that there was a steady consumption of DO over the 24 h duration.

Compared to both Fe and FeMn, the initial map of FeMnAg after 20 min

displayed a much more aggressive initiation of the corrosion process. This was

somewhat expected based on the initial 15 min measurement of pH and DO

at the midpoint of the sample, however the full map in Figure 4.20 shows the
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Figure 4.18: Optical micrographs of Fe surfaces immersed in HBSS after mapping
carried out at 20 min, 12 h and 24 h, with corresponding pH and DO maps. Dashed
circles in this and subsequent figures, indicate the placement of the sample relative
to the measurements.

extent of the pH gap measured over the whole exposed area, with the lowest

pH registered at 6.4 at anodic sites and 8.1 at cathodic regions. Moreover one

could clearly see that the oxygen consumption was not extensive only at the

midpoint but over the whole testing area. Based on the initial maps, the mapping

procedure was believed to be too slow to efficiently monitor the evolution of the

rapidly progressing corrosion. Line scans presented in Figure 4.22 were carried
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Figure 4.19: Optical micrographs of FeMn surfaces immersed in HBSS after
mapping carried out at 20 min, 12 h and 24 h, with corresponding pH and DO
maps.

at 1 h intervals with optical micrographs of the sample being tested presented

in Figure 4.21. After just 30 min, the micrographs showed the formation of two

distinct regions on the sample with the left side corroding preferentially. This

half continued to darken with time while the right side accumulated corrosion

products but did not seem to be completely covered by the end of the test. The

first line scan collected 3 h after test initiation, showed that the electrolyte over

the left side of the sample experienced significant acidification (approx. pH =
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Figure 4.20: Optical micrographs of FeMnAg surface immersed in HBSS after
mapping carried out at 20 min, with corresponding pH and DO maps.

6.6) whereas the pH over the right side approached a value of 8.4. At this time

point, the DO was uniform at 0.5 mg L−1. With time, the pH stabilised such

that it measured between 7.4 and 7.6 over the sample width. Meanwhile, the DO

levels gradually increased with time, the levels over the right side of the sample

being slightly higher compared to the DO levels measured over the preferentially

corroding half. Having said this, the final measurements were still lower than

the DO levels measured over both Fe and FeMn after 24 h. The accumulation

of corrosion products on the corroding FeMnAg in HBSS was such that after

15 h from immersion, the probes registered an interfering amount of adherent

precipitates that could have caused irreversible damage to the sensors. This test

was therefore terminated at the 15-h mark.

Measurements in HBSS+Ca

The pH and DO maps and corresponding optical micrographs for tests carried

out on Fe, FeMn and FeMnAg in HBSS+Ca, are presented in Figure 4.23, 4.24

and 4.25-4.26, respectively.

Starting with the results for Fe in Figure 4.23, the micrographs showed the

formation of bright products covering the majority of the surface after just 20

min. The same products continued to accumulate over the next 24 h with dark

regions forming near the centre of the sample at around 12 h. Similar to the result

in HBSS, the first pH maps showed distinct acidified/alkalised regions. However,

the range of pH measured was narrower at 7.05-7.30 as opposed to 6.76-7.36 in
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Figure 4.21: Optical micrographs showing the surface of FeMnAg immersed in
HBSS at different time intervals. The white dashed line indicates the path taken
by the probes for the line scans shown in Figure 4.22.

(a) (b)

Figure 4.22: Line scans showing (a) pH and (b) DO evolution with time over the
surface of FeMnAg immersed in HBSS. The lines correspond to the path indicated
in Figure 4.21. Dashed lines indicate sample placement.

HBSS. The consequent maps showed that the pH had stabilised at around 7.3 by

the 12-h mark. Completely opposite to the outcomes of the test in HBSS, the

DO concentration continued to diminish following a strong initial drop, eventually

reaching the lowest concentration of 0.45 mg L−1 in the 24 h scan.
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Figure 4.23: Optical micrographs of Fe surfaces immersed in HBSS+Ca after
mapping carried out at 20 min, 1 h, 12 h and 24 h, with corresponding pH and DO
maps.
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Once again, the results for corrosion of FeMn in HBSS+Ca in Figure 4.24

show a rather uniform evolution both in the pH and DO measurements as well as

in the changing events recorded in the micrographs. As was observed in HBSS,

the pH was quite stable between 7.16 and 7.30 throughout the 24 h test. However,

as seen with Fe in HBSS+Ca, the DO consumption was not similarly affected and

the O2 concentration dropped to a minimum of 1.90 mg L−1 by the 24 h mark. It

is interesting to note that the initial values of DO were twice as high in HBSS+Ca

at 4.15 mg L−1 compared to those recorded in HBSS at around 2.04 mg L−1.

Results for FeMnAg in Figures 4.25 and 4.26 indicated that although the

initial reaction generated significant localised acidification as in HBSS, the wide

pH range measured by the initially strong microgalvanic reaction in HBSS was

somewhat diminished in the presence of Ca2+ ions, dropping from 6.49-8.10 to

7.10-7.80 in HBSS+Ca, as measured after 20 min. The initial DO measurements

also implied that the cathodic reaction was possibly inhibited as the range mea-

sured in the first map was 4.90-5.65 mg L−1, contrasting with the 0.50-1.40 mg L−1

range measured in HBSS. Interestingly, with FeMnAg in HBSS+Ca, the evolution

of localised pH variation in the generated maps, matched perfectly the changes

observed in the optical micrographs. Over the first 6 h, barely any changes took

place in the DO maps, however, shifting anodic sites corresponded to growing

or emerging dark regions on the micrographs. By the 12-h mark, darkened cor-

rosion products situated towards the lower left side of the sample on the 6 h

micrograph, had grown considerably, as did the DO consumption in the corre-

sponding location on the DO map. In the 6-h gap between the two maps, the

DO consumption had in fact doubled, dropping from approximately 5.00 mg L−1

to 2.50 mg L−1. Following this shift, the DO consumption continued to decrease

consistently towards 0.40 mg L−1 while corrosion products further accumulated

in the area. Notably, despite the consistent DO consumption at this stage, the

pH levels stabilised and did not exceed 7.3, implying that any OH- ions being

generated in the oxygen reduction reaction were being immediately consumed in

the formation of precipitates/corrosion products.
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Figure 4.24: Optical micrographs of FeMn surfaces immersed in HBSS+Ca after
mapping carried out at 20 min, 2 h, 12 h and 24 h, with corresponding pH and DO
maps.
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Figure 4.25: Optical micrographs of FeMnAg surfaces immersed in HBSS+Ca
after mapping carried out at 20 min, 2 h and 6 h, with corresponding pH and DO
maps. Test results continued in Figure 4.26.

Plots summarising the range of pH and DO measured over Fe, FeMn and

FeMnAg in HBSS and HBSS+Ca over the course of the localised tests, are shown

in Figure 4.27 (a) and (b), respectively.
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Figure 4.26: Optical micrographs of FeMnAg surfaces immersed in HBSS+Ca
after mapping carried out at 12 h and 24 h, with corresponding pH and DO maps.

4.2.1.5 Discussion

The results presented in this testing phase explored the role of two important

contributors to an established corroding system - the electrolyte, in particular,

the role of Ca2+ ions, and the Fe alloy composition.

Prior to the 24 h tests, PDP tests were used to acquire an indicator as to

the materials’ performance in both HBSS and HBSS+Ca. The results must be

analysed while keeping in mind that the outcomes cannot be simply projected

onto either EIS or localised measurement results, both of which are carried out

at the free corroding potential, unlike PDP. The results confirmed the general

agreement in literature that Fe corrodes slower than FeMn alloys [107, 108, 111,

134, 137]. It also seemed to indicate that lower current densities were achieved

in HBSS+Ca compared to HBSS.

As noted in Section 4.2.1.2, the icorr values for Mn-containing alloys exhibited

a large spread with significant overlap between FeMn and FeMnAg in HBSS. The

variation itself could be due to several aspects that might cause micro-galvanic
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(a)

(b)

Figure 4.27: Summarised ranges of pH and DO measured over corroding Fe,
FeMn and FeMnAg in (a) HBSS and (b) HBSS+Ca over 24 h. Both pH and
DO measurements were taken simultaneously, however bars were offset to facilitate
visual interpretation. *For FeMnAg immersed in HBSS+Ca, the range is expressed
over 15 h as represented in the line scans in Figure 4.22.

159



4.2 Corrosion testing

acceleration. Although some compositional inhomogeneity was present in the

austenitic matrix, as indicated in the wt.% values for Mn in Table 4.2, the more

likely cause could be the MnO-phase [106, 110, 117], the varying amount and

distribution of which is made difficult to measure by its presence in the samples’

pores, as shown in Figure 4.5. Hermawan et al. [105] were the only group who

commented on the potential cathodic role of MnO inclusions in powder processed

Mn-steels, on the degradation of the austenitic matrix, however did not provide

any experimental evidence to support their assumption. Should MnO really have

a significant impact on corrosion progress, its impact would apply for both FeMn

and FeMnAg. However, in Ag-containing alloys, the Ag-rich phase was included

by design to serve as a microgalvanic accelerator, based on indicative results in lit-

erature [54, 111, 132, 134]. In HBSS+Ca, the added advantage of a homogeneous

distribution of Ag, was evident in the increased icorr values.

However, the inclusion of Ag was not similarly effective in HBSS wherein the

highest icorr values were achieved by FeMn. The reason most likely lies within

the limitations of the PDP test itself. As noted in Chapter 2.1, Tafel extrapola-

tion only applies for activation controlled reactions wherein both the metal ions

and the necessary species for the cathodic reaction, in this case DO, are readily

available at the metal surface. Localised measurements discussed in detail in the

following section clearly show that the corrosion of FeMnAg in HBSS becomes

concentration controlled during the 1 h it takes to establish the OCP prior to the

actual PDP test, explaining the rather unexpected PDP result.

4.2.1.5.1 Corrosion of Fe alloys in HBSS (without Ca2+)

Looking at the results of the initial localised pH and DO measurements in Figure

4.17, the first reactions over corroding Fe in HBSS, did not cause any marked

spikes in the measurements. The DO was slowly consumed as the pH gradually

settled around the typical pH for the electrolyte at 7.44. The map showing the pH

distribution after 20 min from immersion, in Figure 4.18, shows a slightly different

scenario where locally distinct regions were evident despite uniform consumption

of DO. Slightly localised acidified regions could be the result of the hydrolysis
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(a) (b)

Figure 4.28: Change in pH caused by varying concentrations of (a) Fe2+ and
(b) Fe3+ in either 143.26 mM Cl- or 143.26 mM Cl- supplemented with 0.78 mM
HPO4

2- and 4.17 mM HCO3
-. Simulations carried out by Hydra-Medusa [241].

reactions 4.2 and 4.3 [47].

Fe2+ + 2H2O → Fe(OH)2 + 2H+ (4.2)

Fe3+ + 3H2O → Fe(OH)3 + 3H+ (4.3)

One should note, that this acidification was still somewhat limited in HBSS as

a complex saline solution, compared to what would happen in a simple saline

solution. Simulations presented in Figure 4.28 show how the presence of HPO4
2-

and HCO3
- limit acidification with varying log concentration of ferrous and ferric

ions, compared to what would happen in Cl- only. Considering the consequent

pH and DO maps for Fe in HBSS in Figure 4.18, the system was quick to stabilise

with maps showing rather uniform pH and DO levels. While the pH remained

stable, DO levels continued to drop, indicating that whichever corrosion products

accumulated on the surface did not prevent O2 from being consumed, either for

the cathodic reaction or for the formation of further products.

With FeMn, the distinct increased DO consumption over the sample in the

first few minutes coupled with the pH increase observed in Figure 4.17c, is indica-

tive of an initially accelerated reaction. However the maps presented in Figure

4.19 show a very similar progression to Fe in the first 24 h. In fact, the pH and DO
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summary plot in Figure 4.27a clearly illustrates the highly overlapping conditions

over the two metals. Any compositional or structural differences in the corrosion

products formed, as indicated in the SEM-EDS analysis in Section 4.2.1.3.3, do

not seem to affect the progress of corrosion over the two metals in HBSS. One

must remember, that despite the impressive resolution of the localised measure-

ment equipment, it is still restricted to measure the conditions 50 µm above the

surface and therefore any events taking place within the pores, possibly due to

cathodic acceleration by MnO as hypothesised in this discussion, might not be

registered in the scans.

Contrasting with the behaviour of both Fe and FeMn, FeMnAg continued

to consume DO relentlessly in the first 12 min of the local measurements test,

leaving only 0.53 mg L−1 of DO. The DO was clearly contributing towards the

reduction reaction which increased the pH to 10.5. Due to this, even in the

absence of a physical corrosion product “barrier” for current exchange in the

first few minutes, the accelerated microgalvanic reaction caused a concentration

barrier limited by the diffusion rate of O2 towards the surface. Figure 4.26 shows

the result of the microgalvanic reaction. Reddish-brown corrosion products were

observed rapidly accumulating on the left side of the FeMnAg surface which was

clearly serving as the principal anodic region judging by the pH scans in Figure

4.22. The accumulated product served as an additional physical barrier, slowing

down the reaction and leading to pH stabilisation and accumulation of DO on

the surface, as evidenced in the line scans. The environment stabilisation could

also have been a result of the Ag-rich phase on the exposed right side of the

metal surface slowly being covered by forming corrosion products, limiting its

cathodic influence. This was also the reason provided by Wiesener et al. [134]

for dwindling corrosion rates when discussing the long-term ineffectiveness of the

microgalvanic reaction on the degradation of wrought FeMnAg alloys.

EIS testing did not indicate that there was any secondary corrosion product

barrier other than the typical metal-electrolyte interface, for any of the metals in

HBSS. Therefore, any changes in the low-frequency impedance plotted in Figure

4.10a are due either to diffusion related phenomena taking place around the

sample pores or due to the growth of a corrosion layer with properties similar to

those of the natural oxide barrier formed over the Fe-based alloys. In fact, similar
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EIS spectra were obtained by Hu et al. [249] when testing carbon steel in a 3%

NaCl solution, with the increase in impedance attributed to the formation of α-

and γ-FeOOH and Fe3O4.

In order to study how the sample and electrolyte constituents could affect the

corrosion products formed, the Hydra thermodynamic stability constant database

was used to plot equilibrium diagrams of specific ion concentrations against the

pH, using the Medusa [241] software. The full ion concentrations used to prepare

the Medusa diagrams in this discussion are provided in Table 4.4. The concentra-

tion of Fe2+ and Mn2+ were arbitrarily set at 0.65 mM and 0.35 mM respectively,

assuming proportional release of both ions according to their concentration in

the bulk material. Fe3+ concentration was also set at 0.65 mM to account for

oxidation of Fe2+ ions. In general, the amount of metal ions detected in corrosion

extracts in literature tend to be significantly lower [79, 123, 224, 232, 250], how-

ever, measurements using ICP-OES or atomic absorption spectroscopy (AAS)

techniques measure the bulk concentration after a certain period of time, and not

the higher concentrations present close to the surface participating in progressing

corrosion reactions and product precipitation. In fact, the products listed among

the potentials in the simulations carried out in this work, have been reported

among detected products in multiple publications [109, 117, 162]. Having said

this, the Medusa software has its limitations. It uses the stability constants of the

various complexes and compounds at 25°C, not at 37°C, and it does not take into

account the DO concentration in the electrolyte. These limitations were taken

into consideration when interpreting and using the results as an aid during the

analyses.

Based on the simulations for Fe and FeMn immersed in HBSS in Figure

4.29a, the corrosion products that could form at physiological pH include

Fe3(PO4)2.8H2O, MnHPO4, FeCO3 and Fe(OH)2.7Cl0.3. Judging by the EDS

results corresponding to the micrographs in Figure 4.12, the “flaky” layer could

be an Fe-phosphate similar to the simulated Fe3(PO4)2.8H2O product in the

Medusa diagram. With the addition of Mn2+ ions to the simulation in Figure

4.29b, the stability of Fe3(PO4)2.8H2O is reduced slightly and MnHPO4 is

introduced. Based on the absence of the “flaky” phosphate layer on the surface
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(a) (b)

Figure 4.29: Fraction of Fe2+, Fe3+ and Mn2+ with other species present in the
electrolyte based on the constituents of HBSS. The simulations were carried out
for products forming on corroding (a) Fe and (b) FeMn by Hydra-Medusa. The
complete formulations used in the simulations are given in Table 4.4.

Table 4.4: Electrolyte formulations used for Medusa simulations presented in
Figures 4.29 and 4.31.
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of FeMn tested in HBSS in Figure 4.14 (a) and (b), Mn-phosphates like MnHPO4

seem to take precedence over the formation of Fe-phosphates.

What software like Medusa allows one to do, is evaluate how localised scenarios

could alter the chemistry of the formed products or allow for certain outcomes

reported in literature to take place. By changing the Mn2+ ion concentrations in

the simulation to 0.65 mM and 1.00 mM to simulate increased localised release

of Mn over Fe ions, the plots in Figure 4.30 were generated. The plots show how

with equal release of Fe2+ and Mn2+, the stability of Fe3(PO4)2.8H2O is further

reduced, whereas further increase of Mn2+ ions also stabilise MnCO3 formation

despite the presence of relatively small concentrations of HCO3
-. In this work

Mn-phosphates formed in preference to carbonates based on the EDS results and

the absence of the cubic-shaped products observed by Mouzou et al. [162] and

Gambaro et al. [118] in Figure 4.14 (a) and (b). Moreover, considering the Bode

plots in Figure 4.8 (a), (c) and (e), neither of the formed phosphates offer any

additional “barrier” characteristics.

Going back to the low frequency impedance plot in Figure 4.10a, the starting

impedance for Fe is significantly higher than that for FeMn and FeMnAg, once

again pointing towards the superior corrosion resistance offered by the natural

oxide formed on pure Fe. Whereas the low frequency impedance of Fe does not

change drastically over the 24 h period, the impedance of FeMn and FeMnAg in-

(a) (b)

Figure 4.30: Medusa simulations for alternate scenarios of FeMn immersed in
HBSS+Ca with (a) 0.65 mM Mn2+ and (b) 1.00 mM Mn2+.
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creases with time likely indicating the formation of thin uniform oxide/hydroxide

layers as observed by Hu et al. [249]. The increased O concentrations presented

in Table 4.3 as well as the small cracks observed on the seemingly non-corroded

regions of the surfaces in Figures 4.14 (a) and (b) and 4.15, support this hy-

pothesis. One must note that the lack of thermodynamic stability of either Fe or

Mn-oxides indicated in any of the Medusa diagrams presented in this work, is due

to the software’s inability to take the DO levels into consideration when executing

equilibrium calculations. In fact, the modified Pourbaix diagram in Figure 2.14a

clearly shows the potential for Fe(OH)2 and Fe(OH)3 formation at a wide range

of pH values, including around 7.4. The corrosion products formed were either

not crystalline or present in minute amounts as none of the surfaces yielded any

detectable peaks other than that of the substrate when analysed using XRD.

Whereas the various testing methods used in this phase provided a harmonious

set of results and behaviours for the various metals, one rather prominent dis-

tinction is the variation in the corrosion products formed on FeMnAg in EIS and

the local measurements. While a considerable amount of reddish-brown (possibly

Fe(OH)3) rust formed in the localised measurements, only thin layers of oxides

and clustered phosphates were observed following the EIS test. It is likely that

microgalvanic corrosion during localised measurements was exacerbated by the

flow of electrolyte, as 25% of the 4 mL testing volume was consistently being

refreshed causing a somewhat “dynamic” testing condition, enhancing dissolu-

tion as discussed in Section 2.1.4.3. During EIS, while the volume of electrolyte

was sufficient to have refreshment around the corroding surface, the flow of fresh

electrolyte was still limited to ionic diffusion.

4.2.1.5.2 Corrosion of Fe alloys in HBSS+Ca

When modifying the Medusa simulations to match the formulation of HBSS+Ca,

the diagrams revealed the potential of Ca10(PO4)6(OH)2, CaCO3 and CaSO4

precipitation when testing Fe and FeMn alike, as shown in Figure 4.31. The

results for FeMn in HBSS+Ca were split in two figures (b-c) to avoid overcrowd-

ing the plot. The formation of hydroxyapatite-like (HA-like) compounds like

Ca10(PO4)6(OH)2, has often been mentioned in literature related to Fe-based
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(a)

(b) (c)

Figure 4.31: Fraction of Fe2+, Fe3+, Mn2+ and Ca2+ with other species present
in the electrolyte based on the constituents of HBSS+Ca. The simulations were
carried out for products forming on corroding (a) Fe and (b-c) FeMn by Hydra-
Medusa. The complete formulations used in the simulations are given in Table 4.4.

biodegradable alloy research [46, 113, 115, 166]. In each case, the authors com-

ment on the potential benefits the presence of such compounds could have on

osseointegration, but few have discussed the correlation between precipitation

of Ca-rich products and the electrolyte formulation. Since such products are

generally observed in post-testing characteriation, it is often assumed that these

precipitate later in the corrosion process as in the corrosion mechanism descrip-

tion published by Zheng et al. [10] and outlined in Section 2.1.1. In this work,

this was proved to be somewhat of a misrepresentation.
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Whereas the precipitation of phosphates like Fe3(PO4)2.8H2O require only the

availability of metal cations as in reaction 4.4, Ca10(PO4)6(OH)2 precipitation also

requires hydroxyl ions generated in the cathodic oxygen reduction reaction, as in

reaction 4.5.

3Fe2+ + 2PO4
3− + 8H2O → Fe3(PO4)2.8H2O (4.4)

6PO4
3− + 10Ca2+ + 2OH− → Ca10(PO4)6(OH)2 (4.5)

Therefore, with unhindered cathodic reactions, the HA-like product can precip-

itate anywhere in the medium and on the corroding surface. In turn, the con-

sumption of generated OH- restricts the extent of alkalinisation. In the initial

pH and DO monitoring of FeMnAg in HBSS+Ca in Figure 4.17f for instance, the

immediate consumption of DO points towards a similar microgalvanic reaction as

observed in HBSS, however unlike in HBSS the pH was buffered around 7 and re-

mained close to the physiological levels throughout the test. FeMn and FeMnAg

consumed lower levels of DO compared to the HBSS tests, indicating that the

partially protective Ca-rich layer precipitated in the first minutes was sufficient

to limit the cathodic reaction rate. This also explains the lower icorr measured for

the metals in HBSS+Ca in the PDP tests.

The protectiveness of this HA-like layer was also represented by the additional

mid-frequency time constant present in the EIS Bode plots. Although the earliest

Bode plots in Figure 4.8 represent the system after 30 min from immersion, a

previous EIS test conducted after 10 min and presented in Figure 4.32, also

included the additional time constant for FeMn and FeMnAg. This particular

Bode plot was not presented with the rest of the results due to poor Kramers-

Kronig1 fit at lower frequencies, indicating poor spectrum validity in this range.

The local pH and DO levels over the FeMn sample in HBSS+Ca followed

a similar, albeit less pronounced, behavioural pattern to FeMnAg. Completely

opposite, was the behaviour of Fe in the initial measurements presented in Figure

4.17b. The slow corrosion rate exhibited by the material in PDP results seems

to have resulted in a slow cathodic reaction rate judging by the extended DO

1Fitting analyses carried out using EChem Analyst software that determines whether the
EIS test is valid. Since the system is still approaching equilibrium within the first few minutes
from test initiation, the K-K analyses tends to be poor at this point.
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Figure 4.32: Bode plot for Fe, FeMn and FeMnAg after 10 min of OCP monitor-
ing.

consumption period. This, in turn, prevented the rapid formation of the Ca-rich

layer. This was also evident in the corresponding Bode plot in Figure 4.8b where

the mid-frequency phase-shift for Fe remained in the vicinity of 0° in the first

hours, as opposed to that for FeMn and FeMnAg.

While visual analysis of the Bode plots themselves is a good indicator of what

is happening at the surface, equivalent circuit modelling provides a clearer picture

as to the evolution of the protective nature of the corrosion product layer through

the modelled Rlayer and Clayer values. The corrosion product resistance Rlayer for

Fe, remains well below the corresponding measures for products growing on the

Mn-containing alloys in Figure 4.10b. This leads to the rather consistent uniform

consumption of DO measured over the next 24 h in Figure 4.23. Whereas the

resistances for the products forming on all the alloys increased with time, the

impedance for FeMnAg, exhibited the steepest increase in the first few hours,

followed by FeMn and Fe. This corresponds perfectly with the local measure-

ments as samples exhibiting the highest Rlayer values consumed the least DO over

the same period of time. The change in Clayer also complements the resistance

modelling. Although the protective contribution of the degradation products is

evident from the modelling results, the SEM images presented in Figure 4.14c
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and 4.16 do not show a continuous Ca-rich layer on the tested surfaces. It is

likely, based on the outcomes of the EDS analysis in the surface porosity, that

some of the product was dislodged during the cleaning procedure leaving behind

more adherent clusters.

Despite the protectiveness of the HA-like layer, 24 h mapping of the DO levels

in Figures 4.23-4.26 as well as the summarised results in Figure 4.27b both show

the continued increase in DO consumption with time. This is the reason why

the HA-like layer, also observed on Mg and Mg-alloys by Mei et al. [159] has

been labelled as partially protective, as it does not completely stifle the cathodic

reaction and further corrosion product formation. This is most obvious in the

summarised results in Figure 4.27. The DO levels in (b) are clearly higher for

each metal at the start of the test when compared to (a) however, the measured

values continuously drop over the 24 h.

An interesting development was observed in mid-frequency EIS results for

FeMnAg in HBSS+Ca. Following the rapid formation of the HA-layer, both the

impedance as well as the negative phase shift dropped rapidly after around 9 h

from initial contact with the electrolyte. The fitting results in Figure 4.10 (b) and

(c) also show the drastic decrease and increase in Rlayer and Clayer respectively,

both signifying a decrease in associated impedance. The DO maps for FeMnAg in

Figure 4.25 and 4.26 seem to indicate that a similar event took place during the

localised measurements as the DO levels dropped from 5.06-5.50 mg L−1 at 6 h to

2.50-5.20 mg L−1 at 12 h and further down to 0.40-4.00 mg L−1 by the 24-h mark.

All imply a change in the structure, uniformity or density of the HA-like layer, the

reason for which is not clear, although some have remarked on the potential for

corrosion product destabilisation when it reaches a certain thickness or when the

surface is particularly porous [115, 153]. The sudden increase in DO consumption

observed in Figure 4.26 also seemed to correspond to increased oxidation of ex-

isting corrosion products, likely from ferrous to ferric states. The shifting anodic

locations and corresponding dark regions on the optical micrographs identified in

previous scans presented in Figure 4.25, grew and spread considerably in the final

12 h of the test. These reactions could have contributed to the DO consumption
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as indicated by reaction 4.6, and as suggested by Hermawan et al. [46].

4Fe(OH)2 +O2 + 2H2O → 4Fe(OH)3 or 2Fe2O3.6H2O (4.6)

The events described are generally indicative of pitting corrosion, often associated

with microgalvanic corrosion mechanisms. In such a case, the pH would most

likely be significantly lower within the affected pits/pores, however the measured

pH in the localised setup would be somewhat buffered by the layers of corrosion

products.

The behaviour exhibited by the FeMnAg in HBSS+Ca could suggest that

while Ca2+ ions definitely have an influence on the corrosion rates and mechanisms

of Fe-based alloys, particularly in the first few hours following initial contact, long-

term “barriers” to corrosion as often reported in vivo [37, 114, 180, 190], are more

likely a result of compact oxide/hydroxide formation. The gradual formation of

protective oxides with similar electrical characteristics to the native Fe/O oxide

present on Fe-based alloys, is evident in the gradual increase in the low-frequency

impedance illustrated in Figure 4.10a. As observed in HBSS, the initial low

frequency impedance for both FeMn and FeMnAg alloys was significantly lower

than for Fe, however it quickly increased and attained similar impedance levels,

shedding some doubt as to the long term advantages of alloying when targeting

corrosion acceleration.

4.2.1.5.3 Conclusions

The principal conclusions from this phase are summarised hereunder:

i. The presence of Ca2+ ions in HBSS reduces the aggressiveness of the elec-

trolyte. This was confirmed by PDP tests wherein the alloys generated lower

current densities in HBSS+Ca when compared to HBSS, and in EIS tests

wherein the Rct values were consistently higher in HBSS+Ca;

ii. Powder-processed FeMn and FeMnAg exhibit a wide spread of corrosion cur-

rent densities, possibly due to inaccurate measurements of testing area and/or

the potentially cathodic influence of MnO inclusions;
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iii. The addition of Ag has a strong microgalvanic effect in HBSS, particularly

evident in localised measurements of pH and DO. In HBSS+Ca, the same

effect was also evident and resulted in the maximum icorr values measured us-

ing PDP. However, the immediate precipitation of HA-like products resulted

in a rapid decline in the effectiveness of the cathodic Ag during the first 24

h;

iv. Metal-phosphates precipitated on all alloys in HBSS, did not offer any sig-

nificant protective capacity;

v. The precipitation of HA-like products in HBSS+Ca, buffers the local pH

over all corroding alloys to around the bulk electrolyte pH. Due to this,

the range of pH measurements spanned a narrower range in Ca2+-containing

electrolytes;

vi. The protective capacity of the partially protective HA-like product over FeM-

nAg in HBSS+Ca was not consistent in the first 24 h from immersion, poten-

tially due to instability of the growing product over a highly porous surface;

vii. DO levels continued to drop over the 24 h period despite the generally neutral

pH levels for all alloys in both electrolytes. This implies that the protective

hydroxides or phosphates formed are not completely impervious to O2 diffu-

sion and allow for corrosion to progress, albeit slowly. On the other hand, DO

concentrations as low as 0.53 mg L−1 as measured in certain cases, might have

serious implications on the physiological surroundings around implantation

sites which need access to DO to function;

viii. The only alloy exhibiting any form of localised corrosion after 24 h in both

electrolytes is FeMnAg, based on localised measurements. However, both the

localised measurements as well as the measured low-frequency impedance for

all tested alloys in HBSS+Ca, approach similar values within the initial 24 h

testing period, leading one to question the benefits of alloying for accelerating

the corrosion rate of Fe. Naturally, the function of adding Mn goes beyond

that of corrosion acceleration and therefore FeMn in particular, remains an

interesting material for further investigation.
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4.2.2 Phase Two - Further corrosion analysis using EIS

The conclusions from the first testing phase included hypotheses on the potential

influence of MnO inclusions commonly present in Mn-containing powder metal-

lurgical alloys, including the samples used in this work, on corrosion behaviour.

Phase Two was initialised with the intention of investigating these hypotheses

using FeMn and FeMnAg.

4.2.2.1 Initial testing phase - Porous MnO-free FeMn

4.2.2.1.1 Eliminating Mn/O-inclusions

The original approach used to investigate the influence of MnO, was to com-

pare EIS results of the original FeMn alloy (containing MnO) with the results

obtained when testing a sample from which the MnO inclusions had been chem-

ically removed using the method described in Section 3.2.3.1.1. This primarily

included ultrasonication in 1 M HCl with 3.5 g L−1 of hexamethylenetetramine

(HMTA) as corrosion inhibitor. The micrographs and corresponding EDS maps

of a region-of-interest of a FeMnAg sample before and after being subjected to

this procedure, are presented in Figure 4.33. The white arrows on the same figure

point towards a specific inclusion which was shown to be successfully removed, as

supported by the absence of Mn and O intensity in the corresponding location on

the maps. XRD scans on the same sample before and after the procedure, pre-

sented in Figure 4.34, also indicate the complete absence of peaks corresponding

to the oxide’s presence.

4.2.2.1.2 EIS testing of porous samples

Bode plots for EIS tests carried out over 24 h using porous FeMn samples with

and without MnO inclusions, are presented in Figure 4.35. The plots exhibit

several very obvious distinct features. Whereas the Bode plot in Figure 4.35a is

very similar to that presented in Figure 4.8d in Phase One, the Bode plot for

the sample without MnO, featured impedances that were consistently an order of

magnitude lower, and a very prominent relaxation feature at low frequencies at

all time points. Moreover, the low frequency time constant associated with the
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(a)

(b)

Figure 4.33: SEM images of FeMnAg (a) before and (b) after etching in a solution
of 1 M HCl with 0.35 g L−1 HMTA for 5 min. Corresponding EDS maps of Fe,
Mn, Ag and O are presented next to the micrographs. White arrows point toward
the location of a specific inclusion whose successful removal can be monitored in
all the figures.

metal-electrolyte interface was almost indistinguishable when looking at Zphase

curves. It was very evident based on the listed observations, that the differ-

ences between the two Bode plots were clearly not exclusively due to the absence

of MnO. In the previous discussion following the results from Phase One, the

mentioned relaxation feature at low frequencies was said to be attributed to dif-

fusional impedance through complex pore geometries. A question therefore arose

related to the possibility of changes to the pore volume and/or surface roughness

resulting from the etching procedure, being partly responsible for the notable
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Figure 4.34: XRD analysis corresponding to the microstructures presented in
Figure 4.33 for FeMnAg before and after etching in a 1 M HCl with 3.5 g L−1

HMTA solution.

(a) (b)

Figure 4.35: Bode plots for porous FeMn (a) with and (b) without MnO inclu-
sions, tested in HBSS+Ca.

differences observed in electrochemical behaviour.

To simplify this investigation, the same tests were run on porous Fe i.e. the

same samples used in Phase One, as well as wrought Fe samples supplied by
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Armco (USA). In this way, the potential for MnO influence was eliminated by

the absence of Mn as an alloying element, and the influence of the etchant on

the metal could be more easily distinguished. The Bode plots corresponding to

these tests, performed following 30 min of OCP monitoring, are presented as

black curves in Figure 4.36. The surfaces used in this test were ground to a

P2500 SiC paper finish, as with all previous EIS tests. Both porous and wrought

Fe were shown to exhibit a single time constant at approximately 5 Hz and

very similar low frequency impedances at 2284 Ω and 2305 Ω respectively. The

slightly lower impedances measured for the porous samples at all frequencies

could be a sign of underestimated surface area1, however it could also be related

to a higher corrosion resistance due to the more homogeneous nature of dense

wrought microstructures relative to powder processed porous metals. In fact, the

OCP for wrought Fe was -533.5 mV whereas the OCP for the porous Fe was

-618.1 mV prior to the EIS test, suggesting a higher tendency for the porous Fe

to corrode. It is also important to be reminded that the porous Fe samples were

1Note that to neutralise |Z| in a Bode plot, the raw data needs to bemultiplied by the surface
area. Therefore, with samples whose exposed pore surface area is not taken into consideration,
the values would be underestimated. Wherever the Bode plots are presented with y-axis units
of Ω, this means that the raw data was multiplied only by the apparent surface area of the test
samples.

(a) (b)

Figure 4.36: Bode plots for (a) porous and (b) wrought Fe samples after 30 min
of OCP monitoring in HBSS+Ca. Each material was tested as-ground (black) and
as-ground and etched (red).
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(a) (b)

Figure 4.37: SEM micrographs for ground and etched (a) porous and (b) wrought
Fe prior to testing in HBSS+Ca.

significantly less porous than the FeMn and FeMnAg samples due to the higher

compressibility of Fe powders. Therefore, any influence due to underestimated

pore surface area, would be significantly more pronounced for the Mn-containing

powder-processed samples.

The same metals were subjected to the etching procedure used to remove

MnO inclusions. SEM images presented in Figure 4.37 show the etched surfaces

for both metals. Evidently, etching of the porous Fe surface resulted in significant

surface roughening compared to the wrought surface which consisted of several

nanometric pits but remained comparably smooth. The EIS results corresponding

to both surfaces are presented as red curves in Figure 4.36. The Bode plot for the

etched wrought Fe was very similar to that of the ground wrought Fe, with the

impedance being slightly lower at low frequencies and the phase shift also shifting

a few degrees lower. On the other hand, the Bode curves for the etched porous

Fe exhibited a very similar shift in their characteristics to those displayed by

the etched porous FeMn in Figure 4.35b. The low frequency impedance likewise

dropped drastically whereas the phase shift did not display any prominent time

constant except for the relaxation feature attributed to diffusion phenomena at

0.1 Hz.

Based on these results, it seems that the behaviour of the metal could be

affected by two main aspects. Firstly, significant roughening of the surface com-

pared to the ground surface results in a relative underestimation of surface area
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Figure 4.38: Bode plot for porous Fe etched in solutions with 0.1 M and 1 M
HCl, both with 3.5 g L−1 HMTA. Tests conducted in HBSS+Ca.

for etched surfaces. Considering the wrought Fe, etching resulted in a less distinct

difference in surface area compared to its ground counterpart, and therefore the

underestimation observed in Figure 4.36b was considerably less significant. More-

over, etching of metal surfaces also affects the oxide layer that forms naturally on

metal surfaces exposed to air [251]. This could also contribute in influencing the

ability for the typical metal-electrolyte barrier characteristics to be observed in

the phase shift curves. However, judging by the rather small differences observed

in the Zphase curves for ground and etched wrought Fe, it is more likely that

the surface area and/or roughening, are the prime contributors to the observed

changes in the EIS spectra.

These theories were further confirmed by running a test on porous Fe etched

with an alternative etchant formulation. The Bode plot in Figure 4.38 shows

that using 0.1 M of HCl as opposed to 1 M, lead to a higher low frequency

impedances and a more defined time constant i.e. the curves approached the

results for as-ground porous Fe when prepared using the less aggressive etchant.

Diluting the HCl to 0.1 M resulted in less roughening of the surface, implying a

less considerable underestimation of the surface area which in turn allowed for

results closer to those obtained with the ground porous surface.
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4.2.2.2 Eliminating the influence of porosity

Based on the conclusions of the initial tests, it was decided that the influence

of porosity needed to be taken into account in tests carried out from this point

forward. In order to do this, porous samples were subjected to a modified sam-

ple preparation procedure described schematically in Figure 3.3. Following suc-

cessful implementation of this procedure, which will be referred to as the resin-

impregnation method, the first step was to carry out tests on FeMn (with MnO)

in HBSS+Ca to determine the extent by which the impedances measured when

testing porous FeMn using EIS in Section 4.2.1.3 in Phase One, were underesti-

mated.

4.2.2.2.1 Sample characterisation

The resin-impregnation method was successful at blocking the porosity, as shown

in the SEM images before and after the procedure, in Figure 4.39. Further confir-

mation was achieved using non-contact profilometry. Figure 4.40a and (c) show

the profile depth of a pore in the as-ground FeMn sample, with an approximate

maximum depth of around 50 µm. Contrastingly a much larger pore in the resin-

impregnated sample shown in (b), exhibited a flat profile in (d) with only a few

defects in the resin resulting in minor deviations from the nominal surface level.

(a) (b)

Figure 4.39: SEM images of (a) as-ground FeMn surfaces and (b) resin-
impregnated FeMn surfaces. White arrows point towards several of the remaining
exposed MnO inclusions.
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(a) (b)

(c)

(d)

Figure 4.40: Binarised optical micrographs (a-b) and respective corresponding
depth profiles (c-d) for (a, c) porous FeMn sample and (b, d) resin-impregnated
FeMn sample.

4.2.2.2.2 EIS testing

Bode plots corresponding to several EIS tests carried out over 24 h in HBSS+Ca

on porous and resin-impregnated FeMn, are presented in Figure 4.41. Despite the

fact that the material used in both tests was identical, the impact of eliminating

activity in the pores and neutralising the impedance measurements according to

the exposed area, is clearly noticeable. To start, the total impedance for resin-

impregnated samples at 0.1 Hz is considerably high at 1431.0 W · cm2 compared

to the underestimated 202.5 Ω measured for the porous FeMn. The lower surface

area led to a more gradual increase in impedance over the 24 h test period as
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(a) (b)

Figure 4.41: Bode plots for (a) porous and (b) resin-impregnated FeMn samples
with MnO inclusions.

opposed to the rapid increase observed in Figure 4.41a. Looking at the phase shift

curves, the relaxation feature at low frequencies related to diffusion, was largely

suppressed with the elimination of the pores. Moreover, the low frequency phase

shift associated with the characteristics of the metal-electrolyte interface was

more defined at -38° as opposed to the approximately -12° shift observed with

porous samples.

Contrary to Phase One, the implementation of the resin-impregnation proce-

dure allows for modelling of the spectra over the full range of tested frequencies

using the model represented in Figure 4.9. This was due to the ability to better

approximate the testing area using the method described in Section 3.2.3.4, and

due to the elimination of the diffusion influence on the low frequency measure-

ments. The plots corresponding to the modelled values’ evolution with time, are

presented in Figure 4.421. Each plot contains the results associated with three

test repetitions to better visualise trends related to the material’s behaviour.

Each plot also includes the fitting results for porous Fe from Phase One2. None

1The lines connecting each point in this and similar plots in the following tests are only
their for better visualisation. One can only hypothesise as to the changes taking place during
the interval between one point and another.

2Testing with resin-impregnated Fe was also attempted following the same procedure used
with FeMn. However, the small pores present in the porous Fe samples did not serve for sound
adherence of the cured resin to the metal surface and the epoxy repeatedly peeled off during
the grinding step, once again exposing the pores. Considering the similarity in the Bode plots
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(a) (b)

(c) (d)

(e)

Figure 4.42: Evolution of fitting results for resin-impregnated FeMn immersed in
HBSS+Ca. The fitting components correspond to the model in Figure 4.9.
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of the fitting results include the modelled Rel values associated with the solution

resistance since in highly conductive solutions like HBSS+Ca, Rel is mainly de-

pendant on the physical distance between the reference electrode and the sample

being tested, which was not strictly controlled in the used setup [62]. For each

test carried out with resin-impregnated FeMn, the equivalent circuit modelled

being used failed to give reliable results at a certain time point, most often due

to insufficient data related to the low-frequency time constant which tended to

shift to lower frequencies with time. Therefore, the fitting results are presented

only up to that time point for each test. All included results had goodness-of-fit

measures in the order of 1× 104 or better.

Although not particularly repeatable, the modelled Rct values for resin-

impregnated FeMn were all below the Rct for Fe upon test initiation. The

evolution of the modelled values with time varied from one test to another. In

one case, the Rct curve overlapped that of Fe as observed in the evolution of

the 0.1 Hz |Z| in Figure 4.8a, measured in Phase One. However, the Rct for

the other two test repititions remained well below the curve for Fe, indicating

lower corrosion resistance for the FeMn samples. Due to the relatively low adl

values associated with the double layer CPE, the true double layer capacitance

could not be calculated using Hsu and Mansfeld’s conversion equation (equation

4.1 [65]) and the CPEdl and adl are presented instead. Although relative CPEdl

values are generally interpreted in a similar way to actual capacitance, i.e. that

a relatively high CPEdl generally indicates lower impedance contribution due

to the double layer of the material, one must make these assumptions with

caution, since simultaneous shifts of the CPE exponent, adl, might influence that

relationship. To this end, the double-layer CPE components are mostly included

for completeness sake, rather than for their contribution to the analysis.

For values related to the higher frequency time constant, the resistance as-

sociated with the Ca/P-rich corrosion product precipitation (Rlayer) for FeMn

remained well above the Rlayer contribution to the impedance of Fe, indicating

for ground porous and dense wrought Fe samples in Figure 4.36, the outcomes of the fitting
exercise carried out with porous Fe in Phase One, were deemed suitable for comparison with
these results.
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a more rapid accumulation of corrosion products on the surface of FeMn. Com-

pared to the evolution of the modelled Clayer values for the porous FeMn sample

presented in Figure 4.8c, the curves for resin-impregnated FeMn follow a more

similar trend to the Clayer values for Fe during the first few hours, although the

capacitance remains significantly lower, likewise indicating a larger accumulation

of protective corrosion products. Irrespective of the starting capacitance, the

values for all the test repeats, converged to approximately 2.5 µF cm−2.

4.2.2.2.3 Post-test characterisation

Figure 4.43 shows the surface of a resin-impregnated FeMn sample following EIS

testing for 24 h in HBSS+Ca. The numbered regions-of-interest correspond to

(a) (b)

(c) (d)

Figure 4.43: SEM micrographs of resin-impregnated FeMn sample (with MnO)
following 24 h EIS testing in HBSS+Ca. Marked regions-of-interest correspond to
EDS analysis presented in Table 4.5.
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Table 4.5: EDS analysis in wt.% for resin-impregnated etched FeMn samples
(with MnO) corresponding to marked regions-of-interest in Figure 4.43.

EDS data presented in Table 4.5. Although the surface distribution of the pre-

cipitated corrosion products varied slightly from region to region on the sample

surface (Figure 4.43 (a) and (b) compared to more-sparsely populated corrosion

products in (c) and (d)), the general coverage with Ca/P-rich products was sig-

nificantly more abundant than the clusters observed on the porous surface in

Phase One (Figure 4.14c). Relatively high Ca and P wt.% were detected both on

dense dehydrated corrosion layers (point 1) as well as on less dense areas (points

2 and 3). Figure 4.43c in particular, shows the indiscriminate formation of a thin

metal hydroxide layer on the surface of the metal (point 3), as well as on the

resin blocking the porosity (point 2, high C content due to underlying epoxy)1.

Moreover, the high magnification micrograph of the sample surface surrounding

a MnO inclusion (Figure 4.43d, point 4) revealed uniform attack of the FeMn

matrix surrounding the inclusion.

4.2.2.3 Eliminating MnO inclusions in resin-impregnated FeMn

4.2.2.3.1 Sample characterisation

The same EIS procedure and post-test characterisation were carried out with

pre-etched resin-impregnated FeMn. SEM was initially used to confirm that the

pre-etched surfaces had no (or minimal) remaining MnO inclusions at the surface.

1As mentioned earlier in this work, the accuracy of EDS measurements for light elements
like O and C is low, however the relative measures could be used as an indicator combined with
visual interpretation of the micrographs or other characterisation methods.
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Figure 4.44b shows the absence of visible inclusions compared to the surface tested

in Section 4.2.2.2, in which several inclusions are pointed out using white arrows.

4.2.2.3.2 EIS testing

A representative Bode plot for tests run using pre-etched resin-impregnated FeMn

is presented in Figure 4.45b adjacent to the result with resin-impregnated FeMn

(containing MnO) presented earlier in this testing phase. In this case, barely

(a) (b)

Figure 4.44: SEM images of resin-impregnated (a) FeMn sample and (b) pre-
etched FeMn sample. White arrows point towards several of the remaining exposed
MnO inclusions.

(a) (b)

Figure 4.45: Bode plots for resin-impregnated FeMn samples (a) with and (b)
without MnO inclusions, tested in HBSS+Ca.
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any differences were visible between the two plots. The impedances measured for

both materials were generally in the same range and the evolution of both the

low and high frequency phase shifts followed very similar trends.

This also translated to the evolution in the modelled parameters of the three

repeated tests carried out with pre-etched FeMn using the same equivalent circuit

model. The resultant plots presented in Figure 4.46, indicate significant overlap

of fitting results. As observed with MnO-containing samples, the evolution of

certain parameters for a single test from the three repeats carried out, did not

stick to the trend exhibited by the other two, especially after the initial few hours

when the substrate influence became less prominent due to the accumulation of

corrosion products. However, looking closely at the inset showing a detail of the

evolution of Rct over the first 3 h, one could see that the resistances for samples

without MnO followed a more repeatable trend. In fact the difference between

the maximum and minimum modelled resistances spanned 792 W · cm2 for MnO-

containing samples and 385 W · cm2 for pre-etched (MnO-free) samples.

4.2.2.3.3 Post-test characterisation

Micrographs of the pre-etched resin-impregnated FeMn samples after 24 h of EIS

testing, are presented in Figure 4.47. Corresponding EDS analysis can be found

in Table 4.6. As observed in MnO-containing samples, the amount of corrosion

products varied from region to region on the sample surface. Once again, Ca/P-

rich products were more homogeneously distributed over the surface (point 6)

when compared to the clusters observed after 24 h testing of porous FeMn in

Phase One. The metal underneath the Ca/P-rich products was once again high

in wt.% O (points 7 and 10) and the metal hydroxide layer (point 9) formed

all over the sample surface, including the resin-impregnated pores (point 8). In

general, the surfaces in Figure 4.47 were visually and chemically indistinguishable

from the samples containing MnO inclusions in Figure 4.43. The only notable

difference could be seen in the high magnification image in Figure 4.47d compared

to Figure 4.43d. As opposed to the latter, close observation of the surface did

not reveal similar attack of the exposed FeMn matrix.
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(a) (b)

(c) (d)

(e)

Figure 4.46: Fitting results for resin-impregnated FeMn with and without MnO,
immersed in HBSS+Ca. The fitting components correspond to the model presented
in Figure 4.9.
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(a) (b)

(c) (d)

Figure 4.47: SEM micrographs of resin-impregnated etched FeMn sample (with-
out MnO) following 24 h EIS testing in HBSS+Ca. Marked regions-of-interest
correspond to EDS analysis presented in Table 4.6.

Table 4.6: EDS analysis in wt.% for resin-impregnated etched FeMn samples
(without MnO) corresponding to marked regions-of-interest in Figure 4.47.
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4.2.2.4 Testing with FeMnAg, with and without MnO

The resin-impregnation approach for eliminating the influence of porosity on the

corrosion of the powder-processed Fe-based alloys, was also adopted to FeMnAg.

Congruent to what was done with FeMn, tests were done on FeMnAg containing

MnO inclusions to improve on the results achieved in Phase One. Consequently,

EIS tests were also conducted on pre-etched FeMnAg, to determine whether MnO

has any influence on the corrosion behaviour of the tertiary alloy with a proven

separate effective cathode (Ag).

4.2.2.4.1 EIS testing

Representative Bode plots for FeMnAg samples with and without MnO, tested

in HBSS+Ca for 24 h, are presented in Figure 4.48. At first glance, the plots

seem almost identical. Close observation of the low-frequency impedance shows

that samples without MnO inclusions consistently exhibited lower impedances

(765.9 - 2686.2 W · cm2 as opposed to 1426.4 - 4146.4 W · cm2 for MnO-containing

FeMnAg), indicating a generally lower corrosion resistance for MnO-free FeMnAg,

contrary to primary expectations.

As done with previous EIS testing in this phase, the spectra of the three re-

peated tests for each condition were modelled using the model in Figure 4.9. The

(a) (b)

Figure 4.48: Bode plots for resin-impregnated FeMnAg samples (a) with and (b)
without MnO inclusions, tested in HBSS+Ca.
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(a) (b)

(c) (d)

(e)

Figure 4.49: Evolution of fitting results for resin-impregnated FeMnAg with and
without MnO, immersed in HBSS+Ca. The fitting components correspond to the
model presented in Figure 4.9.
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results are presented in plots in Figure 4.49. All plots displayed significant overlap

between the two sets of fitting results. However, as the |Z| Bode curve implied,

the charge transfer resistance, Rct, for pre-etched samples were consistently well

below the Rct for FeMnAg samples containing MnO during the first 3 h of the

test. Following the first few hours, the resistances also started to overlap and

the majority of the curves from both sets of tests approached the charge transfer

resistance for the Fe sample, by the end of the test.

4.2.2.4.2 Post-test characterisation

SEM images of representative sample surfaces following the 24 h EIS test in

HBSS+Ca, are presented in Figures 4.50 and 4.51 for samples with and without

MnO respectively. Corresponding EDS analysis is presented in Table 4.7. Both

samples were shown to be very similar irrespective of the presence of MnO. As ob-

served with both FeMn samples, the FeMnAg surfaces were more homogeneously

covered with corrosion product compared to their porous counterparts, presented

in Phase One of this work. Cracks visible in all SEM images are indicative of

the consistent growth of a product that EDS analysis indicates to be rich in Fe,

Mn and O (points 1, 6, 11 and 12). EDS spots of the metal visible underneath

the cracks (points 7 and 10) indicate the presence of the austenitic matrix with

approximately 35 wt.% Mn. Ca and P were likewise present in all the analyses

of the product but were more abundant in brightly-coloured clusters, similar to

those observed in Figures 4.15 and 4.16 in Phase One (points 2, 5 and 9).

Interestingly, the Ag-rich regions on the metal surface were covered to vari-

ous degrees with corrosion products on both surfaces. Considering the analysis of

points 4, 8 and 13, each measurement picks up different concentrations of Ag from

underneath varying thickness of corrosion products all of which consist of different

intensities of Fe, Mn, O with minor concentrations of P and Ca. The EDS map-

ping presented in Figure 4.50c is a clear representation of the full coverage of the

cathodic Ag by metal hydroxides and Ca/P-products. Contrastingly, in Figure

4.50b, the MnO inclusion seems to be clear of any corrosion products, as opposed

to the adjacent Ag-rich region. Furthermore, the measurement performed on the

inclusion itself (point 3), did not reveal the presence of Fe.
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(a) (b)

(c)

Figure 4.50: SEMmicrographs of resin-impregnated FeMnAg sample (with MnO)
following 24 h EIS testing in HBSS+Ca. Marked regions-of-interest correspond to
EDS analysis presented in Table 4.7.

4.2.2.5 Discussion

The results presented in Phase One of this work, brought up two principal ques-

tions that were tackled in this phase. The first question related to the extent

of the influence of porosity on the corrosion of the Fe-based alloys of interest,

whereas the second regarded the role of MnO inclusions that frequently featured

in literature, as well as in this work, but which very few have investigated.
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(a) (b)

Figure 4.51: SEM micrographs of resin-impregnated pre-etched FeMnAg sample
(without MnO) following 24 h EIS testing in HBSS+Ca. Marked regions-of-interest
correspond to EDS analysis presented in Table 4.7.

Table 4.7: EDS analysis in wt.% for resin-impregnated FeMnAg samples (with
and without MnO) corresponding to marked regions-of-interest in Figure 4.50 and
4.51.

The impregnation of surface porosity with epoxy resin for better approxima-

tion of the testing area, was successful in correcting for the underestimation of
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impedances noted in Phase One. The process that led to the development of the

resin-impregnation sample preparation procedure, also revealed the considerable

impact of surface roughness and porosity on the impedance and corresponding

phase shift, especially at low frequencies, as shown in Figures 4.35 to 4.38. Al-

though it was hypothesised that the change in impedance and phase shift could

also be a result of damaged native oxide layer due to the etching procedure,

the absence of a similar change when testing a wrought Fe sample in Figure

4.36 seemed to indicate otherwise. Moreover a study on the influence of similar

etchant composition including HCl and HMTA on the corrosion rate of wrought

carbon steel, yielded perfectly well defined time constants as opposed to the re-

sults presented for porous Fe alloys in Section 4.2.2.1, which continued to confirm

the initial interpretation that the changes in the impedance spectra were due

to porosity and surface roughness [252]. Other instances in literature seem to

indicate similar patterns in their results. For instance, Sharma et al. [230] also

noted a significant decrease in capacitive contribution to the phase shift asso-

ciated with charge transfer across the metal-electrolyte interface when testing

increasingly porous Fe (up to 39.6% porous) compared to dense Fe. Although

this might be advantageous in terms of porous scaffold applications, the presence

of porosity and lack of means to accurately measure the resultant surface area

at this point, were interfering with carrying out a more accurately quantified

investigation.

Micrographs of the tested FeMn and FeMnAg resin-impregnated samples after

24 h in Figure 4.43 and 4.50, showed significantly different corrosion product

formation in the absence of open surface porosity. Corrosion products were more

homogeneously spread over the sample surfaces compared to the surfaces in Figure

4.14 and 4.16 in Phase One. The resin blocking the pores did not influence

the formation of metal hydroxide layers, indicating that oxide formation is not

particularly influenced by the substrate, but rather takes place on any surface

wherein the adjacent electrolyte contains the necessary species, as indicated by

reactions such as reaction 2.3 and 2.4. Considering the same exact composition

of the metals used in both Phase One and Two, it follows that the improvement

in corrosion layer integrity is solely due to the elimination of porosity, confirming

the claims of Zhang et al. [153] who suggested that porous surfaces result in poor
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corrosion product adhesion. Further to this analysis, EIS testing of FeMnAg

(with MnO) in this section did not result in any drastic changes to the Rlayer and

Clayer modelled values in Figure 4.49, as observed after around 9 h in Figure 4.8

(b) and (c) as well as in the local measurements of DO in Figure 4.26. In fact,

on resin-impregnated surfaces, not only did metal oxides/hydroxides grow more

evenly, but Ca/P-products were also detected all over the sample surface, with

enriched clusters still forming on both surfaces.

4.2.2.5.1 The role of MnO inclusions on the corrosion of FeMn-based

alloys

Modelling of repeated tests carried out with FeMn with and without MnO in

Figure 4.46 did not indicate a notable shift in the modelled parameters. All plots

show significant overlap between the two sets of data, although measurements

for Rct were visibly more repeatable, especially during the first few hours of the

test, as shown in the inset in Figure 4.46a. SEM-EDS analysis of the surfaces

without MnO in Figure 4.47, showed very similar surface morphologies and chem-

ical compositions when compared to the surfaces containing MnO in Figure 4.43.

However, whereas the FeMn matrix was visibly attacked surrounding the MnO

inclusions (Figure 4.43d), similarly high magnification images of the pre-etched

surfaces, did not reveal comparable features in regions wherein the underlying

metal was exposed (Figure 4.47). The implications are, that in MnO-containing

samples, the dissolution of the FeMn matrix surrounding the MnO inclusions is

enhanced by cathodic activity of the same inclusions.

To investigate this further, MnO-containing resin-impregnated FeMn samples

were immersed in physiological saline (0.9 wt.% NaCl) for 1 h, rinsed in ethanol

and dried. 24 h tests were also carried out for the same purpose but the extent

of surface degradation was too extensive to be able to spot any recurring trends

occuring due to the original composition. As discussed in Section 2.1.4.2, using

simple saline solutions tends to highlight the influence of the material more than

when using more complex saline solutions likes HBSS. SEM micrographs of the

surfaces are presented in Figure 4.52. In both micrographs, exposure to the

saline solution clearly resulted in significant dissolution of the metallic matrix
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but did not impact the Mn-rich inclusions similarly, rather allowing for corrosion

products to start accumulating onto the unaffected surface, as indicated by the

white arrow in Figure 4.52a. Figure 4.52b depicts further evidence of cathode-like

behaviour with preferential attack of the FeMn at the inclusion-matrix interface.

This kind of behaviour was also described by Wiesner et al. [134] when discussing

microgalvanic corrosion resulting from cathodic Ag-rich phases in FeMnAg, with

the microgalvanic influence being the strongest at distances closest to the cathode

itself. Despite observing signs of a similar role of MnO inclusions when testing

MnO-containing FeMn in HBSS+Ca, the more complex electrolyte formulation

clearly diminishes this influence such that elimination of the same inclusions did

not result in any notable changes to either electrochemical data or the surface

itself.

Somewhat conflicting electrochemical results were acquired when testing resin-

impregnated FeMnAg with and without MnO. Although the surface analysis of

both representative samples in Figure 4.50 and 4.51 did not bring to attention

any distinctive differences, the modelling results for Rct in Figure 4.49a clearly in-

dicated that FeMnAg samples without MnO had lower charge transfer resistance

compared to samples containing MnO inclusions. Based on the previous assess-

ment, that MnO behaves cathodically when present in FeMn alloys, the opposite

would be expected, wherein its presence reduces Rct. Although materials exist in

(a) (b)

Figure 4.52: SEM micrographs of resin-impregnated FeMn samples (with MnO)
after 1 h immersion in physiological saline. White arrow in (a) points towards
accumulation of corrosion product.
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which corrosion is governed by the influence of multiple cathodes, the tendency is

for this influence to be synergistic in accelerating the corrosion rate [253]. In this

case, samples from which the second cathode was removed, generally exhibited

lower corrosion resistance. This being said, as observed with FeMn, the values

overlapped considerably as the test approached 24 h from initiation. In this case,

Scanning Kelvin Probe Force Microscopy (SKPFM) could be used to determine

the Volta potential between each couple i.e. austenite-MnO, austenite-Ag and

MnO-Ag, to help with understanding why the presence of the two cathodes were

less effective in reducing corrosion resistance compared to just Ag, during the

initial hours of the test. For the purposes of this investigation, the overlap exhib-

ited at the end of the test is indicative of the longer-term similarity in material

performance when immersed in the body. There was no similarly stark differences

between the two sets of data for all the other modelled parameters in Figure 4.49.

The discussion following the results presented for Phase One also questioned

the influence of MnO inclusions on the performance repeatability. As discussed in

this section, whereas the Rct values seemed to be more repeatable in the absence

of MnO when testing FeMn samples, the same could not be said when testing

FeMnAg. However, looking at all the OCP values acquired at the start of the test

i.e. after 30 min immersion of the samples in the indicated test electrolyte, the

OCPs for samples without MnO consistently exhibited a smaller spread, as shown

in Figure 4.53. Therefore, it is likely that the variability in the MnO quantities

and distribution in MnO-containing FeMn-based alloys, does in fact influence the

electrical properties of the material from a thermodynamic point-of-view but does

not have a lasting influence on the degradation process.

4.2.2.5.2 On the long-term effectiveness of microgalvanic corrosion

acceleration

The performance of FeMn and FeMnAg relative to Fe could be re-evaluated con-

sidering the improved EIS fitting results acquired using the resin-impregnation

approach in this testing phase. Figure 4.54 compares the evolution of modelled

results for pre-etched FeMn and FeMnAg, with porous Fe. Based on the inset

in Figure 4.54a, the addition of Ag still gives a prominent advantage in terms of
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Figure 4.53: OCP values measured after 30 min for repeated tests carried out
with resin-impregnated FeMn and FeMnAg, with and without MnO inclusions, in
various media.

reducing charge-transfer resistance when compared to FeMn, whereas the latter

is still less corrosion resistant than Fe. However, as mentioned multiple times

throughout Phase Two, any advantage or distinction present in the early hours

of the test, seems to become less prominent by the end of the 24 h period as

the influence of the substrate becomes less and less impactful. In fact in this

phase, due to more stable corrosion products structure, we could also observe the

metal hydroxide layer as well as Ca/P products deposited on the Ag-rich phase

in Figure 4.51b, both of which influence its effectiveness as a micro cathode.

In general, modelling results are congruent with the findings of Schinhammer

et al. [166] who tested Fe21Mn0.7C (TWIP) and Fe21Mn0.7C1Pd (TWIP-Pd)

steels in Ca2+-containing SBF using EIS for around 20 h. Their modelling results

when fitting the EIS spectra using the same model used in this study, are pre-

sented in Figure 4.55. In their work, Rp is analogous to Rct, whereas Rel and Cdp

are analogous to Rlayer and Clayer respectively. The addition of Pd in this study

prompted the precipitation of noble Pd-rich precipitates to induce microgalvanic

corrosion. As observed in this work, the modelled Rel and Cdp values converged

with time irrespective of material composition. When considering Rp, Schinham-

mer et al. observed a downward trend due to formation of pits which tend to
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(a) (b)

(c) (d)

(e)

Figure 4.54: Comparison of modelling results for pre-etched (i.e. MnO-free)
resin-impregnated FeMn and FeMnAg over 24 h in HBSS+Ca.
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Figure 4.55: Polarisation resistance as well as resistance and capacitance of cor-
rosion products for various TWIP (Fe21Mn0.7C) and TWIP-Pd (Fe21Mn0.7C1Pd)
steels as a function of immersion time [166].

result in drops in corrosion resistance. Despite this, error bars corresponding to

the final Rp approximation for Pd-containing and Pd-free TWIP, overlapped sig-

nificantly. Also similar to what was observed in this study, Fe remained the most

corrosion resistant throughout the test. Schinhammer et al. went on to test these

materials in vivo [180] and noted that the Pd-containing alloy did not experience

a significant amount of corrosion more than the pure Fe sample after 54 weeks.

EIS results presented by Loffredo et al. [138] for long-term testing of TWIP

(Fe-16Mn-0.7C) and TWIP-0.4Ag (Fe-16Mn-0.7C-0.4Ag) steels over 180 days re-

sulted in low frequency impedances of approximately 30 kW · cm2 irrespective of

Ag content.

Based on the EIS results for all alloys tested in HBSS+Ca as well as the

similarities observed between the Phase Two results and the published results

by other groups [138, 166, 180], it is very likely that the addition of Ag for

microgalvanic acceleration in vivo, does not offer long-term benefits.

4.2.2.5.3 Conclusions

The principal conclusions from this phase are summarised hereunder:
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i. The volume of open surface porosity and surface roughness has a signifi-

cant influence on the electrochemical behaviour of the material. Increase in

porosity and roughness results in lower capacitive influence on the time con-

stant associated with the metal-electrolyte interface and reduces the charge

transfer resistance;

ii. Dense surfaces result in the formation of corrosion products with better struc-

tural integrity that present an increasingly “barrier”-like capacity for the

degradation of the underlying metal as time progresses, based on evaluation

over 24 h;

iii. Post-test surface analysis of FeMn in HBSS+Ca and physiological saline indi-

cate that MnO inclusions could have a cathodic influence on the surrounding

austenitic matrix in both solutions, in particular during the first few hours

from initial contact with the testing electrolyte. Significant overlap of fitting

results for FeMn with and without MnO, indicates that the long-term effects

of MnO inclusions from a corrosion point-of-view, are not significant;

iv. The influence of MnO inclusions on initial corrosion of FeMnAg alloys needs

further investigation as the likely presence of two cathodic phases relative

to the austenitic FeMn matrix, does not have the expected synergistic effect

on the charge transfer resistance. However, a similar overlap in the fitting

results as well as surface analysis following 24 h of testing, seems to suggest

that the long-term impact of MnO on corrosion, is similarly not significant;

v. The relatively rapid formation of corrosion products on FeMnAg when testing

in HBSS+Ca, renders the cathodic Ag-rich phase rather ineffective. Due

to this, the electrochemical performance of FeMn and FeMnAg seems to

converge over 24 h of immersion. These results, backed up other published

works, shed uncertainty on the in vivo applicability of including noble phases

for effective long-term microgalvanic acceleration of FeMn degradation.
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4.2.3 Phase Three - Investigating the influence of BSA

additions to Ca-containing HBSS using EIS

The results in this section were presented at the 14th Biometal Conference in

Alicante, in August 2022.

4.2.3.1 Choosing an antibacterial

The Bode plots for FeMn immersed in HBSS+Ca with 0.3 wt.% NaN3 and

HBSS+Ca with 1 vol.% Pen-Strep are shown in Figure 4.56. The same figure

also includes the Bode plot for FeMn in HBSS+Ca from Phase Two for reference.

The addition of NaN3 clearly influenced the low-frequency impedance response

(a)

(b) (c)

Figure 4.56: Bode plots for (a) FeMn in HBSS+Ca (from Phase Two) (b) FeMn
in HBSS+Ca with 0.3 wt.% sodium azide (NaN3) and (c) FeMn in HBSS+Ca with
1 vol.% Pen-Strep.
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(a) (b)

Figure 4.57: SEM images of FeMn surface following a 24 h EIS test in HBSS+Ca
with 1 vol.% Pen-Strep.

of the system and resulted in visible swelling of the mounting epoxy, including

swelling of the epoxy within the porosity. In fact, similar to what was observed

in Phase One with the highly porous FeMn samples (Figure 4.8 (b) and (e)), this

sample also exhibited a relatively large negative phase shift at low frequencies

indicating that the epoxy had been dislodged or otherwise rendered ineffective.

On the other hand, the addition of Pen-Strep to HBSS+Ca resulted in a very

similar response at all frequencies. To confirm these observations, the results were

modelled using the nested circuit in Figure 4.9. The fitting results are presented

along with those for the tests carried out with BSA in Figure 4.59. The curve

from this test corresponds very well to the repeated tests carried out with FeMn

in HBSS+Ca from Phase Two. When observed using SEM, the surfaces tested

in HBSS+Ca supplemented with Pen-Strep were shown to have similar corrosion

product formations, as shown in Figure 4.57.

4.2.3.2 EIS testing with BSA

A representative Bode plot for FeMn immersed in HBSS+BSA is presented in

Figure 4.58b adjacent to the result obtained for FeMn tested in HBSS+Ca in

Phase Two for ease of reference. There were two main differences between the

two plots. Impedance measurements for the sample tested in HBSS+BSA were

generally lower by an order of magnitude over the 24 h testing period. Moreover,

the phase shift in the EIS spectra from the first 2 h of the test barely exhibited

204



4.2 Corrosion testing

(a) (b)

Figure 4.58: Bode plots for FeMn tested in (a) HBSS+Ca (from Phase Two) and
(b) HBSS+BSA for 24 h.

any indication of the presence of a mid-frequency time constant associated with

Ca/P-product precipitation.

In this section, a similar approach to the analysis presented in Phase Two is

adopted wherein the fitting results for the repeated EIS spectra are presented in

Figure 4.59 alongside the previous fitting results, for ease of comparison. This

allows for easier evaluation of trends as opposed to error bars. Similarly, only

data that was deemed reliable based on the goodness-of-fit and error measures

calculated by EChem Analyst have been included in the plots, which is why some

curves stop at an earlier time point than the 24 h test duration.

It is very apparent that the charge transfer resistance, Rct, values for FeMn in

HBSS+BSA were consistently lower than the Rct values measured in HBSS+Ca.

This confirms that the lower |Z| values observed at low frequencies in the Bode

plots were actually indicative of a generally lower corrosion resistance of FeMn in

BSA-containing electrolyte. Furthermore, the delayed negative phase angle shift

observed in Figure 4.58b, translated to relatively low Rlayer values compared to

those measured in HBSS+Ca. At around 3 h from immersion, Rlayer increased

quite drastically in all three repeats of the test, but started to decrease once again

within approximately 2 h, converging at around 100 W · cm2. As opposed to the

fitting results presented in Phase One, the exponents of both CPE components

representing the double layer capacitance (adl) and the capacitance of the cor-
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(a) (b)

(c) (d)

(e) (f)

Figure 4.59: Fitting results for FeMn immersed in HBSS+BSA (with Pen-Strep)
compared to HBSS+Ca (without Pen-Strep). The green curve shows the result
of FeMn exposed to HBSS+Ca with 1 vol.% Pen-Strep. The fitted components
correspond to the model presented in Figure 4.9.
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rosion product layer (alayer), both had values which were generally < 0.7. Due

to the recommendations by Hsu and Mansfeld [65] not to use equation 4.1 to

calculate the equivalent true capacitance in such cases, Clayer was not calculated

for this data. Although CPE coefficients cannot be interpreted in the same way

as true capacitances, observing the data in Figure 4.58 (c)-(f) can still provide

some useful information. Firstly, the coefficient and exponent for both CPE com-

ponents were considerably unstable compared to the stable behaviour exhibited‘

by their counterparts for FeMn tested in HBSS+Ca. For the CPE representing

the double layer capacitance, the electrical characteristics in HBSS+BSA could

be highly influenced by any adsorption of BSA molecules to the surface. Mean-

while whereas the evolution of CPElayer seems to indicate that the impedance

drops considerably for a few hours after around 3 h of immersion, the increase

in µS · sadl · cm2 is accompanied by a simultaneous drop in the exponent value to

signify less capacitive behaviour. Therefore, one cannot assume that the increase

shown in Figure 4.59d is associated with a drop in impedance.

4.2.3.3 Post-testing SEM-EDS analysis

SEM micrographs of the samples tested in HBSS+BSA for 24 h are presented in

Figure 4.60 with corresponding EDS analyses found in Table 4.8. The surface

morphology of the sample tested in protein-containing electrolyte is clearly dis-

tinct from the surface tested in HBSS+Ca shown in Figure 4.47. Looking at the

low magnification image in Figure 4.60a the surface is shown to be relatively uni-

form with isolated brightly-characterised clusters. EDS analysis in Figure 4.60b

(point 1) shows that the clusters are rich in Ca, P, O and N. When observing

higher magnification micrographs, the surface was shown to be covered by a uni-

form layer full of micro-cracks, likely due to dehydration. EDS analysis of the

micro-cracked layer (point 2) shows enrichment in both C and O compared to

corresponding regions on similar samples tested in HBSS+Ca (Table 4.6, point

10).

Several Ca/P-rich clusters all over the sample surface seemed to have col-

lapsed, as shown in Figure 4.60 (c) and (d). It is not clear whether their struc-

ture was compromised during the testing period or during post-test material
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(a) (b)

(c) (d)

Figure 4.60: SEM-EDS analysis of FeMn surface following 24 h testing in
HBSS+BSA. Numbered regions correspond to EDS analysis presented in Table
4.8.

Table 4.8: EDS analysis corresponding to regions-of-interest marked in Figure
4.60 in wt.%.

preparation for SEM analysis. However, pitted regions were commonly revealed

underneath, exposing the original metal (points 3 and 5). The cracked layer
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surrounding the pits (point 4), had a similar composition to that detected for

isolated clusters (point 1) i.e. rich in Fe, O, Ca, P, C and N, relative to the rest

of the surface.

4.2.3.4 Raman spectroscopy

Raman spectroscopy was carried out between 800-1800 cm−1 using a green laser

(532 nm) on an untested FeMn surface and post-EIS surfaces tested in HBSS+Ca

and HBSS+BSA. The spectra with labelled peaks are presented in Figure 4.61.

The untested surface did not result in any discernible peaks other than the signal

at around 1300 cm−1 which did not match any potential record from the database.

The sample tested in HBSS+Ca exhibited a single peak that matched perfectly

with apatite which exhibits a raman shift at 961.28 cm−1. Records in the database

for calcium phosphate and hydroxyapatite list their raman shifts at 965.07 cm−1

and 963.42 cm−1 respectively, both also very close to the detected peak. For the

sample tested in HBSS+BSA, all the spectra followed the same trend exhibited by

the representative spectrum presented in the graph. Major peaks corresponded to

the carboxyl functional group (C=O) related to amino acids asymmetric (1600-

1560 cm−1) and symmetric (1420-1400 cm−1) stretching, as well as C-N stretching

(1500-1400 cm−1). Although the other peaks are not particularly well defined,

Figure 4.61: Raman spectra collected on untested FeMn, and 24 h EIS-tested
FeMn in HBSS+Ca and in HBSS+BSA.
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the spectrum for CaCO3, exhibits its main peak at 1084.10 cm−1, which falls

within the non-indexed (*) region.

4.2.3.5 Discussion

Studies concerned with the behaviour of Fe-based alloys when exposed to protein-

containing solutions have so far been limited to just a few, with the evolution

of the corrosion mechanism over time remaining very much up for debate, as

discussed in Section 2.1.4.2.3 [147, 150, 169–171]. From the available literature

on the interaction of BSA with degrading metals, it is well known that there

are two main affecting phenomena; chelation of divalent ions and adsorption of

protein to the corroding metal surface.

The adsorption of protein onto the FeMn surfaces tested using EIS for 24

h was confirmed using Raman spectroscopy in Figure 4.61, where the carboxyl

functional group C=O and the C-N bond were detected. Both groups are present

in the dehydrated structure of BSA, as shown in Figure 4.62 and have previously

been related to the presence of stretching vibrations of amide I in protein [175].

Although not the most reliable measure, the higher N content detected over

corrosion products relative to that detected on the metal surface in EDS results

presented in Table 4.8 (points 1 and 4), might also be indicative of residual protein

on the tested surface. Therefore, while the isoelectric point (IEP) theory discussed

in Section 2.1.4.2.3, indicates that it is less likely for BSA to adsorb to corroding

Fe-based alloys when compared to degrading Mg-alloys for instance, adsorption

of BSA to FeMn surfaces is still possible. Another sign of BSA interaction with

Figure 4.62: Variation of dehydrated structure of BSA [254].

210



4.2 Corrosion testing

the metal surface is evident in the evolution of the CPEdl and adl. The formation

of the double layer in HBSS+BSA was shown to be relatively complex based

on the instability of both values relative to those modelled for FeMn tested in

HBSS+Ca, as seen in Figure 4.58 (c) and (e). Whereas both the CPE coefficient

and exponent had stabilised after 24 h in HBSS+Ca, in HBSS+BSA the values

were still evolving, signifying an ever-changing scenario at the metal-electrolyte

interface.

Despite the clear interaction of BSA with the FeMn surface, the charge-

transfer resistance Rct in Figure 4.58a, was considerably lower in HBSS+BSA

compared to HBSS+Ca, both at the start of the test and in the consecutive 24 h.

This was also observed by Huang et al. [171] who measured significantly lower

|Z| at 0.1 Hz for both Fe and Fe22Mn0.6C in SBF with 10 g L−1 BSA, compared

to SBF only. Similar to what was observed in this study, Huang et al. also re-

ported an increase in the measured impedances with time, which they attributed

to a growing “barrier” effect as the BSA starts to adsorb to the surface. How-

ever, as shown in Phase One and Two of this work, the Rct values also increase

for FeMn exposed to HBSS or HBSS+Ca and therefore the increase with time

need not necessarily be due to the adsorption, but rather growing metal oxides

or hydroxides. The corrosion product layer observed using SEM, particularly in

Figure 4.60c, seemed particularly dense and rich in both metal as well as C and

O. Although not necessarily a metal-carbonate, its formation provided conditions

at the metal-corrosion product interface that encouraged pitting. Despite the fact

that areas of localised corrosion were observed all over the sample surface, the

extent of attack in these locations was not significant enough to result in major

drops in the Rct values, as is typical of pitting corrosion in stainless steels for

instance [255]. However, it could have contributed to maintaining the resistance

at relatively low W · cm2. Facilitated release of metal ions could have also been

facilitated by the chelating ability of BSA [147].

Fe2+ and Mn2+ ions are not the only ions chelated by BSA. Chelation of

Ca2+ by the same protein has been reported in literature in various studies on

biodegradable metals [75, 170]. Since Ca2+-chelation is not dependant on the

corrosion rate, it follows that it could take place upon addition of BSA to the

electrolyte. This was evident in the results present in this testing phase by the
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delayed increase in Rlayer in Figure 4.58b, due to lack of availability of Ca2+ to

react with phosphate and hydroxyl ions to precipitate HA-like products. Despite

chelation, Ca/P-rich precipitates could still be observed on the sample surfaces

in Figure 4.60. A combination of chelation [147] and corrosion product desta-

bilisation by the formation of pits [153], could have led to the decrease in Rlayer

resistances after around 5 to 7 h from immersion and the associated instability

in the CPE characteristics of the same layer. The modelling results indicate that

the protective characteristic of this layer is not regained within the consecutive

hours, at least when considering the Rlayer component. Naturally, it is difficult to

hypothesise how this result could be interpreted to predict how the HA-like layer

would evolve in vivo in the presence of protein. In the in vitro situation, the

test is exposed to a finite amount of BSA and Ca2+ ions and therefore product

reprecipitation and/or constant binding of Ca2+ ions were not factored into this

model.

An interesting observation was noted in the work published by Huang et al.

[171] on the influence of 10 g L−1 BSA added to SBF when testing wrought

Fe22Mn0.6C. The authors also conducted 24 h tests using EIS however only

modelled the final spectrum. The results of the fitting exercise, presented in

Table 4.9, are considerably similar to the modelled values in this work for spectra

collected between 3 and 5 h following immersion, in terms of the relative values

with and without BSA in the two studies. However, Huang et al. did not observe

any pitting in their work. This observation could indicate that increasing the

BSA concentration from 10.0 g L−1 to 20.6 g L−1 could result in acceleration of

the corrosion timeline. Having said this, the difference in processing method as

well as the variation in the metal’s composition surely have their own influence

on the result.

Table 4.9: EIS fitting results for wrought Fe22Mn0.6C immersed in SBF and SBF
with 10 g L−1 BSA after 24 h. Results published by Huang et al. [171].

212



4.2 Corrosion testing

Figure 4.63: Evolution of modelled EIS values for AZ91D tested in HBSS and
HBSS+BSA. Results obtained by Harandi et al. [172].

EIS evolution results for a Mg-alloy (AZ91D) in HBSS and HBSS+BSA by

Harandi et al. [172] also seemed to indicate very similar trends in the evolution

of the modelled Rct, Rlayer, CPEdl and CPElayer (Rc, Rf, Qdl and Qf respectively

in the study) at the 24 h mark, according to plots presented in Figure 4.63. This

raises a new question as to whether the alloy has significant influence on the

corrosion behaviour when subjected to BSA-containing electrolyte in an in vitro

environment. Should the trends published by Harandi et al. for the subsequent

75 h of EIS testing hold true also for FeMn, then the lack of protective product

formation observed in the first 24 h could very likely persist in longer-term tests.
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4.2.3.5.1 Conclusions

The conclusions from this section are summarised hereunder.

i. The addition of 20.6 g L−1 BSA to HBSS+Ca results in the formation of

corrosion product layers that are not particularly stable and whose barrier

properties do not provide significant resistance to further corrosion;

ii. Chelation of Ca2+ ions results in delayed formation of the HA-like protective

layer on the corroding surface and prevents its long-term stability in a finite

testing volume;

iii. BSA additions to the testing electrolyte seem to encourage localised corrosion

of Fe-based alloys when added in relatively large quantities (20.6 g L−1),

confirming existing observations in literature [147, 170];

iv. Increasing the complexity of the testing electrolyte seems to reduce the extent

of the influence of the material composition on its corrosion behaviour.

4.2.4 Phase Four - Static Immersion Testing

This phase presents results and analysis following static immersion of porous

FeMn samples tested over a period of 28 days. Following 24-h testing in previous

testing phases, this phase was aimed at determining how the testing electrolytes

considered throughout this study, could affect the degradation of FeMn over a

longer period of time.

4.2.4.1 SEM-EDS analysis

4.2.4.1.1 Surfaces

SEM images of surfaces after 7, 14 and 28 days are shown in Figures 4.64-4.66

in each case showing FeMn tested in HBSS in (a), those tested in HBSS+Ca

in (b) and samples tested in HBSS+BSA in (c). Multiple micrographs are pre-

sented to exhibit a clearer representation of varying surface morphologies on the

same sample. Numbered regions on each micrograph correspond to EDS analysis

collectively presented in Table 4.10.
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(a)

(b)

(c)

Figure 4.64: SEM images of the surface of representative FeMn samples following
7 days of immersion in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA at 37°C.
Numbered regions-of-interest correspond to EDS analysis listed in Table 4.10.

215



4.2 Corrosion testing

(a)

(b)

(c)

Figure 4.65: SEM images of the surface of representative FeMn samples following
14 days of immersion in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA at 37°C.
Numbered regions-of-interest correspond to EDS analysis listed in Table 4.10.
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(a)

(b)

(c)

Figure 4.66: SEM images of the surface of representative FeMn samples following
28 days of immersion in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA at 37°C.
Numbered regions-of-interest correspond to EDS analysis listed in Table 4.10.
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Table 4.10: EDS analysis in wt.% corresponding to numbered regions-of-
interest marked in Figures 4.64-4.66 for surfaces tested in HBSS, HBSS+Ca and
HBSS+BSA for 7, 14 and 28 days.
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Samples immersed in HBSS (Figures 4.64-4.66 (a)) all showed signs of a corro-

sion product layer that was considerably uniform and grew more densely around

and within porosity despite evident cracks in the same areas. Grinding marks

were still clearly distinguishable after the first 14 days but became less so after

28 days. Similarly, samples tested in HBSS+Ca (Figures 4.64-4.66 (b)) showed

evidence of a corrosion product layer present all over the sample surface. As

evident in the images, the morphology varied significantly from one area to an-

other, however as observed with samples tested in HBSS, corrosion products were

particularly dense close to pores. In both electrolytes, the denser product was

more rich in O, Mn, P and Ca (Pts 2, 4, 13, 14, 18, 23) compared to other re-

gions of the corrosion product layers (Pts 5, 9, 12, 19, 22). Elemental analyses

of samples tested in HBSS+BSA (Figures 4.64-4.66 (c)) generally followed sim-

ilar patterns although the amount of Ca and P content detected on any part of

the surface was considerably lower than any other point of analysis on surfaces

tested in HBSS+Ca (Pts. 7, 15, 16, 25, 26). Micrographs for samples tested

in HBSS+BSA in particular revealed shallow localised corrosion regions on the

metal surface wherever the corrosion product flaked off to reveal the substrate

underneath. There was no noticeable increase in N content on the tested sur-

faces which could be indicative of adsorbed BSA, however EDS is naturally not

particularly reliable for detecting minute shifts in N wt.%.

4.2.4.1.2 Cross-sections

Cross-sections with corresponding EDS maps of C, Fe, Mn, O, P and Ca (where

applicable) are presented in Figures 4.67-4.69. The scale bars on the SEM images

take into consideration the varying magnification factors due to the use of tapered

steel sections during cold mounting of the samples, as schematically represented

in Figure 3.61.

Samples immersed in HBSS consistently showed the presence of a layer rich

in both O and P with no clear differentiation indicating the formation of two

separate layers of corrosion product. Since EDS analysis in Table 4.10 showed

considerably higher wt.% of O detected in P or Ca/P-rich corrosion products

1Magnification is only achieved vertically, hence the vertical orientation of the scale bars.
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Figure 4.67: SEM image with corresponding EDS maps showing C, Fe, Mn, O,
P and Ca distribution on representative cross-sections of FeMn samples immersed
in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA for 7 days at 37°C. Arrows in (a)
indicate the presence of MnO in the bulk.
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Figure 4.68: SEM image with corresponding EDS maps showing C, Fe, Mn, O,
P and Ca distribution on representative cross-sections of FeMn samples immersed
in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA for 14 days at 37°C.
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Figure 4.69: SEM image with corresponding EDS maps showing C, Fe, Mn, O,
P and Ca distribution on representative cross-sections of FeMn samples immersed
in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA for 28 days at 37°C.
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compared with metal-rich oxide/hydroxide layers, the visibility of such a layer

might be limited due to significantly less bright distribution of the O in elemental

maps. Overlaying the maps onto the SEM image showed a slight enrichment

of Mn around a pore-like depression in the substrate after 7 days of immersion

in Figure 4.67a. After 14 and 28 days in HBSS, surfaces seem to be similarly

composed of a layer of mixed metal phosphates. Samples immersed in HBSS+Ca

exhibited a strong, if not uniform, presence of Ca and P products irrespective of

the immersion time. Once again, there seemed to be an absence of a multi-layer

structure to the products formed. Maps of P and Ca when analysing cross-sections

for samples immersed in HBSS+BSA were generally less intense when compared

to maps for samples immersed in HBSS+Ca, as expected. The O distribution

indicated that even on these samples, a layer of corrosion product was rather

uniformly present.

Elemental composition of corrosion products formed within the pores showed

consistent enrichment in both Fe and O. Areas where an obvious high intensity

of Mn correspond with a similarly intense region of O concentration (for instance

areas pointed out by arrows in Figure 4.67a), indicate the location of MnO inclu-

sions within the substrate and are naturally not a result of the corrosion test. The

absence of a strong detection of elements like P and Ca in the corrosion products

within the pores indicates that the electrolyte had limited penetration beyond

the surface of the samples. Corrosion products formed within closed pores are

likely the result of reactions with air and other potential contaminants trapped

within during processing.

4.2.4.2 Weight loss measurements

The mass loss measurements following the corrosion product removal procedure

after 14 and 28 days of testing, are presented in Figure 4.70. The average mass

of samples after 14 days of immersion was higher than the original sample mass.

Moreover there was not a statistically significant difference between the masses

of the samples tested in different electrolytes. After 28 days, samples tested in

HBSS exhibited the highest average mass loss at 25.41 ± 2.81 mg cm−2. However,

several samples tested in HBSS+Ca and HBSS+BSA for 28 days still exhibited
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Figure 4.70: Mass loss measurements for FeMn in HBSS, HBSS+Ca and
HBSS+BSA after an immersion period of 14 and 28 days. Error bars represent
calculated standard error (n = 5).

(a) (b)

(c)

Figure 4.71: SEM images of FeMn surfaces tested in (a) HBSS (b) HBSS+Ca
and (c) HBSS+BSA for 28 days and cleaned from surface corrosion products using
a 1 M HCl with 3.5 g L−1 HMTA solution for 5 min.
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an increase in weight resulting in a negative average mass loss. This was recorded

despite use of the cleaning procedure in 1 M HCL with 3.5 g L−1 HMTA, assisted

by ultrasonication for 15 min.

Representative samples from the samples used for weight loss measurements

after immersion for 28 days, were imaged using SEM after the etching procedure.

The underlying metal surfaces are shown in Figure 4.71. The surface tested

in HBSS was considerably attacked with the surface exhibiting what could be

described as closely spaced shallow pits all over the surface. The same type of

attack extended to within the pores as shown in the bottom left corner of the

micrograph in Figure 4.71a. The sample tested in HBSS+Ca, shown in (b),

was considerably free of the described morphology, however the grinding marks

from the sample preparation stage were not visible in a significant portion of the

analysed surface. In the case of the FeMn surface tested in HBSS+BSA, sections

of the surface were similarly free of grinding marks however other areas which

were not, also showed signed of localised attack as shown in (c).

4.2.4.3 pH measurement

The measurements of solution pH following each testing period are presented

in Figure 4.72a. In (b) the pH of the testing solution blanks i.e. the same

solutions exposed to the same testing conditions without containing any FeMn

samples, were subtracted from the average pH of the testing solutions in which

the samples were tested. The change represents the increase in pH units due

to the influence of the corroding metal. The change in pH for HBSS testing

solutions was consistently the highest, increasing by 1 unit after just 7 days and

then remaining relatively stable. The pH of HBSS+BSA also increased by 0.25

units and remained stable in the next 3 weeks. On the other hand the pH of

HBSS+Ca remained stable for the first two weeks and then increased to 0.3 units

by the end of the 28 day testing period.
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(a) (b)

Figure 4.72: Plots of (a) average pH of solution after each testing period (standard
error, n = 4) plotted along with pH measurement of corresponding blank solutions
and (b) difference in pH units between the average measured pH (standard error, n
= 4) and the pH of the blank. Note that no error was calculated for measurements
carried out after 7 days since only 2 samples were tested for that interval.

4.2.4.4 Raman spectroscopy

Representative samples were analysed using Raman spectroscopy following each

immersion period. The spectra are presented in Figure 4.73. Although the princi-

pal aim was to determine whether there were any signs of adsorbed BSA following

the test as observed following 24 h EIS testing in Phase Three, testing all the

samples was carried out to identify any other notable peaks that could assist in

characterising the formed corrosion products.

The spectra for samples tested in HBSS all exhibited Raman shifts between

900-1200 cm−1 although the absence of any distinct peak within the range, lim-

ited the ability to identify the compound or functional groups that caused the

shift. Rather intense peaks were also registered below 800 cm−1. Once again the

absence of a distinct peak presented similar difficulties however, based on Raman

studies on Fe-based oxides by Testa et al. [256], a number of oxides includ-

ing magnetite (Fe3O4), maghemite (γ-Fe2O3), hematite (α-Fe2O3) and wüstite

(FeO), all exhibit major peaks between 500-800 cm−1 as seen in Figure 4.74a.

The spectrum for maghemite is similar to the spectra obtained in this work how-
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Figure 4.73: Raman spectrum collected on porous FeMn samples tested in HBSS,
HBSS+Ca and HBSS+BSA after 7, 14 and 28 days.

ever Figure 4.74 (b) and (c) show how intermediate spectra in the transition from

magnetite to hematite as well as stoichiometric variants of (Fe,Mn)3O4 all exhibit

similar patterns. Huang et al. [171] also interpreted wide peaks within this region

to be a sign of Fe3O4 presence on their FeMn alloy. One must note that in the

present study, flecks of orange-brown products, typically associated with Fe2O3

[106] were observed on the samples tested in HBSS immediately after drying. To

this end, the lower end of the spectra for FeMn tested in HBSS are indicative of

a strong presence of mixed metal oxides that are more dominant after 14 days

of immersion testing. Spectra for samples tested in HBSS+Ca showed similar

peaks under 800 cm−1 after 28 days along with a peak corresponding to various

apatite compounds at all intervals. The spectrum after 28 days exhibited what

seemed like very intense background signals especially at higher cm−1. The same

phenomenon was picked up all over the sample surface. Unfortunately only one

sample was reserved for this analysis so it is not clear whether this was a re-

peatable effect of long-term immersion in HBSS+Ca. Finally, samples tested in

HBSS+BSA all exhibited varying intensities of the peaks associated with C=O

and C-N bonding, as observed in Figure 4.61 in Phase Three. The peak cor-

responding to apatite as well as peaks related to metal oxides between 500-800

cm−1 were similarly detected after each testing interval.
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(a) (b)

(c)

Figure 4.74: (a) Representative Raman spectra for typical Fe-based oxides and
oxyhydroxides, (b) Raman spectra showing the heat-assisted transformation from
magnetite to hematite through maghemite and (c) Raman spectra for several
(Fe,Mn)3O4 with different stoichiometry [256]. In (b) the percentage indicates
laser power with higher % resulting in more intense heat application.

It is important to emphasise that the y-axis of all the plots represent rela-

tive intensity that is specific to each plot i.e. the intensity scale of the plot for

samples tested in HBSS was adjusted to best present the three spectra clearly

but is not necessarily equivalent to the scale used for the plots of HBSS+Ca and

HBSS+BSA. Therefore, the intensity between the spectra presented in the same

plot may be compared but not the same could be done between different plots.

Having said this, each spectrum was collected over a single spot over the sample
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surface and although multiple spectra were collected to make sure that the pre-

sented spectrum is representative, the intensities do not necessarily represent the

accurate proportion of a specific product on the whole sample surface.

4.2.4.5 Discussion

4.2.4.5.1 On the limitations of mass loss measurements for porous

FeMn alloys

The results of the mass loss measurements presented in Figure 4.70 were not

particularly helpful in determining the long-term influence of Ca2+ and BSA

additions to HBSS on the corrosion of powder-processed FeMn. Although the

SEM images of chemically cleaned FeMn surfaces following 28 days of immersion

testing in Figure 4.71 seem free of corrosion products, the measured increase in

dry weight clearly indicates otherwise. Degradation product-filled pores present

deep within the core of the samples, as observed in cross-sections of the tested

samples, were surely tedious to clean completely using the described procedure,

especially considering the commonly reported use of brushes to assist with this

step even when cleaning tested wrought samples [78, 107, 154, 180, 181]. From

initial experiments on blank i.e. untested coupons, the chemical cleaning time

affects the extent of substrate dissolution, therefore repeating the process until

the dry mass became asymptotic as suggested in the relevant standard (ASTM

G1 [68]), would not have yielded reliable results, particularly because the extent

of corrosion product removal could not be visually assessed with porous samples.

Alternatively suggested methods including repetitive ultrasonication in ethanol,

is even less likely to prove successful for similar reasons [137, 162].

Rather than to estimate the corrosion rate in each electrolyte, these results

were therefore included to stress the limitations of mass loss measurements with

similar coupons and macro-porous scaffold structures. Several of these limitations

have already been discussed in detail in Section 2.1.4.4 based on existing literature

and have been confirmed in the present study, making any attempt to compare

quantitative mass loss results across research groups rather futile.

Considering these outcomes along with those in literature, the candidate sug-

gests that more definitive results could be acquired using µ-CT tomography to
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derive measures of volume lost per unit area of exposed metal. While this ap-

proach could present its own difficulties [180], standardisation could be signifi-

cantly simplified with such a non-invasive approach. Measures obtained using this

technique, like all other existing methodologies, rely on the assumption that the

principal corrosion mechanism is uniform degradation to derive a corrosion rate

in mm/y, however full virtual visualisation of the implant gives a considerably

more informative approach to assessing corrosion behaviour.

In this study, the other results presented in this phase will be relied on to

deduce the corrosion behaviour of the metal in the various electrolytes of interest.

4.2.4.5.2 Long-term influence of Ca2+ on the degradation of powder-

processed FeMn

When looking at the surfaces of FeMn tested in HBSS and HBSS+Ca in Figures

4.64-4.66 (a) and (b) respectively, there were no particularly prominent differ-

ences between the two sets of micrographs. Neither did the surfaces experience

any significantly notable differences throughout the course of the tests. The same

observations were made when looking at progressive micrographs of representative

sample cross-sections in Figures 4.67-4.69 (a) and (b). None of the cross-sections

revealed distinguishable hydroxide multilayers, as opposed to the dense Fe3O4

and Fe2O3 oxide formations on tested Fe35Mn samples by Hermawan et al. [106].

However, EDS maps corresponding to the cross-sections, revealed Fe/P-rich prod-

ucts on samples tested in HBSS and as expected, abundant Ca/P-rich products

on samples tested in HBSS+Ca. The Ca/P-rich layer, which led to the presence

of apatite peaks in all Raman spectra for samples tested in HBSS+Ca (Figure

4.73), did not seem to grow thicker with time, based on analysis of cross-sections.

Results presented in Phase One of this work indicated how steady accumulation of

apatite-like products on porous surfaces could lead to a sudden reduction in pro-

tective capacity of the same products that could be due to detachment of portions

of the same product. Further testing in Phase Two then showed how non-porous

surfaces retained a more uniform layer of corrosion products. The same was re-

ported by Feng et al. [179] who observed discontinuous corrosion product layers

230



4.2 Corrosion testing

on porous Fe30Mn6Si1Pd, and the opposite on non-porous counterparts of the

same metal.

Despite the absence of multilayers in cross-sections, EDS analysis presented in

Table 4.10 showed that under respective phosphates, a layer that was mostly rich

in Fe/Mn/O was present for each analysed sample irrespective of the electrolyte it

was exposed to. Although specific oxides/hydroxides were not identified, Raman

spectra corresponding to the same samples in Figure 4.73, showed the consistent

presence of Fe-containing oxides on all samples tested in HBSS. Samples tested

in HBSS+Ca exhibited a similar presence of Fe-containing oxides after 7 and 28

days1.

The chemically cleaned surface micrographs of FeMn samples tested for 28

days, in Figure 4.71 (a) and (b), shed some light onto the principal corrosion

mechanisms that the samples experienced in each electrolyte. Although one can-

not be certain of what took place deep within the pores, surfaces tested in HBSS

and HBSS+Ca both seem to have experienced uniform corrosion in various forms.

In the absence of the formation of partially protective Ca/P-rich film, the surface

tested in HBSS was covered in dimples of various sizes. On the hand, the sample

tested in HBSS+Ca had a largely smoothed surface with signs of the grinding

marks from the sample preparation stage only present in localised regions.

These observations tie in well with the influence that the degradation of the

metals had on the pH of the solutions over the course of the testing period in

Figure 4.72b. Although OH- ions generated in the cathodic oxygen reduction

reaction were definitely consumed for the formation of hydroxides detected in

Raman spectra, as shown in potential reactions 4.7 and 4.8 [113], the rapid dif-

fusion of OH- relative to that of the metal ions’ [257], allows for them to spread

through the solution and influence the bulk pH.

Fe2+ +OH− → Fe(OH)2 (4.7)

2Fe(OH)2 + 2OH− → Fe2O3.H2O + 2H2O + 2e− (4.8)

1A rather weak signal intensity collected from the FeMn samples tested in HBSS+Ca for
14 days might have interfered with resolving present peaks at similar Raman shifts.
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This not mentioning that the product in reaction 4.8 could also be formed through

reaction with dissolved oxygen according to reaction 4.9 [46].

4Fe(OH)2 +O2 + 2H2O → 2Fe2O3.6H2O (4.9)

Moreover, precipitation of the likely Fe3(PO4)2.8H2O product (refer to Medusa

simulation in Figure 4.29a), does not require OH- to take place, as shown in

reaction 4.10 [48].

3Fe2+ + 2PO4
3− + 8H2O → Fe3(PO4)2.8H2O (4.10)

The change in pH due to the degradation of FeMn in HBSS+Ca was minimal

in the first 14 days, varying between 0 and 0.05 units, owing either to the rapid

consumption of generated OH- for Ca/P product precipitation or due to the

limited cathodic reaction as affected by the same Ca/P product. Only after 28

days did the solution register a slight increase in pH by 0.25 units. These are

likely attributed to changes to the Ca/P layer which drastically reduce its’ charge

transfer limiting capacity, as observed in Phase One results with porous FeMnAg

after less than 10 h of testing.

Apart from the detection of hydroxides and typical Fe/P and Ca/P product

precipitation, a notable trend in the surface EDS analysis that was also very no-

ticeable in the cross-section of the sample immersed in HBSS for 7 days (Figure

4.67a), was the Mn enrichment in corrosion products formed around pores. High

concentrations of Mn have previously been detected in the topmost layers of cor-

rosion products [113, 166] when testing wrought FeMn alloys. Schinhammer et

al. [166] speculated that Mn ions could be diffusing away from the corroding sur-

face where they later react with dissolved oxygen to precipitate Mn-hydroxides

as an outer corrosion product layer. In fact, groups who measure the ion con-

centrations in the testing extracts tend to find higher concentrations of Mn ions

relative to Fe [117, 138]. The exceptions to this observation were studies in which

a high concentration of carbonate ions were used prompting the precipitation of

MnCO3 [137, 162] which would otherwise unlikely take place [166]. Considering

the absence of typical pit geometries as observed in stainless steels for instance,

analysis of cross-sections did not indicate that pitting corrosion was particularly
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prominent in the degradation of any of the samples. However, momentary occlu-

sion within certain pores could have led to pitting-like behaviour with hydroxides

forming preferentially around the pore entrance [153]. With Mn likely being

available more readily in the solution, this could have been the cause for Mn

enrichment in these areas.

4.2.4.5.3 Long-term influence of BSA additions on the degradation of

powder-processed FeMn

The major differences between samples tested in HBSS+Ca and HBSS+BSA,

based on surface and cross-section analyses, include a lower Ca/P ratio on samples

tested in HBSS+BSA, as well as the formation of a thinner corrosion product layer

in general. The former is quite expected based on previous evidence of Ca2+

chelation by BSA in Phase Three. The increase in pH due to FeMn degradation

in HBSS+BSA compared to that measured in HBSS+Ca in Figure 4.72b, could

also be an indication of a slower formation or lower concentrations of Ca/P-rich

products precipitated on the surface. This being said, apatite was still detected in

Raman investigation as shown in Figure 4.73. Similarly, signs of BSA adsorption

were also detected by the same technique through the presence of C=O and C-N

peaks which Dong et al. [175] attribute to stretching vibrations by amide I in

protein. Thinner hydroxides could also be a sign of reduced availability of metallic

ions due to similar chelation of divalent Fe and Mn ions by BSA; a phenomenon

that some have hypothesised could result in faster metal dissolution [148].

SEM analysis of the chemically cleaned micrograph of FeMn tested in

HBSS+BSA for 28 days in Figure 4.71c, showed regions which were smoothed

in a similar way to the sample tested in HBSS+Ca with the addition of regular

occurence of localised shallow pits. Although we cannot determine whether the

addition of BSA resulted in accelerated corrosion, these features were exclusively

present in samples tested in HBSS+BSA. Instances of localised “pit” formation

was not unexpected considering the observation of localised attack following EIS

testing for 24 h in Phase Three, as well as published results by Oriňaková et

al. [147] who observed pits in Fe samples after testing for 1 h in HBSS with a

similar concentration of BSA.
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Based on these results, the corrosion mechanism of FeMn in HBSS+BSA

seems to be very similar to the corrosion mechanism of Zn in BSA-containing

electrolytes described by Dong et al. [175]. Adsorption of BSA to the metal

surface takes place via electrostatic interactions as described in Section 2.1.4.2.3,

potentially forming occluded sites between the metal’s natural oxide and the

protein. This could give rise to favourable conditions for localised corrosion to

take place in such regions through Cl- migration towards the site as well as metal

hydrolysis according to reactions 4.11 and 4.12 [153, 175].

Fe2+ +H2O → FeOH+ +H+ (4.11)

FeOH+ +H2O → Fe(OH)2 +H+ (4.12)

Since adsorbed BSA is only bound to the metal surface with weak secondary

bonds [172], it could easy be displaced preventing the localised attack from pro-

gressing catastrophically. Incidentally, all studies in which no pitting or other

indications of localised degradation was observed when testing Fe-based alloys

in HBSS+BSA, were carried in Ca2+-free electrolytes [150, 162]. Although the

relation is not clear, it is possible that protein influences the mode of Ca/P pre-

cipitation in a way that allows for the formation of the observed features.

4.2.4.5.4 Improvements to testing methodology

Despite the fact that HBSS formulations are designed to equilibrate with air

while buffering pH [243], Figure 4.72a indicates that the pH of blank solutions

i.e. solutions without FeMn, increased considerably within the first testing week.

The specified “buffering” capacity is therefore clearly limited to short test runs.

In fact, a comparable increase in pH was observed in other studies using similar

testing electrolyte formulations for long-term tests in the absence of pH buffers

or a CO2 environment [170, 258].

In order to compare the outcomes of the original tests in this phase to tests

carried out in a more regulated environment, a 7 day immersion test was con-

ducted with fresh samples immersed in HBSS, HBSS+Ca and HBSS+BSA, this

time in an incubator at 37°C and 5% CO2. Two samples were used per condition
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due to limited sample availability. The pH of each testing and blank solution after

the 7 day testing period, was 6.9. This indicates that in the described testing

setup, a lower concentration of CO2 should be used to achieve the representative

physiological pH of 7.4, irrespective of electrolyte formulation.

The samples used in this short test run were analysed in the same manner as

samples tested in the original experiment. SEM micrographs of the surfaces are

presented in Figure 4.75 with corresponding EDS analyses in Table 4.11 whereas

cross-sectional SEM micrographs and associated EDS maps are presented in Fig-

ure 4.76. At first glance, the corrosion products accumulated on the surface were

extremely similar to those formed on samples tested for 7 days in air, shown

in Figure 4.64. However, close observation of the exposed substrate wherever

the corrosion products flaked off during sample preparation, revealed shallow lo-

calised pits matching those observed on samples tested in HBSS+BSA in the first

tests. In this case, rather than due to localised occluded regions between corro-

sion product or protein and the metal surface, they were possibly formed due to

the slightly acidic bulk electrolyte that facilitate metal dissolution [47].

Fe/P products seem to have formed more profusely judging by EDS analysis

of the corrosion products on the surface of the sample tested in HBSS as well as

the consistently thicker layer observed along the sample cross-section in Figure

4.76a. The Medusa simulation for FeMn corroding in HBSS in Figure 4.29b,

shows how the likely formed phosphate, Fe3(PO4)2.8H2O, becomes increasingly

stable as the pH of the solution drops towards 6.9 from the pH of 9.2 detected after

7 days in the absence of a CO2 atmosphere. The opposite is true for the stability

of Ca5(PO4)3OH or similar apatite-like precipitates. The Medusa simulation in

Figure 4.31c for FeMn corroding in HBSS+Ca shows a decreasing tendency for

the product to form as the pH decreases towards 6.9. This accounts for the

thinner corrosion product layers with lower intensities of Ca and P detected in

the EDS maps presented in Figure 4.76 (b) and (c).

In a 30 day immersion test conducted by Dargusch et al. [107], powder-

processed Fe35Mn samples were similarly tested in HBSS (with Ca2+) at 37°C

and in 5% CO2. The authors noted that the corrosion product layer constituted

a very thin layer of (Fe,Mn)(OH)2/(Fe,Mn)(OH)3 with considerable formation
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(a)

(b)

(c)

Figure 4.75: SEM images of the surface of representative FeMn samples following
7 days of immersion in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA at 37°C in
5% CO2. Numbered regions-of-interest correspond to EDS analyses listed in Table
4.11.
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Figure 4.76: SEM image with corresponding EDS maps showing C, Fe, Mn, O,
P and Ca distribution on representative cross-sections of FeMn samples immersed
in (a) HBSS (b) HBSS+Ca and (c) HBSS+BSA for 7 days at 37°C and 5% CO2.
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Table 4.11: EDS analysis in wt.% corresponding to numbered regions-of-
interest marked in Figure 4.75 for FeMn surfaces tested in HBSS, HBSS+Ca and
HBSS+BSA for 7 days in 5% CO2 environment at 37°C.

of Ca/P-products on top. This indicates that despite the fact that notable dif-

ferences might be observed in the initial stages of corrosion when testing in the

two different atmospheres, long-term testing will likely result in indistinguish-

able in vitro-tested samples. Naturally, biodegradable implants are required to

serve their purpose for significantly longer than 30 days, making both testing

outcomes relevant. Having said this, being able to accurately control the testing

setup is always favourable for standardising purposes and therefore CO2 testing

atmospheres, especially if coupled by active regulation, should be advised [164].

4.2.4.5.5 Conclusions

The principal conclusions from this phase are summarised hereunder:

i. As observed in 24 h in vitro test runs in Phase One, metal-phosphates

were the primary observed corrosion product in the absence of Ca2+ ions

in the testing electrolyte, whereas Ca/P-rich products precipitated in both

HBSS+Ca and HBSS+BSA. Raman spectra and EDS analyses both indi-

cated the presence of a layer of metal hydroxides underneath the precipitated

phosphates;
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ii. Dense Mn-enriched products were consistently detected at the corroded sur-

faces around pores possibly due to “pitting”-like conditions forming within

pores, despite the absence of signs of localised pitting corrosion. Mn ions

have been previously proven to be more abundantly present than Fe ions in

the bulk electrolyte following metal dissolution in HBSS;

iii. Testing in HBSS and HBSS+Ca resulted in various degrees of uniform degra-

dation based on analysis of chemically cleaned tested surfaces and sample

cross-sections;

iv. Testing in HBSS+BSA was confirmed to result in non-catastrophic localised

corrosion of FeMn surfaces likely influenced by adsorption of BSA to the

surface, as detected using Raman spectroscopy following all three testing

intervals;

v. HBSS and other physiological media with similar concentrations of HCO3
-

and H2PO4
-/HPO4

2-, should only be used in the absence of a controlled

CO2 atmosphere for short test runs. Since other synthetic pH buffers like

HEPES and Tris-HCl have been known to directly interact with electrochemi-

cal species influencing in vitro degradation of biodegradable metals [159–161],

buffering using CO2 remains the preferred approach;

vi. Further effort is required to standardise methods of corrosion rates deter-

mined from long-term testing for porous powder-processed biodegradable

Fe-based metals.

4.2.5 Phase Five - In vivo Testing

As discussed in Chapter 2, rigorous in vitro corrosion testing could never accu-

rately represent the conditions the implant would be facing in the actual implan-

tation site. It is therefore imperative that more groups complete their observa-

tions by carrying out in vivo testing following in vitro tests, to continue to build

knowledge on the relation between the behaviour of specific metals in the two

respective testing modes. Only in this way, could the effectiveness and reliability

of in vitro testing improve over the next years.
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In this study, in vivo testing with materials used in previous testing phases,

was conducted using GAERS rats by Mr. Luke Saliba M.D. as part of his Masters’

work. All rats recovered well from the operation, gaining weight during the

subsequent 6 months up till euthanisation. Analysis of the explanted pins was

performed by the candidate and is presented in this section. The pins removed

from the rats after 6 months were all visually identical. The surface of each pin

was covered in a visually black product with no sign of the metallic surface visible

to the naked eye.

4.2.5.1 XRD analysis

The cylindrical surfaces of representative pins for each tested metal composition

were analysed using XRD, yielding almost identical diffraction patterns. The orig-

inal γ-FeMn and α-Ag peaks shown in the pre-corrosion testing scans in Figure

4.77a were not detected and were all replaced by the diffraction patterns dis-

played in Figure 4.77b, each corresponding to the pattern for CaCO3 (PDF Card

No. 01-075-6049). The same plot also includes labelling for MOOH and MCO3

at 21.4°, 23.8° and 24.6° where M could signify either Fe and Mn, the respective

(a) (b)

Figure 4.77: XRD analysis of FeMn, FeMn1Ag and FeMn5Ag pins (a) before and
(b) after in vivo testing for 6 months.
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compounds of which both exhibit only minimally offset peaks (α-FeOOH - PDF

Card No. 01-073-9835, α-MnOOH - PDF Card No. 01-089-2354, FeCO3 - PDF

Card No. 01-087-2780 and MnCO3 - PDF Card No. 01-073-4352). Any oxides,

hydroxides or carbonates present, most likely underneath the more prominent

presence of CaCO3, could be rich in either or both metals. In reality, the accu-

rate indexing of these peaks is somewhat difficult using this technique since each

could correspond to any number of compounds composed of the metallic elements

and any other surrounding elements derived from the implantation environment

including C, O, P, Ca, K and Na.

4.2.5.2 SEM-EDS analyses

SEM images of representative pin surfaces for each tested metal composition can

be seen in Figure 4.78, with corresponding EDS analyses of marked regions-of-

interest presented in Table 4.12. Similar to other post-test SEM characterisation

in previous testing phases, the corrosion product layers exhibit a “cracked-earth”

effect that is most likely a result of the dehydration process that takes place in

vacuum following ultrasonication in ethanol.

As observed with the XRD analysis, each alloy displayed very similar surface

morphologies with a flaky-looking layer on top of a smoother substrate. EDS

analysis of the top layer (points 2, 4 and 6) indicate a consistent enrichment

in O, P, Ca and K whereas the underlying layer (points 1, 3 and 5) contained

slightly higher Mn wt.% compared to the top layer. Despite the inaccuracy of EDS

analysis for quantifying O content, the wt.% registered in Table 4.12 is indicative

of the underlying layer likely being an oxide or hydroxide layer. The same could

be said for the C content. Whilst not sufficiently accurate, the consistent presence

of over 17 wt.% C is indicative of either carbonate presence in accordance with

the XRD results, or C from the surrounding bone.

Further analysis of the tested pins could be seen in the SEM micrographs and

corresponding EDS results of cold-mounted vertebrae cross-sections in Figure 4.79

and Table 4.13. None of the pins tested experienced extensive degradation as all

analysed cross-sections retained a circular section of approximately 2-2.05 mm.

The thickness of the corrosion product layer formed along the circumference of the
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(a) (b)

(c)

Figure 4.78: SEM images of representative explanted surfaces of (a) FeMn (b)
FeMn1Ag and (c) FeMn5Ag pins following 6 months of in vivo testing. Numbered
areas correspond to regions used for EDS analysis, the results for which are pre-
sented in Table 4.12.

different pins, although consistently present, varied considerably from one point to

another. However, it was evident that increasing the Ag content resulted in higher

accumulation of degradation products, with certain points along the corrosion

layer over FeMn5Ag reaching a thickness of around 30 µm. EDS results for points

7 to 10 once again suggest that the alloy does not have a particularly strong

influence on the formed corrosion product composition. Each point indicates

considerable wt.% of O, C and Fe with varying traces of Mn, P, Ca, Na and K.

Once again, the crack shown in Figure 4.79c for the FeMn5Ag pin, is likely either

due to dehydration or due to stresses induced by the cold-mounting process.

The two-layer composition of the degradation products displayed in Figure

4.78 was not clearly evident in the cross-sections presented in Figure 4.79. EDS
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Table 4.12: EDS analysis in wt.% of regions corresponding to numbered areas on
explanted pin surfaces shown in Figure 4.78.

(a) (b) (c)

Figure 4.79: SEM images of cross-section of (a) FeMn (b) FeMn1Ag and (c)
FeMn5Ag pins following 6 months of in vivo testing. Numbered spots correspond
to regions used for EDS analysis, with results presented in Table 4.13.

Table 4.13: EDS analysis in wt.% corresponding to regions on the cross-sections
of explanted pins, shown in Figure 4.79.
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(a) (b)

(c)

Figure 4.80: SEM micrographs of FeMn1Ag (a) before testing (b) after testing
and (c) corresponding EDS distribution maps for Fe, Mn, C, O, Ca and P.

mapping of a region along the cross-section of the FeMn1Ag pin was aimed at

clarifying the distribution and organisation of the two layers observed on the

surfaces. The results are presented in Figure 4.80. The micrograph in (a) shows

the microstructure of FeMn1Ag prior to the test with micro-voids resulting from

the sintering process free from any corrosion products. The post-test micrograph

in (b) and corresponding elemental distribution maps show that Ca and P-rich

products were heavily intermixed with the mounting resin in between the pin and

the surrounding host bone, whereas a layer rich in Fe, O and Mn formed a barrier-
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like layer at the pin surface. Further metal oxides and potentially carbonates are

also evidently present in the previously oxide-free pores.

4.2.5.3 Discussion

When analysing existent in vivo studies with Fe-based implants in Section 2.1.4.4,

several groups mentioned the very slow corrosion rates caused by “barrier” layers

which prevent further current flow across the metal interface [96, 114, 132, 180].

EDS analysis presented in this testing phase in Table 4.12 and 4.13 revealed

the consistent high concentration of O wt.% in the corrosion product layer adja-

cent to the metal surface. Although the exact composition of this layer was not

confirmed, it seems that irrespective of the underlying alloy composition, it was

composed of mixed metal hydroxides like goethite (α-FeOOH) and groutite (α-

MnOOH). Both, or a mixture of these hydroxides could have provided a similar

“barrier” effect in this case, causing corrosion products to slowly accumulate on

the surface and within pores but leaving the metal otherwise practically intact.

Apart from this, SEM micrographs of the surface showed the presence of a second

distinct layer which had a flakier morphology. This layer was consistently richer

in elements originating from the surrounding environment, including Ca, P, C,

Na and K. In in vitro testing, precipitated products composed of similar elements

were also shown to increase the corrosion resistance of the materials in physiolog-

ical testing fluids. Although the micrographs indicate that they were cracked and

partially flaked off, the integrity of the layer in vivo could have been considerably

higher, but was compromised during the sample preparation state. Moreover,

XRD results indicated the presence of CaCO3; a compound that is known to

retard the degradation of Fe-based materials when present in hard water [180].

Having said this, the thickness of the accumulated corrosion product along the

circumference of the pins, although not consistent, clearly varied depending on the

alloy composition. Increasing the Ag wt.% resulted in thicker corrosion products,

congruent with the results from the in vivo study by Dargusch et al. [132] wherein

adding 1 wt.% of Ag to powder-processed FeMn led to approximately twice the

corrosion rate. This increased accumulation is likely related to microgalvanic

acceleration, however it is also possible that similar to in vitro observations, the
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initial advantage granted by the presence of the more noble phase, diminishes

relatively quickly. At its thickest along the observed cross-section, the product

layer measured just 30 µm whereas the pin diameter remained very close to its

original 2.05 mm1. Apart from the in vitro experimentation in this work, the work

by Kraus et al. [180] also supports this hypothesis. The authors observed little

change when analysing explanted pins after 4 and 52 weeks following femoral

implantation of Fe, Fe10Mn1Pd and Fe21Mn0.7C1Pd pins in Sprague-Dawley

rats, as shown in the optical micrographs in Figure 4.81 (a-f). Despite employing

a similar microgalvanic acceleration approach to that used in this work, very

1Since one cannot say with certainty that the ground face of the mounted vertebrae is
perfectly perpendicular to the vertical pin axis, one cannot be sure that the measurement
reflects the actual diameter.

(g)

Figure 4.81: Optical images of Fe, Fe10Mn1Pd and Fe21Mn0.7C1Pd after (a-c)
4 weeks and (d-f) 52 weeks of in vivo testing in Sprague-Dawley femurs as well as
(g) weight change of all the pins over the testing period as measured after chemical
corrosion product removal [180].
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limited corrosion was observed, this being attributed to the previously mentioned

barrier effect caused by corrosion products measuring a similar thickness (10-

30 µm). Although cross-sectional analysis by the same group showed a slight

increase in the thickness of the corrosion products, EDS analysis revealed that the

oxide layer remained approximately the same whereas Ca/P-products continued

to accumulate on top. In fact, weight measurements displayed in Figure 4.81g

show that the metal experienced no statistically significant changes to its weight

over the course of the test.

Kraus et al. [180] also highlighted the influence of the implantation site. With

the pins being implanted into bone, the metal was not in constant contact with

the flow of blood and therefore the implantation site received a limited supply

of dissolved O2. Dargusch et al. [132] reported significantly different results

when implanting Fe35Mn and Fe35Mn1Ag subcutaneously in Sprague-Dawley

rats. Although they also observed a significant drop in the corrosion rate between

the 4th and 12th week from implantation, increased O2 availability especially at

the start of the test, led to corrosion rates of 0.22 ± 0.017 mm/year in male

rats. Although this is still considered to be a slow degradation rate for most

applications [10], it is still an improvement on most reported results, including

the observations in this work. However, one has to mention two other factors.

Firstly, Dargusch et al. reported the evolution of H2 at the implantation site,

which is indicative of corrosion taking place at low pH based on the modified

Pourbaix diagram presented by Qi et al. [145] (Figure 2.14). This might have

been triggered by an inflammatory response which would in turn have delayed

the formation of any barrier-like corrosion product layer and in itself accelerated

metallic dissolution. Apart from this, the authors clearly point out the presence

of a significant amount of MnO-inclusions in their powder-processed material, yet

used 6 M HCl with 3.5 g L−1 HMTA to clean the samples from corrosion products

prior to mass loss measurements. Considering that a diluted formulation of the

same etchant was used in this work precisely to eliminate MnO inclusions from the

surface, it is highly probable that the quoted corrosion rates were overestimated

and included mass lost from the removal of said MnO.

Once again considering the EDS analysis presented in this phase seems to in-

dicate that the composition of the corrosion products is not particularly affected
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by the alloy composition. Based on the cross-sectional analysis in Figure 4.79

and Table 4.13 in particular, it seems that hydroxide layers tend to be consid-

erably more rich in Fe. As discussed in Phase Four, ICP-OES analysis of SBF

solutions following static immersion testing of Fe30Mn1C by Gebert et al. [117]

showed that Mn had a tendency to be present primarily in ionic state in physio-

logical solutions whereas dissolved solid products were considerably richer in Fe.

Histological specimens prepared from rat vertebrae in contact with FeMn pins

and from control rats part of this experiment, are presented in Figure 4.82 (a)

and (b) respectively. The analysis of samples1 shows how the tissues surrounding

the implantation site were considerably blackened compared to standard colour-

ing of stained decalcified collagen in (b). This effect is known to take place in

cases when Mn is present in bone as observed by Stathopoulou et al. [259] with

Mn-containing fish bones.

Based on the results obtained in this phase, it does not seem that there was

either extensive bone formation or significant attachment to the surrounding tis-

sue, despite the fact that removal of pins from the vertebrae for XRD analysis was

1Kindly prepared by Prof. Pierre Schembri Wismayer M.D.

(a) (b)

Figure 4.82: Histological analysis showing stained histological specimens pre-
pared from rat vertebrae. (a) shows blackened bone following contact with Mn-
containing alloy and (b) standard colouring of stained decalcified collagen matrix
from control rat which was not implanted with any metal. [Histological preparation
of samples carried out by Prof. Pierre Schembri Wismayer M.D.]
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a particularly tedious task. However, the consistent pick-up of Ca and P over the

sample surface as well as the evidence of CaCO3 presence by XRD, are both pos-

itive indicators of the samples’ compatibility with the surrounding bone tissue.

Proof of formation of CaCO3 in in vitro experiments has never been presented,

to the author’s knowledge. However, its formation could be a sign that using

electrolytes with a higher concentration of carbonates is more representative of

the physiological fluid for these applications. The solutions used by Mouzou et

al. [162] and Gambaro et al. [118] for instance, provide an example of using

such electrolytes. Gambaro et al. [118] observed mostly MnCO3 precipitation

on their FeMnC alloys following static immersion, however also remarked on the

possibility of Mn ions being substituted by other divalent cations like Ca2+ in the

observed precipitate.

Considering the persistent limited degradation exhibited by Fe-based alloys in

vivo, especially when implanted in bone, it seems that the way forward with such

materials is to focus efforts on improving mechanical performance such that the

surface-to-volume ratio of the implants could be increased significantly. In fact,

the only appreciable degradation measured for Mn-containing Fe-based materials

was by Nie et al. [191], wherein µ-CT volume changes following 48 weeks from

implantation of high surface area scaffolds in rabbits’ femurs, measured up to a

20.9% decrease1. The same study showed that the implants successfully resulted

in considerable bone formation within the porous network. This notwithstanding,

when testing a similar foam-like structure prepared from Fe-1.6P implanted in

Merino sheep, the conclusions reached by Wegener et al. [223] still reflected the

candidate’s suggestion that reducing the starting amount of metal is crucial to

achieving sufficient degradation when using Fe-based biodegradable implants.

1Needless to say, the possibility of implanting scaffold structures requires the availability
and funding to carry out in vivo testing with larger animal models in which more complex
structures could be implanted, which is likely why most studies including the present work
have opted to implant pins and wires in mice and rats for the initial studies.
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4.2.5.3.1 Conclusions

The conclusions from this section are summarised hereunder

i. FeMn, FeMn1Ag and FeMn5Ag experienced limited degradation over a pe-

riod of 6 months implanted in the vertebrae of GAERS rats with pins retain-

ing their original diameter and only accumulating up to 30 µm of corrosion

product thickness at the surface;

ii. General corrosion product composition is not affected by the concentration

of Mn and Ag, however slight variations in the thickness of the accumu-

lated degradation products could be linked to initially microgalvanically-

accelerated corrosion due to the inclusion of the more noble Ag;

iii. Detected corrosion products include CaCO3, with Ca/P-rich products being

present over Fe, and O-rich products, likely metal hydroxides;

iv. Mn release manifested primarily in absorption by the surrounding tissue as

evidenced by histological analysis, whereas adherent corrosion products were

richer in Fe;

v. There was no evidence of extensive bone formation, however the presence

of Ca/P-rich products as well as CaCO3 surrounding the implant is promis-

ing with regards to the metals’ compatibility with orthopaedic implantation

environments.
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4.3 Powder-processing of FeMn for scaffold ap-

plications

In this second part of this work, results and corresponding analyses are presented

related to some notable issues concerning the use of FeMn-based powder systems,

especially considering the high Mn content that is generally deemed necessary for

biodegradable metal applications. Issues related to oxidation and reduction of

Mn-rich oxides and the influence of powder-preparation on the same phenomena

as well as Mn sublimation, will be presented in the first parts of this section. This

investigation was carried out by considering test outcomes when using blended

Fe35Mn powder (B35), milled Fe35Mn powder (M35), alloyed Fe35Mn powder

(A35) as well as a mixture containing an Fe35Mn4C master-alloy (MA), kindly

provided by TU Wien.

The same powders were then used to investigate the potential of a modified

replication method described in Section 3.3.3.1, proposed in previous work carried

out within the same department [246].

4.3.1 Investigating FeMn powders

This part of the investigation was aimed at highlighting pre-processing influences

on the characteristics of FeMn powders that might also have a notable effect on

the applicability of the same powders for pressureless sintering in the modified

replication method.

4.3.1.1 XRD analysis

XRD analysis of B35, M35 and A35 processed Fe35Mn powders are presented in

Figure 4.83. As expected, blended powders exhibited two distinct phases, α-Fe

and α-Mn. Following 2 h of milling, the α-Fe and α-Mn phases remained distinct

in M35 powders. However, peaks experienced significant broadening associated

with the reduced crystallite size and the residual strain within the powders as a

result of the high energy milling process [260]. The same broadening was even

more evident for the peaks displayed in the A35 diffraction pattern. Following

12 h of ball milling, the powders experienced even further crystalline refinement,
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Figure 4.83: XRD patterns for processed B35, M35 and A35 powders.

more residual strain and a higher defect density. However, the aim of fully alloying

the Fe and Mn powders was achieved for the A35 powders as the only phase

detected was the austenitic γ-FeMn.

4.3.1.2 SEM-EDS analysis

The phases detected using XRD were clearly observed in EDS maps of powder

cross-sections for B35, M35 and A35 powders, presented in Figure 4.84. The figure

also includes a cross-section of the master alloy (MA) powder. The elemental

distribution map for M35 clearly shows an intimate mixture of α-Fe and α-Mn

within the same particle indicating that diffusion distances were indeed reduced

to an order of µm in most cases, as with the diffusion-bonded powders described

in Section 2.2.2.1.3. As for A35 and MA powders, Mn was fully dissolved in the

α-Fe matrix resulting in full overlap of the two elemental maps.

4.3.1.3 Carbon quantification

The wt.% of C measured for as-supplied Fe, Mn and MA powders as well as

as-processed M35 and A35 powders is shown in Figure 4.85. The same chart

shows the calculated wt.% C for B35 and MAM powders (blended MA and A35
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(a) (b)

(c) (d)

(e) (f)

(g) (h)

Figure 4.84: SEM images of powder cross-sections (a, c, e, g) and corresponding
EDS distribution maps of Fe and Mn (b, d, f, h) for B35, M35, A35 and MA
powders respectively.
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Figure 4.85: Carbon content in as-supplied Fe, Mn and MA powders, as-processed
M35 and A35 powders and as-blended B35 and MAM powders. Error bar for
measured quantities represents standard error (n = 4). *Refer to calculated values
based on the measured carbon contents of constituents.

in 1:3 ratio) based on the C content of the mixtures’ constituents, taking into

consideration the used ratios.

The C content for as-supplied Fe and Mn was clearly very low at 0.006 ±

0.001 and 0.010 ± 0.001 wt.% for Fe and Mn respectively. It follows that the B35

powder mixture also has a minute amount of C at 0.008 wt.%. The MA on the

other hand had 3.863 ± 0.012 wt.% C, a few points lower than the specified 4

wt.% by the supplier.

Ball-milled powders had significantly more C content than expected. The

1 mL of toluene added as a process control agent prior to the milling process

clearly affected this measure for milled and alloyed powders with longer milling

time resulting in higher C dissolution into the FeMn as A35 powders contained

1.467 ± 0.003 wt.% C whereas M35 powder contained 0.720 ± 0.003 wt.% C.

Analysis carried out on milled powders with 15 wt.% and 25 wt.% C had very

similar C content at 0.695 ± 0.006 and 0.712 ± 0.040 wt.% C respectively. This

indicates that while the Mn content in the mixtures could have a minor influence

on the uptake of C during ball milling, the influence is not as drastic as observed
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with milling time. More work related to milled powders with varying Mn content

was left out of this thesis to respect the page limit.

4.3.1.4 Thermal analysis

TG-DTA curves for tests carried out with B35, M35, A35 and MAM powders are

presented in Figure 4.86a. TG curves clearly reveal that B35 powders exhibited a

single drop in mass of 1.14% whereas M35, A35 and MAM powders each exhibited

a two-step mass loss leading to total reduction of 2.54%, 2.51% and 2.30% for

M35, A35 and MAM respectively.

The DTA curve in the same figure shows the endothermic peaks in the heating

part of the graph corresponding to the melting points of the studied powders at

1405°C for B35, 1393°C for M35, 1354°C for A35 and finally 1314°C for the MAM

powder mixture.

Figure 4.86b includes DTG curves as well as ion current intensities corre-

sponding to CO (m18) detection. The DTG curves, as the first derivative of the

TG curve in (a), highlight the inflection point of the mass loss region and ther-

fore, coupled with the CO intensity peaks could give useful information about

the nature of the reactions affecting measured mass loss. In general, DTG peaks

up to the melting point for each powder, were clearly reflected in the CO peaks

(a) (b)

Figure 4.86: Thermal analysis plots for B35, M35, A35 and MAM powders. (a)
shows TG (solid) and DTA (dashed) curves whereas (b) shows DTG (solid) and
CO (m18) ion current signal from MS analysis. All tests were carried out in Ar.
Each curve is presented as a function of temperature.
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indicating that the mass lost was clearly due to carbothermal reduction, with the

reaction taking place at increasingly higher temperatures for powders with less

C content. B35 powders evidently did not exhibit any reduction at this stage.

All powders exhibited another DTG peak at 1500°C which could be due to evap-

oration from the highly energised melt. However, in the case of M35 powders,

this peak was also accompanied by a low intensity CO peak suggesting further

reduction at this stage.

It is important to note that other gases were detected in very small amounts in

all of the thermal analysis results presented in this thesis, however were omitted

for clearer data representation. H2O and H2 were always detected in the initial

minutes of the test as any adsorbed moisture at the surface evaporated, whereas

low amounts of CO2 generally accompanied CO peaks at temperatures below the

Boudouard equilibrium.

4.3.1.5 Discussion

As discussed in detail when conducting a literature review relating to the use of

Fe and Mn in powder metallurgy, the alloy variant, or the type of pre-processing

carried out during preparation of the FeMn powder, has a strong influence on

its behaviour during subsequent sintering. Whereas many studies have been

conducted to investigate the relation between different types of Mn-containing

powders and their high-temperature characteristics, these studies were limited to

relatively low concentrations of Mn, as is of interest in other fields away from

biodegradable metals applications [221]. Having said this, Sotoudehbagha et al.

[111] and Xu et al. [124] both used ball-milling in order to reduce the reactivity

of Mn elemental powder for these applications. Xu et al. [124] in fact proved that

high-energy ball milling of Fe28Mn3Si powders significantly reduces the amount

of sublimated material compared to a blended elemental mixture with the same

constituents.

In this part of the investigation, SEM-EDS and XRD were used to correlate the

microstructure and composition of powders pre-processed using varying routes,

to their respective high-temperature behaviour. The elemental distribution maps

in Figure 4.84 illustrate the varying presence of 35 wt.% Mn within the different
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powders. This distribution could be used to draw assumptions on the respective

chemical reactivity of the same powders, based on observations from literature

discussed in Section 2.2.2.1.3. In B35, the presence of elemental Mn as distinct

separate powder particles make the same particles more susceptible to oxidation

whereas when fully dissolved to form austenite, as confirmed via XRD for A35

and MAM, the chemical reactivity was expected to be significantly lower. For

M35, the behaviour was expected to place somewhere in between these two ends

of the spectrum. Apart from differing reactivity, the plot in Figure 4.85 also

showed that the same powders contained a wide range of wt.% C. For B35, which

had negligible levels of C at 0.008 wt.%, the potential for carbothermal reduction

was essentially insignificant. Conversely, the MAM powder had a much higher

chance at self-cleaning at high temperatures, with 2.066 wt.% C.

In fact, thermal analysis presented in Figure 4.86 showed various levels of

mass loss associated with oxide reduction for the different powder samples. De-

spite containing almost no C, B35 powders still exhibited 1.14% of mass loss

after the temperature had exceeded the powder’s melting point. Since this loss

was not accompanied by detection of CO peaks in Figure 4.86, the mass lost is

likely due to evaporation from the melt. When comparing the TG curves for

the other three samples, despite having the highest C content at an average of

2.066 and 1.467 wt.% respectively, MAM and A35 powders exhibited the lowest

mass loss. In this case, rather than an inferior capacity to reduce more oxide, the

lower mass loss is more likely a reflection on the powders’ lower reactivity which

prevented extensive oxidation at lower temperatures. Apart from this, looking at

the DTG curves and corresponding CO detection peaks, reduction was initiated

at the same lower temperature for MAM and A35, indicating that reduction of

similar oxides was taking place. On the other hand, reduction of surface oxides

for M35 started at a later stage. As discussed in relation to Figure 2.24, this

is a result of the varying distribution of Mn in the powders. The presence of

elemental Mn distributed in M35 allowed for formation of more stable Mn-rich

oxides during the heating ramp which consequently required higher temperatures

to reduce. Apart from this, lower availability of C at the surface of M35 also

presents kinetic limitations to reduction wherein the C first needed to diffuse to

the surface along with any remaining internal oxides, for reduction to take place.
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Another interesting observation related to the thermal analysis was that similar

to what is generally observed for FeMnC powder mixtures in Ar (as exempli-

fied in Figure 2.21a), there was no evidence of surface Fe-oxide reduction and

corresponding mass loss at relatively low temperatures. This confirms that the

oxides being reduced were likely (Fe,Mn)-oxides, considerably less stable than the

notorious MnO, which is reduced at temperatures close to 1400°C [209].

The same kinetic limitations mentioned in relation to reduction for M35 pow-

ders, also resulted in the same powders giving rise to two CO peaks in Figure

4.86b. Since oxide reduction was not completed when the powders were in the

solid state, reduction continued taking place from the melt. Contrarily MAM

powders exhibited two separate peaks at lower temperatures with the peak at

1140°C resulting from the reduction of surface oxides and that at 1221°C result-

ing from the reduction of internal oxides, as described by de Oro Calderon et al.

[213]. The peaks are therefore separated from each other by the amount of time

and corresponding energy that it took for all the oxides within the powder parti-

cles to diffuse to the surface. A35 exhibited a wider peak at similar temperatures

likely encompassing both the reduction of similar surface oxides to those present

on MAM powders at the shoulder present at 1160°C, and reduction of internal

oxides at the 1251°C peak. For these two powders, all these reactions took place

below the melting points indicated in the DTA curves in Figure 4.86a.

In relation to this point, melting points also varied considerably for the studied

powders, as expected due to the widely varying C content in the pre-processed

particles. Since the metals’ melting temperature relative to the chosen sinter-

ing temperature, could have considerable impact on the sintering behaviour of

the same material, the influence of the powder composition on shifting melting

temperatures is well worth discussing. To this end, Thermo-Calc (Thermo-Calc,

Sweden) was used to generate a (65-x )Fe35MnxC phase diagram for varying C

wt.% (x ) to determine whether the predicted melting point based on the powders’

initial composition, matches that indicated by the exothermic peaks presented in

DTA curves in Figure 4.86a. The predicted melting points based on the phase di-

agram in Figure 4.87 for B35, M35, A35 and MAM, were 1382°C, 1349°C, 1307°C

and 1271°C respectively. All temperatures were several tens of °C lower than the

measured melting point.
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Figure 4.87: Thermo-Calc phase diagram for 35 wt.% Mn and (65-x ) wt.% Fe
where x is the mass % C. Unlabelled regions indicate regions for which there was
insufficient information for Thermo-Calc to assign phases.

The C content was therefore re-evaluated by taking the assumption that the

mass lost up till the melting point of the material during thermal testing, was

due to reduction according to equation 2.26 for direct carbothermal reduction.

This was done according to equation 4.13.

Tested mass−Mass at m.p.

Molar mass of CO
×Molar mass of C = wt.% C lost (4.13)

While B35 was naturally left out of this evaluation, this calculation indicated that

at the melting point, the wt.% C for M35, A35 and MAM was actually closer

to 0.19%, 0.77% and 1.46% respectively, bringing the melting point predicted by

the same phase diagram, much closer to the measured melting temperature. This

data is summarised in Figure 4.88.

The same diagram also includes the temperatures at which the principal re-

duction peaks were observed for all the powders. This summary of results high-

lights the issue that remains even when considering the better performing pow-
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Figure 4.88: Melting points for B35, M35, A35 and MAM powders based on
DTA results, Thermo-Calc phase diagram based on original wt.% C in processed
powders and melting point derived from Thermo-Calc phase diagram according to
recalculated wt.% C following mass loss during DTA.

ders like A35 and MAM, wherein the reduction temperature is still considerably

higher then what is known to be the most common sintering temperature for

Mn-containing steels, at around 1120°C.

4.3.2 Investigating pressed and sintered FeMn powders

The implications of the properties and characteristics of the powders established

in Section 4.3.1, could be investigated through the study of microstructures for

pressed and sintered coupons prepared using the same powder samples. In partic-

ular, the influence of the powders’ respective oxide reduction capacity as well as

the influence of the considerably high C content on the sintered microstructures,

will be the focus on this part of the current study.

Although thermal analysis in Section 4.3.1 was limited to tests carried out in

Ar atmosphere due to logistical limitations, the sintered coupons were processed

in a N2-10H2 mixture, creating an environment closer to that used for sintering

of Fe35Mn foams in the final part of this work (Section 4.3.3). Sintering was

done at 1120°C, which is the most commonly used sintering temperature for

Mn-containing steels [205], and at 1250°C. The latter was chosen based on the

TG-MS analysis presented in Section 4.3.1 which showed that by the point that
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this temperature is reached, all three C-containing powders had undergone some

degree of carbothermal reduction.

Studying pressed-and-sintered microstructures processed under the described

conditions could provide useful insight when analysing the results of the conse-

quent and final investigation including sintering of the same materials in signifi-

cantly more complex environments.

4.3.2.1 XRD analysis

Diffraction patterns corresponding to XRD scans carried out on ground surfaces

of B35, M35, A35 and MAM samples pressed and sintered at (a) 1120°C and

(b) 1250°C, are presented in Figure 4.89. The peaks corresponding to γ-FeMn at

43.1° and 50.1° were common in all the diffraction patterns and not central to this

analysis. Therefore the intensity axis for each result was scaled up to enhance

the peaks of secondary phases of interest.

Both patterns for the B35 samples exhibited well-defined peaks corresponding

to MnO, or the more likely mixed-metal oxide (Fe,Mn)O. The same peaks were

also evident in pattern corresponding to the M35 sample processed at 1120°C, but

were not detected for the same material sintered at 1250°C. A similar trend could

be observed for the A35 samples although the intensity of the (Fe,Mn)O peaks

detected for the sample processed at the lower temperature were more broad and

less intense compared to those present for the M35 sample. Diffraction patterns

for both MAM samples did not show signs of the same oxide but contained well-

defined peaks corresponding to the mixed metal carbide (Fe,Mn)3C. The same

carbide was also present in the diffraction pattern for the M35 sample processed

at 1120°C in Figure 4.89a, albeit significantly less intense.

4.3.2.2 Optical Microscopy

Optical micrographs of polished and etched B35, M35, A35 and MAM samples

sintered at 1120°C and 1250°C, are presented in Figure 4.90 (a, c, e, g) and (b,

d, f, h) respectively.

Micrographs for pressed and sintered B35 samples in Figure 4.90 (a) and (b)

both show microstructures containing a high percentage of porosity and oxide
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(a)

(b)

Figure 4.89: XRD analysis of ground cross-sections of B35, M35, A35 and MAM
powders pressed and sintered at (a) 1120°C and (b) 1250°C in N2-10H2 atmosphere.
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(a) (b)

(c) (d)

(e) (f)

(g) (h)

Figure 4.90: Optical microscopy images for B35, M35, A35 and MAM samples
pressed and sintered at (a, c, e, g) 1120°C and (b, d, f, h) 1250°C in N2-10H2

atmosphere.
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inclusions. The latter could be identified as the dark gray regions appearing in

focus. In the presence of just 0.008% C, one could observe barely any difference

between the two micrographs for samples processed at different temperatures.

The same could not be said for the M35 samples in Figure 4.90 (c) and (d).

For the sample processed at 1120°C the microstructure consisted of a significant

amount of porosity, smaller in size compared to the porosity observed in B35

microstructures. Apart from this, small dark spots littered the main metal matrix.

Increasing the sintering temperature to 1250°C reduced the percentage porosity

considerably, with remaining pores being much more rounded than in Figure

4.90c. Moreover, the dark grey inclusions, likely corresponding to the (Fe,Mn)O

oxide detected using XRD, seemed to be less densely populating the matrix.

A similar trend could be observed for A35 microstructures in Figure 4.90 (e)

and (f) when it comes to porosity, although once again, the amount of porosity in

A35 samples was lower when compared to M35 samples. As opposed to B35 and

M35 samples, both (e) and (f) displayed an additional phase that seemed to be

situated at grain boundaries. The density of the same phase seemed to decrease

with increase in sintering temperature. Following the XRD results corresponding

to this work, this phase was suspected to be (Fe,Mn)3C.

In the MAM microstructures presented in Figure 4.90 (g) and (h), the same

M3C phase was once again present. For the sample sintered at 1250°C, this phase

was very evidently present in a lamellar form. Dark oxide inclusions seemed to

be fewer and more sparsely distributed in the microstructure, especially for the

MAM sample processed at 1250°C.

4.3.2.3 SEM-EDS analysis

A more detailed investigation of the same microstructures was carried out using

SEM, assisted with EDS analysis. SEM micrographs of polished M35, A35 and

MAM samples sintered at at 1120°C and 1250°C, are presented in Figure 4.91 (a,

c, e) and (b, d, f) respectively. EDS analysis corresponding to numbered regions

of interest in the same figures, is presented in Table 4.14. This particular analy-

sis excluded B35 since optical micrographs as well as XRD analysis both clearly
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(a) (b)

(c) (d)

(e) (f)

Figure 4.91: SEM micrographs for M35, A35 and MAM samples pressed and
sintered at (a, c, e) 1120°C and (b, d, f) 1250°C in N2-10H2 atmosphere. Numbered
regions correspond to EDS analyses presented in Table 4.14.
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Table 4.14: EDS analysis in wt.% corresponding to numbered regions-of-interest
marked in Figure 4.91.

pointed towards the presence of an austenitic FeMn matrix with (Fe,Mn)O inclu-

sions whereas M35, A35 and MAM powders appeared to produce more complex

microstructures and corresponding results.

Large-scale microstructures of M35 samples in Figure 4.91 (a) and (b) confirm

the presence of a γ-FeMn matrix (pts. 1 and 4) with various mixed metal oxides

(pts. 2, 3 and 6) and oxides highly-rich in Mn (pt. 5). While these were concen-
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trated within pores, they were also scattered within the matrix with the preferred

location for visibly bright oxides being at the faintly outlined grain boundaries.

Oxides were similarly present within pore surfaces (pts. 8 and 9) as well as at

grain boundaries (pts. 12 and 13) in A35 microstructures in Figure 4.91 (c) and

(d). However, the frequency of such inclusions was visibly reduced compared to

M35 microstructures. Moreover, a brightly coloured C-rich phase (pt. 10) was

also present at grain boundaries. For the sample processed at 1250°C, a similar

phase formed as a very thin structure at grain boundaries, which proved difficult

to examine by EDS.

Finally, in MAMmicrostructures, mixed metal (pt. 16) and Mn-rich oxide (pt.

19) inclusions were still present, however these were more sparsely distributed.

Apart from this, metal oxides seemed to be absent from several pore surfaces, as

in pt. 15, for which the EDS analysis seems to suggest the presence of γ-FeMn.

As for A35, MAM microstructures also contained significant amounts of a C-rich

phase (pts. 17 and 20). As already evident in optical microscopy, this phase

seemed to precipitate in lamellar form, more evidently so at 1250°C.

4.3.2.4 Discussion

The results presented in this section show the considerable influence of wt.% C

incorporated during powder pre-processing onto the sintered microstructures.

Both XRD results in Figure 4.89 and optical micrographs in Figure 4.90 (a)

and (b) highlighted the similarity between the microstructures of the two B35

samples, irrespective of the sintering temperature. Based on research by de Oro

Calderon et al. [210], natural Fe-oxides present at the surface of the elemental Fe

powders were likely reduced by the 10% H2 present in the processing atmosphere

at around 435°C1, however, due to the high chemical reactivity of elemental Mn,

the oxygen would have been either transferred to Mn, or the Fe-oxide itself trans-

formed into a more stable mixed metal oxide [209]. The formation of such a phase

at particle surfaces in the early stages of the sintering process results in limited

self-diffusion and densification. Naturally, the lack of C available to reduce these

1This temperature is based on reduction of typical Fe oxides in H2 atmosphere in powder
form, not in a green compact [210].
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(a) (b)

Figure 4.92: TG and degassing curves for Fe4Mn0.5C tested in (a) Ar and (b)
H2 [210].

oxides prevents any notable improvement between the microstructures in Figure

4.90 (a) and (b), with irregularly shaped porosity still present at 1250°C.

The increase in sintering temperature had a much more significant effect on

the microstructures formed when using M35, A35 and MAM powders. In general

both XRD as well as light and electron microscopy showed a visible decline in

metal oxides present with increase in sintering temperature. Although it was

not possible to carry out oxygen quantification when visiting TU Wien, the ob-

served reduction of oxides is congruent to the results discussed in Section 4.3.1.

As opposed to the testing carried out on the powders in that same section, i.e.

without uniaxial pressing, the diffusion distances for oxides to be carbothermally

reduced at the coupon-atmosphere interface, was generally two orders of magni-

tude higher and therefore it was expected to see a significant amount of trapped

internal oxides when analysing sintered coupons. One must also keep in mind

that the powder thermal analysis in Section 4.3.1 was carried out under Ar, as

opposed to the sintering in this analysis. As shown in Figure 4.92 and in multiple

examples in Chapter 2, when carried in different atmospheres, the reduction of

surface oxides can take place at different temperatures and have varying effec-

tiveness. Notwithstanding this, the positive influence of carbothermal reduction

was evident for all three materials as, in contrast to what was observed with B35

samples, M35, A35 and MAM coupons all experienced a shift from a significant

amount of irregular pores to a much reduced quantity of rounded porosity.
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(a) (b)

Figure 4.93: Optical microscopy of Hadfield steel (Fe12Mn1C1Si) sintered at (a)
1150°C and (b) 1250°C [261].

Despite the fact that the XRD pattern for M35 sintered at 1250°C included

two peaks which corresponded to the pattern for (Fe,Mn)3C, no clear carbide

phase was identified. Any precipitated carbides were therefore present as isolated

precipitates. On the other hand in A35 as well as in the MAM samples sintered

at 1120°C, where significant amount of C is likely to have been retained by the

material even after carbothermal reduction, carbides were seen surrounding most

grain boundaries. This is a common occurrence with Hadfield steels, as described

by Schroeder et al. [261]. In fact, Figure 4.93 shows two micrographs for Hadfield

steel (Fe12Mn1C1Si) sintered at (a) 1150°C and (b) 1250°C respectively. In both

cases, carbides were shown to precipitate in a similar way in this work. Although

carbothermal reduction was not addressed in this particular study by Schroeder

et al. [261], one could see that the amount of carbides decreased with increase in

sintering temperature as the oxides present in the metal became less stable and

were carbothermally reduced. This was very evident for the A35 micrographs in

Figure 4.91 (c) and (d) in this study. It is unclear why despite the fact that there

was a significant fraction of (Fe,Mn)3C present for the sample sintered at 1120°C,

no corresponding peaks were observed using XRD.

The occurrence of widespread pearlite presence in MAM microstructures was

not particularly expected. Despite not being very evident for the sample sin-

tered at 1120°C in Figure 4.91e, lower magnification SEM imaging showed similar
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Figure 4.94: Lower magnification SEM micrograph of MAM sample sintered at
1120°C showing similar formation of lamellar M3C as observed following sintering
of the same material at 1250°C.

lamellar formation of M3C, as shown in Figure 4.94. The absence of α-Fe peaks

in XRD diffraction patterns generated for the MAM samples in Figure 4.89, is

likely due to overlap of the main ferrite peak at around 44.5° with peaks for both

γ-FeMn and M3C.

Although the formation of pearlite in FeMnC systems is not unprecedented,

studies mentioning pearlite formation were previously concerned with steels con-

taining significantly less Mn and C wt.% [205]. To this end, Thermo-Calc software

was once again utilised to generate a (65-x )Fe35MnxC phase diagram for varying

wt.% C. The resulting phase diagram is shown in Figure 4.95. The phase diagram

illustrates the possibility of having equilibrium formation of γ-FeMn and pearlite

(α-Fe and M3C) when the composition of the alloy is Fe35Mn(2.26 - 6.72)C. Al-

though, the wt.% C content in MAM is lower, at around 2.066%, it is good to

note, that for slightly lower concentrations of Mn, the stability of the γ-FeMn

and pearlite regions shifts to lower wt.% C content.

The presence of networked M3C as depicted in A35 and MAMmicrostructures,

is not particularly desired in most load-bearing applications due to the resultant

brittle nature of the material. As Schroeder et al. [261] displayed with their

Hadfield steel, the use of such materials for most applications becomes more

feasible when quenching the material to prevent carbide precipitation that takes

place on equilibrium cooling. At the time of testing, there was not the possibility

to quench the coupons from the sintering temperature and therefore the effect of
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Figure 4.95: Thermo-Calc phase diagram for Fe35MnxC for varying wt.% C x
showing a region of stabilised γ-FeMn and pearlite (α-Fe and M3C).

this approach on the materials presented in this section, remains a question for

future work.

4.3.3 Influence of powder preparation for FeMn on the

modified replication method

The final part of the study on pre-processed Fe35Mn powder, in particular in the

form of M35 and A35 powders, relates to these powders’ applicability in what

has been referred to in this work as the modified replication method. Using the

well-known polyurethane replication method as inspiration, previous work within

the department has demonstrated the ability to replace reticulated polyurethane

foam with customisable 3D-printed templates and replicate the same template

form with pure Fe powder [246].

In the following section, the applicability of M35 and A35 powders1 in relation

1At the time of testing MA powder was not available to prepare MAM powder mixture and
therefore this study was not extended to the applicability of the latter.
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to this method, will be studied using XRD, SEM-EDS analysis, C quantification

as well as thermal analysis.

4.3.3.1 Initial observations

Macro-scale images of the resultant structures of the modified replication method,

are shown in Figure 4.96. Figures (a) and (c) show representative structures sin-

tered using the exposed sintering configuration described in Section 3.3.3.1, with

M35 and A35 powders respectively. Figures (b) and (d) show the corresponding

(a) (b)

(c) (d)

Figure 4.96: Macroscopic images of representative structures sintered at 1120°C
under N2-5H2 flow using (a-b) M35 powder and (c-d) A35 powder. Samples (a) and
(c) were exposed to the sintering atmosphere whereas (b) and (d) were shielded.
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structures sintered in shielded configuration. The scale bars accompanying each

image offers an approximate indication of the structure size following sintering.

Upon initial observations, exposed structures seemed to have repeatedly re-

tained the template’s form better when compared to shielded structures, some of

which completely collapsed, as shown in Figure 4.96b. Closer inspection of the

structures revealed instances of unequal shrinkage, with regions closer to the alu-

mina base plate shrinking more than the rest of the structure, cracking, material

loss and localised collapse in certain cases.

One must note that exposed structures displayed some mild attraction when

approached with a regular magnet, whereas shielded structures displayed almost

no attraction to the same magnet.

4.3.3.2 Carbon quantification

Figure 4.97 shows the C content of delubricated foams prepared using M35 and

A35 powders. C content for both foams delubricated in exposed and shielded

configurations are presented in the graphs and represent the amount of C taken

Figure 4.97: Carbon content in crushed foams processed using M35 and A35
powder and delubricated in exposed and shielded configurations. Error bar for
measured quantities represents standard error (n = 3).
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up by the structures during the first stage of the heating ramp ahead of sintering

at higher temperatures.

Compared to the C content measured in as-processed M35 powders in Figure

4.85, foams gained 3.78 and 4.74 wt.% C during delubrication in exposed and

shielded configurations respectively. Similarly A35 gained 4.80 and 4.89 wt.% C

respectively. The bars seem to indicate that for structures prepared using A35

powder, the delubrication configuration had less of an impact on the measured C

content. This might indicate that A35 powders might more readily and efficiently

dissolve C from the surrounding atmosphere compared to M35 powders.

4.3.3.3 XRD

XRD patterns for as-ground foam cross-sections prepared using both M35 and

A35 powders and sintered in either exposed or shielded configurations, are pre-

sented in Figure 4.98 (a) and (b) respectively.

All patterns indicate a mix of three principal phases: γ-FeMn, MnO (or mixed

metal oxide) and (Fe,Mn)3C. Oxide peaks were present in similar intensities rel-

ative to the principal γ-FeMn peak for each pattern and therefore further infor-

mation related to the presence and distribution of this phase could be gained

through microscopy. On the other hand, in both (a) and (b), (Fe,Mn)3C peaks

in foams processed using A35 powders were more intense relative to the same

peaks for foams processed using M35. Moreover, foams sintered using shielded

configuration also seemed to contain more (Fe, Mn)3C compared to their exposed

counterparts.

4.3.3.4 SEM-EDS analysis

4.3.3.4.1 Surface imaging

Representative SEM images of the sample surfaces following sintering are pre-

sented in Figure 4.99. Figures (a) and (b) show the surface of samples sintered in

the exposed configuration with M35 and A35 powders respectively, whereas (c)

and (d) show the same materials sintered in the shielded configuration. Insets

in (a) and (b) show higher magnifications of the same surface with numbered

regions corresponding to EDS analyses presented in Table 4.15.
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(a)

(b)

Figure 4.98: XRD patterns corresponding to ground cross-sections of foams pre-
pared using M35 and A35 powders and sintered while (a) exposed to N2-5H2 flow
or (b) shielded configuration.
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(a) (b)

(c) (d)

Figure 4.99: SEM micrographs of foam surfaces for foams processed (a) using
M35 powder in exposed configuration (b) A35 powder in exposed configuration (c)
M35 powder in shielded configuration and (d) A35 powder in shielded configuration.
Numbered regions correspond to EDS analysis presented in Table 4.15.

Surfaces of structures exposed to gas flow during the sintering process, were

covered with a bright interconnected phase irrespective of whether M35 or A35

powder was used in the replication process, as shown in Figure 4.99 (a) and (b).

EDS analyses corresponding to the brighter phase i.e. pts. 2 and 4, showed that

this phase was considerably enriched in O apart from variable amounts of Fe and

Mn when compared to pts. 1 and 3 which mainly consisted of Fe and Mn in

approximately the added ratios i.e. 65:35.

Samples which were shielded from direct contact with sintering atmosphere

had a more distinct microstructure which was also not particularly affected by

the powder used. Surfaces appeared more uniform with a layered structure and

dispersed isolated inclusions. EDS analysis revealed that the principal phase i.e.
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Table 4.15: EDS analysis in wt.% corresponding to Figure 4.99.

pts. 5 and 7, consisted primarily of Fe, Mn and C whereas inclusions were rich

in O and a variety of other metals including Si, Ca, Mg, Al and Ti. All these

metals were detected in cross-sections of the raw Fe powder (refer to Table 4.1),

suggesting that the metal oxide inclusions originated from the raw material itself.

4.3.3.4.2 Cross-sectional imaging

Whereas the surface of sintered foams could be easily represented using a single

micrograph, the composition of the sample bulk as represented via cross-sectional

micrographs, could be better characterised by looking at multiple microstructures

across the porous structure, as schematically illustrated in Figure 3.9. Figures

4.100 to 4.103 show said microstructures for foams processed using M35 and

A35 powder in the exposed configuration and those processed using the same

materials in the shielded configuration. Microstructures on the left of the figure

are representative of the far left and right edges of the sintered structure whereas

those on the far right represent the central regions of the foams.

In general, microstructures consisted of a dark phase often present in isolated

rounded morphology, austenite with varying Fe:Mn ratios, and a C-rich phase that

seemed distinctly “embossed” relative to the metallic phase following etching with

2% Nital. In structures sintered while exposed to the flow of gas, presented in
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Figure 4.100 and 4.101, the morphology of the C-rich phase appeared to vary from

the edge of the structure towards the centre, becoming more block-like towards

the centre. On the other hand, the same phase in shielded foams’ microstructures

exhibited more homogeneity across the cross-section, as shown in Figures 4.102

and 4.103, with the phase being consistently block-like.

Oxide inclusions in foams processed using A35 foams appeared to be rounder

compared to their M35 counterparts. Moreover the quantity of oxide formed in

exposed foams appeared to increase closer to the edge of the structures1.

Compositional homogeneity in structures sintered in shielded microstructures

relative to those sintered in exposed configuration can also be observed when

considering the EDS analysis presented in Figure 4.104. All plots compare the

Mn wt.% measured repeatedly at points along the sample cross-section of samples

prepared using M35 and A35 powders. Figures (a) and (b) show the results when

taking measurements from the left edge to the right edge of the microstructure

for samples sintered in exposed and shielded configurations respectively. Similarly

(c) and (d) show the results for measurements taken from the top towards the

bottom of the sample cross-sections, as schematically represented in Figure 3.9.

Results clearly showed that shielded foams developed more even austenitic

matrix composition irrespective of whether M35 or A35 powders were used, with

Mn wt.% varying between 24.7 and 28.2%. Measurements for foams prepared us-

ing A35 in the shielded configuration averaged lower than their M35 equivalents,

possibly pointing towards higher Mn loss to carbide or oxide formation, or subli-

mation. For samples sintered using the exposed configuration, Mn wt.% clearly

varied considerably more despite retaining relatively more Mn in the structures

compared to shielded structures. Error bars for repeated measurements were

noticeably larger and the composition at one edge of the structure could differ

greatly from the composition at the opposite edge. For instance, for exposed A35

foams the average Mn wt.% varied between 28.1% to 31.3% in the same structure.

The composition from the top to the bottom of the cross-section i.e. the face of

the foam in contact with the base alumina plate illustrated in Figure 3.9, varied

more erratically and followed different trends when using M35 and A35.

1The exact amount of oxygen in the samples could not be quantified using oxygen analysers
since the equipment was down for maintenance during the available testing period.
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(a) (b)

(c) (d)

Figure 4.104: EDS analysis for foams processed using M35 and A35 powders
in either exposed or shielded configurations. (a-b) show EDS analysis across the
cross-section from the left to the right struts whereas (c-d) show EDS analysis
across the cross-section from top to the bottom struts, as schematically illustrated
in Figure 3.9. Dashed lines mark the wt.% Mn in the raw material at 35%. Error
bars indicate the standard error for each set of measurements (n = 3).

4.3.3.5 Thermal Analysis

Results of thermal analysis carried out on delubricated foams prepared using M35

and A35 powders in either exposed or shielded configurations, are presented in

Figure 4.105. Figures (a) and (b) show TG-DTA plots for exposed and shielded

delubricated foams respectively whereas (c) and (d) show the corresponding DTG

curves as well as CO ion current intensity peaks at temperature.

Despite the apparent different oxygen content as well as the measured dif-
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(a) (b)

(c) (d)

Figure 4.105: Thermal analysis plots for foams prepared using M35 and A35
powders. (a-b) show TG (solid) and DTA (dashed) curves whereas (c-d) show
DTG (solid) and CO (m18) ion current signals from MS analysis (dashed). (a) and
(c) show results for foams prepared in exposed configuration whereas (b) and (d)
show results for foams prepared in shielded configuration.

ference in C content in each sample, the delubrication process seems to have

somewhat homogenised the behaviour of the different specimen. In fact, the

melting point for all materials was 1158/1159°C, with the exception of exposed

delubricated M35 which still exhibited a relatively close melting point, at 1149°C.

Moreover, as opposed to the results for thermal analysis of the pre-processed

powders in Figure 4.86, Figure 4.105 (c) and (d) showed perfectly overlapping

DTG and CO ion current curves at the starting point of delubrication. Although

a high intensity peak in both curves around the melting point suggested that

in these experiments most of the oxides were reduced from the melt, the peaks

appeared to be skewed, with a shoulder at an earlier time point suggesting some
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reduction takes place around typical sintering temperatures. For both structures

prepared using A35 powders, the shoulder was more pronounced in both DTG

and ion current curves.

Looking at the TG curves in Figure 4.105, the weight lost by exposed and

shielded delubricated A35 structures over the course of the test was very similar

at 7.02% and 7.30% for exposed and shielded structures respectively. On the

other hand, for delubricated foams prepared using M35 powders, the weight lost

following delubrication in shielded configuration was considerably higher at 9.20%

when compared to the 8.48% lost when delubricated while exposed to gas flow.

4.3.3.6 Discussion

Outcomes from previous dissertations within the group had presented a process

flow to create well-replicated customisable scaffold structures using pure Fe pow-

der applied to the modified replication method described in this work [246, 247].

The processing steps were reproduced by the doctoral candidate to prepare an L-

shaped scaffold structure using solely Fe powder, as represented in Figure 4.106.

Although not without defects, the general form and reticulated porous network of

the template was maintained throughout the heat treatment as evident in Figure

4.106c. Naturally, the Fe structure was still magnetic, which is why in this final

part of this dissertation, the aim was to repeat the process with antiferromagnetic

Fe35Mn and study the resulting product.

Despite the predominant presence of the γ-FeMn phase in all structures, be

they processed using M35 or A35 and in either exposed or shielded configurations,

the structures all exhibited mild magnetic attraction. While stoichiometric MnO

and Mn3C are not magnetic [262, 263], the magnetic characteristics of mixed

metal carbides and oxides can be significantly more complex. In fact, literature

shows that FeMn-oxide foams with tailored magnetic properties have been pre-

pared using the traditional replication method [264]. In the present study, exposed

samples exhibited a stronger magnetic attraction relative to shielded structures.

Surface SEM images in Figure 4.99 also showed that exposed samples were sig-

nificantly more covered in oxides which implies that the magnetic character is

correlated to the presence of the same oxides. XRD and cross-sectional EDS
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(a) (b)

(c)

Figure 4.106: Successful replication of customised geometry using Fe powder.
Processing steps showin 3D-printed template in (a), powder-coating template in
(b) and sintered result in (c).

analysis of the samples did not seem to indicate a strong presence of α-ferrite

due to Mn loss for oxide and/or carbide formation or loss due to sublimation.

This reduces the likelihood that the magnetic characteristics are related to any

localised ferrite formation.

4.3.3.6.1 Analysing the influence of powder pre-processing on the out-

come of modified replication method

In the previous two parts of this investigation, A35 powders were shown to per-

form considerably better than M35 powders when it came to surface oxide re-

286



4.3 Powder-processing of FeMn for scaffold applications

Figure 4.107: XRD pattern for cross-section of foam structure prepared using the
modified replication method with pure Fe powders showing only α-ferrite presence
[247].

duction and densification. The main negative aspect observed with sintered A35

samples in Section 4.3.2, was the higher amount of interconnected M3C precipi-

tates formed. In this part of the study, the benefits of using A35 powders were

not as evident whereas carbide formation became even more problematic.

Delubricated A35 foam samples were shown to contain more C compared to

M35 samples, providing available C both for carbothermal reduction but also

for M3C precipitation. In particular, XRD analysis confirmed the latter as the

intensities of M3C peaks relative to the γ-FeMn peaks were visibly higher for A35

samples, pointing towards a higher composition of the same phase in A35 samples.

This was also evident in EDS analysis presented in Figure 4.104 (c) and (d) as

precipitation of these Mn-rich carbides left the austenite with less wt.% Mn than

the average wt.% Mn present in foams processed using M35 powders. Moreover,

carbides consistently formed in a “block”-like morphology. The combination of

these aspects likely led to the formation of more brittle structures which were

more prone to collapse, as shown in Figure 4.96d. In fact, cross-sectional XRD

analysis of better replicated scaffolds prepared using the same method with Fe

powders in Figure 4.107, showed that there was no, or negligible, formation of

metal oxides and carbides in well-replicated Fe scaffolds [247].

Despite the higher concentration of C in the A35 foam structures, less weight
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Figure 4.108: CO intensity profiles during sintering of prealloyed Fe0.3Mn powder
(A) admixed with 0.5% elemental Mn and 0.5% C, and prealloyed Fe0.8Mn mixed
with 0.5% C (B) [265].

was lost by delubricated A35 samples in the TG analysis when compared to M35,

irrespective of the delubrication configuration. Although SEM micrographs of

the sample surfaces in Figure 4.99 did not reveal any distinctive features between

M35 and A35 foams processed using the same configuration, the observed lower

mass loss is most likely an indication that the lower chemical activity of A35

powders resulted in less surface oxidation during the delubrication process and

consequent thermal analysis. In fact, in a study by Hryha et al. [265], when using

FeMn mixture which were fully prealloyed, less CO was generated from reduction

when compared to using powder mixtures containing elemental Mn, as shown in

Figure 4.108 [265]. As in the present study, lower CO generation is indicative of

lower mass loss.

Aside from the reduced mass loss experienced by A35 samples, the differences

in carbide and oxide quantities and morphologies observed in the microstructures

in Section 4.3.3.4.2, did not cause any other distinctly different thermal behaviour.

The onset of reduction of surface oxides from delubricated foams as well as the

melting temperature for all samples fell within the same temperature range, be-

tween 1149°C and 1159°C, indicating that the delubrication process seemed to

homogenise the thermal behaviour of the samples irrespective of configuration

used. Having said this, the cooling portion of the DTA curves in Figures 4.105
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Figure 4.109: Phase diagram for Fe35MnxC with for x varying between 0 and 8
wt.%, generated using Thermo-Calc.

(a) and (b) indicate that experiencing more reduction, and therefore losing more

C, placed the composition of delubricated M35 samples to the left of the eutectic

point in Figure 4.109, with two distinct exothermic peaks. A35 delubricated sam-

ples on the other hand remained closer to the eutectic point, experiencing a single

solidification point. The influence of these minor thermal differences between the

materials is most probably not as influential on the final product as the fact that

the melting point of the bulk of the materials is only 30 to 40°C away from the

sintering temperature of 1120°C; a trait that is not particularly recommendable

for structure stability during the process’ high temperature plateau.

4.3.3.6.2 Analysing the influence of sintering configuration on the out-

come of modified replication method

The most significant impact of the sintering configuration on the microstructures

of M35 and A35 foams, was due to the different micro-atmospheres brought about

by the different setups. Originally, the shielded configuration was tested in or-
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der to determine how the constant contact of the N2H2 gas with the samples,

influenced oxidation. However, the same configuration also had a pronounced

influence on carbide precipitation.

Although the shielded setup does not create a sealed microatmosphere as in

the procedure described by Cias et al. [216] in Figure 2.22, at the onset of tem-

plate degradation, C-rich gases released from the degrading acrylate template

are trapped within the steel shield to a certain degree, as illustrated in Figure

4.110 [266]. With exposed samples, most of the released C-rich products, espe-

cially those originating from the exposed outer struts of the structure, are quickly

removed from the area by the flow of the N2-5H2.

Looking at the results from carbon analysis for delubricated samples in Figure

4.97, one could clearly see that the configuration had a pronounced influence

on the C content for foams prepared using M35 powders, with shielded M35

structures containing 0.96% more C than exposed structures. This is naturally

due to the extended period of exposure to the C-rich atmosphere in the shielded

setup promoting further diffusion of C into the metal. The higher C content

in foams delubricated using the shielded configuration in turn resulted in higher

mass loss recorded in the TG curve in Figure 4.105b compared to the TG curve

in (a).

On the other hand, foams prepared using different configurations with A35

powders did not exhibit the same trend, with just 0.09% C difference between

exposed and shielded structures. In fact, TG curves in Figures 4.105a and (b)

indicated that delubricated shielded material lost just 0.3% more mass than ex-

Figure 4.110: Schematic showing influence of sintering configuration on the dis-
tribution of C-rich degradation products around the foam samples during sintering
in a tube furnace.
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posed structures due to the slightly elevated C content. It has been previously

shown in literature that higher defect densities reduce the activation energy for

diffusion [219]. Having undergone high energy ball milling for six times the du-

ration of M35 powders, foams prepared from A35 could dissolve more C in the

microstructure from the surrounding C-rich atmosphere at a faster rate leading

to similar C content in the two delubricated materials [267]. Apart from the

C quantification results, cross-sectional SEM images in Figures 4.101 and 4.103

show similar quantities of blocky carbides in the microstructures of the two A35

samples.

The same cross-sectional SEM images in Section 4.3.3.4.2 illustrate how the

configuration affects the variation in the microstructure from the edges towards

the centre of the structure. Whereas with shielded structures in Figures 4.102 and

4.103 the distribution of carbides and oxide inclusions was considerably homo-

geneous, exposed structures contained higher carbide concentrations close to the

centre with larger oxides littering the struts at the edge of the foam. The superior

homogeneity displayed by shielded foams could be even better observed in the

Mn concentration curves plotted in Figure 4.104. The variation in microstruc-

tures could also be attributed to the microatmospheres created by the different

sintering configurations. The trapped degradation productions from template

degradation as well as the restricted N2-5H2 flow, provide a rather even atmo-

spheric makeup around the whole structure. Contrastingly, whereas the flow of

N2-5H2 could immediately remove the C-rich gaseous products from around the

outer struts of the exposed structures, the same flow seems to have been less

effective in doing the same from the structures’ central areas, leaving more C to

diffuse into the central struts.

This also relates to the signs of carbothermal reduction influence observed in

the sintered structures. Optical micrographs of representative struts from shielded

structures prepared using M35 and A35 powders in Figure 4.111 (a) and (b), show

a layer of around 5 µm from the surface of the strut which is free from dark oxide

inclusions. The same effect was observed all over the sample cross-section owing

to the high and rather homogeneous C content throughout the structure. Similar

“clean” edges were observed around the centre of exposed structures irrespective

of the powder material used, as shown in Figure 4.111 (c) and (d). The same could
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(a) (b)

(c) (d)

(e) (f)

Figure 4.111: Optical microscopy images of strut cross-sections. Representative
struts from shielded samples prepared using (a) M35 and (b) A35 powders as well
as struts at the centre of exposed samples prepared using (c) M35 and (d) A35
powders show an oxide-free layer at the surface of each strut, marked in red. On
the other hand, edge struts for exposed samples prepared using (e) M35 and (f)
A35 powders show oxide inclusions extending to the surface. Instances of these
oxides are pointed out with white arrows.
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not be said for struts closer to the edge of exposed structures, shown in (e) and

(f). The more efficient clearing of C-rich products from around the outer struts

reduced the C diffusion and as a result, the potential of reduction from taking

place around these areas. This is further evidenced in the SEM images of the

structure surfaces in Figure 4.99. For both M35 and A35 materials, exposed edge

structures in Figure 4.99 (a) and (b) were almost fully covered in oxides whereas

for shielded edge struts in (c) and (d), the surface seemed to be generally free of

continuous oxides with only dispersed inclusions likely related to contamination

in the starting Fe powder.

It is not clear what caused the layered appearance of the shielded surfaces in

Figures 4.99 (c) and (d). Analysis of etched cross-sections in Section 4.3.3.4.2

did not seem to reveal any microstructural features that could correspond to and

provide further information on this outcome of the modified replication method.

This therefore remains a question for future work.

4.3.3.6.3 Influence of template volume on the metal characteristics

As already mentioned, embrittlement of the sintered structures was at least partly

due to the vast network of metal carbides formed in each and every sample. Since

the formation of said carbides is a result of carburisation caused by the polymeric

templates’ degradation byproducts, tests were run with a customised template

having half the strut size of the original template, the struts being 350 µm thick

instead of 700 µm. This resulted in the test template having 55% the volume of

the original template, thus reducing the source volume by approximately half.

Carbon analyser measurements presented in Figure 4.112 show the influence

of this change on the C content in structures prepared using M35 powders in

both configurations. The effect was prominent for structures sintered using both

configurations with the wt.% C dropping significantly for both. For exposed

delubricated samples the average C content dropped by 1.76%, to 2.74 wt.% C

whereas for shielded structures the C content was reduced by 1.37%, down to to

an average of 4.09 wt.% C. In general, the influence of longer exposure to C-rich

microatmosphere, still resulted in a considerably higher concentration of C in

shielded structures when compared to exposed.
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Figure 4.112: Carbon content in crushed foams processed using M35 powder and
delubricated in exposed and shielded configurations with varying template volume.
Error bar for measured quantities represents standard error (n = 3).

(a) (b)

Figure 4.113: Representative SEM micrographs of (a) exposed and (b) shielded
structures prepared using M35 powder and templates with 55% of the original
volume.

In fact, representative cross-sectional SEM micrographs for the reduced vol-

ume structures sintered using the shielded configuration in Figure 4.113b, showed

that the “blocky” carbides where still abundantly present. The opposite was

true for the exposed structures in which neither blocky nor interconnected grain

boundary carbides were visible anywhere across the cross-section. The evenly

294



4.3 Powder-processing of FeMn for scaffold applications

(a) (b)

(c) (d)

Figure 4.114: Thermal analysis plots for foams prepared using M35 powder with
the original template volume and an alternative template consisting of 55% of the
original volume. (a-b) show TG (solid) and DTA (dashed) curves whereas (c-d)
show DTG (solid) and CO (m18) ion current signals from MS analysis (dashed).
(a) and (c) show results for foams prepared in exposed configuration whereas (b)
and (d) show results for foams prepared in shielded configuration.

distributed inclusions visible in Figure 4.113a, were all rich in oxygen. There-

fore, whereas the formation of detrimental oxides was not drastically reduced,

especially near the edges of the structure, the formation of brittle interconnected

metal carbides was significantly reduced in the exposed structures with reduction

in polymeric template volume.

Despite this, TG curves presented in Figure 4.114 (a) showed that the exposed

structures prepared with thinner strutted templates, still retained the ability to

reduce some of their oxides causing around 5.50% mass loss. Higher amounts of

C in delubricated shielded struts resulted in slightly higher mass loss at 6.32%.
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However when compared to structures prepared using the original templates, the

mass loss was considerably reduced. Although the polymeric template degra-

dation byproducts might have themselves caused some oxidation and therefore

reducing the source of said byproducts might have resulted in some reduction of

oxide formation [266], the reduced mass loss due to reduction was more likely

limited by the reduced availability of C.
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Conclusions and Future Work

Since the initial proposition by Peuster et al. to use pure Fe for biodegrad-

able implant applications in 2001, hundreds of publications have discussed the

feasibility of using various alloying elements, processing methods and coating

treatments to improve the performance of these materials and push them further

towards clinical application. FeMn alloys in particular have attracted a consider-

able fraction of that interest in the field due to its anti-ferromagnetism. Despite

the widespread approach of powder metallurgical processing to prepare micro

and macro-porous FeMn coupons and scaffold structures, literature reviewed in

Chapter 2 still revealed conflicting results and views on the corrosion behaviour

of these materials. Unanswered questions also remained regarding the viability

of pressureless powder-processing of FeMn for scaffold fabrication.

Conclusions considering the work discussed in this thesis on both of the ex-

plored aspects related to FeMn alloys, are presented hereunder.

5.1 Corrosion testing of powder processed Fe-

based alloys

When it comes to corrosion testing, the main aims of this work was to investigate

the influence of Mn and Ag additions to Fe on the corrosion behaviour and how

that behaviour changes with varying testing conditions, in particular the testing

electrolyte.
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5.1 Corrosion testing of powder processed Fe-based alloys

Despite the absence of corrosion rate measurements, the tested alloys dis-

played clear behavioural differences particularly in simple HBSS i.e. without

Ca2+ ions and short-term testing, as carried out in the vast majority of existent

published articles. Irrespective of the testing technique used, Fe was always asso-

ciated to a higher corrosion resistances compared to FeMn alloys. On the other

end of the spectrum, additions of Ag consistently resulted in some form of micro-

galvanic acceleration as opposed to uniform degradation experienced by FeMn,

most noticeable in the local pH and DO measurements conducted in Phase One.

EIS testing in both Phase One and Two supported these observations.

However, trends observed when conducting 24 h EIS tests indicated that the

performance of the corroding system as represented using electrical circuitry, ei-

ther converged or overlapped irrespective of the metal being tested. For instance,

quantifiably significant differences between charge transfer resistances measured

upon immersion, generally became insignificant within the first 24 h. Analysis of

results across testing phases indicated that this was most likely due to the build-

up of metal hydroxides and a partially protective Ca/P-rich corrosion product

layer whose formation rate is related to the corrosion rate of the material, but

which in itself starts to limit the influence of the substrate it grows on within the

first few hours from test initiation. Incidentally, this was also observed in vivo

wherein Ag-containing pins clearly accumulated more corrosion products but did

not experience any significant degradation, with the pins’ diameters remaining

close to the diameter machined during sample preparation.

Although testing in BSA-containing HBSS+Ca was only carried out on FeMn,

the observed sample behaviour was very similar to that reported in literature by

groups testing Mg and Zn in physiological media containing similar concentrations

of BSA. The presence of protein chelated Ca2+ ions delaying the precipitation of

protective apatite-like products and encouraged mild localised corrosion poten-

tially due to occluded regions forming between the metal surface and adsorbed

protein. Testing with protein in Phases Three and Four further confirmed that

increasing the complexity of the testing electrolyte, diminishes the influence of

the metal composition.

Although protein was added to the electrolyte in an attempt at making the

in vitro testing electrolyte more representative of the in vivo environment, the
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influence of protein on FeMn in in vitro testing did not seem to translate to the

observed results following in vivo testing. It is possible that the chosen concentra-

tion of BSA content for in vitro tests in Phases Three and Four might have been

overestimated compared to the concentration in vertebrae, despite the decision

being based on published data. It is also possible that the influence of protein

on the metal when in the body, manifests in a different way. Further to these

observations between in vitro and in vivo results, implanted pins similarly accu-

mulated Ca and P-rich products however none of the characterisation techniques

used confirmed whether they precipitated in the preferred form of apatite-like

products, as observed in vitro. On the other hand CaCO3 was detected via XRD

on explanted pins but was not similarly found on in vitro tested samples. Al-

though techniques like XPS were not available to confirm this, studies in which

carbonates precipitated in significant amounts were quite easily distinguished us-

ing EDS techniques. This discrepancy between the observed corrosion product

compositions leads to the conclusion that the electrolytes used during in vitro

testing might not be ideal for simulating environments related to orthopaedic

applications and should contain a higher concentration of CO3
2-.

As mentioned multiple times when discussing the resulted in Chapter 4, the

biggest issue in collaborative advancement of most biodegradable metals and de-

vices, and Fe-based alloys in particular, is the lack of clear standards available

related to corrosion testing of these materials. However, ASTM representatives

presenting at the conference attended by the undersigned in Alicante in August

2022, are well aware of this limitation and are setting up round robin corrosion

studies that are aimed at identifying the key influencing factors that could in-

troduce variability in results and address limitations specific to main materials

of interest. In this work, issues were encountered related to incomplete corrosion

product removal following long-term static immersion testing of porous metals

as well as improper control of pH due to inadequate buffering mechanisms and

atmosphere control. The considerable difference observed in the extent of micro-

galvanic corrosion incurred by FeMnAg tested in HBSS in Phase One in testing

setups with (local measurements) and without (PDP and EIS) electrolyte flow,

is also an indication of the dire need for strict testing guidelines.
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To conclude, the results of this work when considered along with other

published results in literature, indicate that the applicability of these materials

can only be found if processed to have a highly porous geometry, as indicated

in a recent study with Fe30Mn scaffolds by Nie et al. [191]. Otherwise, with

wrought and micro-porous samples, the results indicate only limited degradation

in orthopaedic implantation sites. Higher surface areas and implantation in sites

with increased physiological fluid flow, could have considerably more positive

outcomes.

Research questions

The following are responses to the principal research questions related to corrosion

testing.

i. How does the addition of 35 wt.% Mn and 5 wt.% Ag to Fe via pow-

der processing, influence the metals’ degradation behaviour upon

immersion and in consequent hours?

The addition of 35 wt.% Mn leads to enhanced uniform corrosion upon im-

mersion, however, results presented in this work showed that the addition

of Mn alone, does not result in a long term increase in degradation, espe-

cially in Ca2+ environments as is the physiological environment for typical

orthopaedic implantation sites. The addition of 5 wt.% Ag leads to notice-

able microgalvanic corrosion acceleration in vitro, however, in the presence

of Ca2+, rapid precipitation of hydroxyapatite-like corrosion products signif-

icantly reduces the effectives of the Ag as a local cathode. These conclusions

indicate that FeMnAg alloys could be promising alloys for use in cardiovas-

cular applications wherein the physiological environment is less static and

therefore the influence of the local cathode could be extended resulting in

more favourable degradation rates.
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ii. To which extent does the testing electrolyte composition, in partic-

ular the presence of Ca2+ ions and albumin, affect the degradation

behaviour of Fe-based alloys?

The presence of both Ca2+ and albumin in the electrolyte have very evi-

dent influences on the evolution of the corrosion behaviour of FeMn alloys

in HBSS. In particular, the addition of Ca2+ results in rapid formation of

hydroxyapatite-like precipitates that consistently provides a barrier-like ef-

fect on corrosion progress. On the other hand, the addition of albumin re-

sults in retarded precipitation of the same precipitates in vivo that result in

lowered corrosion resistance upon metal contact with the electrolyte when

testing in vitro. Whereas in vitro, albumin consistently resulted in instances

of localised corrosion attack, the same effect is not observed on FeMn and

FeMnAg samples tested in vivo.

iii. What are the distinctions between outcomes of in vivo testing of

FeMn alloys with respect to their in vitro behaviour?

Much like the patterns observed in vitro, Ag-containing pins in vivo also

show signs of microgalvanically accelerated corrosion product precipitation.

In both in vitro and in vivo tests, the rapid accumulation of Ca-rich prod-

ucts on the surface results in limited degradation soon after the initiation of

the test, reducing the impact of the material composition on the observed

results. One major distinction between the two test outcomes, was noted

in the corrosion products observed in post-test analysis. Whereas in vitro

the corrosion products are mainly composed of metal hydroxides along with

metal and Ca-phosphates, on in vivo tested samples, CaCO3 was also consis-

tently detected using XRD. This result highlights the need to shift in vitro

testing electrolytes to ones containing higher concentrations of carbonates.

5.1.1 Future Work

To build on the findings of this thesis, below are some suggestions for further

investigations.
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i. Further analysis needs to be carried out to determine a more representative

electrolyte when testing materials aimed at orthopaedic applications. The ab-

sence of carbonate precipitation in in vitro tests in this work contrasted with

the detection of CaCO3 as the principal phase present on samples tested in

vivo, indicating that the discrepancy lies not only in the testing environment

present in the two testing modes, but also in the testing fluid composition;

ii. Whereas HBSS (without Ca2+) has been confirmed to offer limited repre-

sentation of the physiological environment, further tests could be run with

HBSS+Ca and other complex electrolytes, for example Minimum Essential

Medium (MEM). In particular, long term immersion tests in a controlled CO2

environment, with and without electrolyte refreshment, and in both static

and dynamic conditions, would help expand the community’s knowledge of

the influence of these parameters on the in vitro outcomes. It would also help

inform the decisions being taken on creating standard testing procedures for

these applications;

iii. Related to the previous point, further studies could be carried out to de-

termine what concentration of BSA (or other proteins), best represents the

target in vivo environment. Moreover, for target environments wherein the

physiological fluid would be refreshed around the implantation site, the ef-

fect of having fresh Ca2+ ions at the surface could lead to more protective

precipitates forming when compared to the situation observed in EIS testing

in HBSS+BSA in this work. This might explain why no signs of localised

corrosion were detected for samples tested in vivo, but further work must be

carried out to confirm this hypothesis;

iv. So far, there has only been one publication which shares the promising out-

comes of testing FeMn foams in vivo [191]. Considering the conclusions of

this work which indicate that the most viable application of this material

in orthopaedics is to have a very high surface-to-volume ratio, more studies

need to be carried out to determine the best structural designs and process-

ing methods to make load-bearing biodegradable FeMn scaffolds a potential

option in future markets.
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5.2 Powder-processing of FeMn for scaffold applications

5.2 Powder-processing of FeMn for scaffold ap-

plications

Mn has long been known to be a problematic material to process through the

powder route. However this has not stopped researchers in the field of precision

steel manufacturing from researching it as an alternative to more expensive alloy-

ing elements like Cu, Ni and Si [205]. Neither has it prevented researchers in the

biodegradable metals field from looking at developing solutions involving Mn.

The work across three main parts in Section 4.3, highlighted the challenges

involved in achieving the right compositional balance to preserve the antiferro-

magnetism necessary, prevent extensive oxidation and at the same time allow for

carbothermal reduction to take place when conditions are favourable.

Analysis of “clean” material samples i.e. powders and pressed-and-sintered

samples prepared using the same powders, confirmed the limitations of blended

elemental mixtures, in this work referred to as B35. The early onset of oxidation

of pure Mn and lack of carbon available for reduction, resulted in early limits

set on the extent of densification that could be achieved for pressed-and-sintered

samples, due to MnO formation at the pore interface. Different pre-processing

methods were adopted with the aim of reducing high-temperature reactivity of the

Mn while including carbon to enhance the potential for self-cleaning through car-

bothermal reduction. Thermal analysis as well as analysis of pressed-and-sintered

coupons revealed different degrees of improvement of both these aspects. Oxide

inclusions in pressed microstructures were significantly reduced in size compared

to those present in B35 microstructures. The same oxides became increasingly

dispersed for samples prepared using M35, A35 and MAM respectively. In the

same order, the powders also contained higher amounts of carbon which evidently

contributed to significant carbothermal reduction with reduction temperatures

also dropping towards typical sintering temperatures, as shown in the TG-MS

analysis. DTA analysis showed the impact of the increased carbon content on the

melting points of the raw material, with the melting point dropping as the carbon

content in the powders increased. In fact, for MAM powders the melting point in

Ar dropped as low as 1314°C; 91°C lower than the melting point of B35. This too

could be a doubtful advantage when considering the preparation of highly porous
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Fe35Mn scaffolds, where having the sintering and melting temperatures within a

few tens of °C from each other, could adversely affect the structural stability of

the structure. Naturally, the sintering temperature could be lowered accordingly,

however this would once again reduce the possibility of effective carbothermal

reduction.

Apart from this, carbon also led to the formation of interconnected grain

boundary M3C carbides, which posed a bigger concern for the potential brittleness

of more intricate structures prepared using the same materials. In fact, when

analysing the feasibility of preparing FeMn scaffold structures using the modified

replication method, one of the major identified problems was the vast quantities

of the same mixed metal carbides formed; an issue exacerbated by the use of a

carbon-rich source as the 3D-printed template in addition to the carbon already

present in the as-processed powders due to the process control agent used during

ball-milling. This, along with the presence of oxides resulted in partial collapse

of several of the test structures.

Thermogravimetric analysis of delubricated foams indicated that using pre-

alloyed A35 powder to prepare the scaffold structures presented some minor ad-

vantages when it came to high temperature reactivity. However, when subjected

to the modified replication method, the final microstructure seemed to be less

impacted by the pre-processing method used and more dependent on the config-

uration used, be it exposed or shielded. This was confirmed both by thermal anal-

ysis as well as qualitative evaluation of cross-sectional microstructures. Shielded

structures had superior compositional homogeneity compared to their exposed

counterparts, despite losing more than 8 wt.% Mn on average from the austenitic

matrix. With Mn already presenting the issue of sublimation, Mn loss to carbide

and oxide formation led to the processing method allowing for rather poor control

on the final composition of the structure.

Lastly, while carbothermal reduction was shown to assist with oxide reduction

even when using the modified replication method, its benefits could only be ap-

preciated at the very surface of the struts i.e. the first 5 to 10 µm from the surface.

As with pressed and sintered samples, kinetic limitations prevented further oxide

reduction despite the presence of plenty of carbon in the microstructure. More-

over, reduction also took place more uniformly for shielded structures wherein the
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micro-atmosphere was more enriched with carbon as opposed to exposed struc-

tures wherein the C-rich atmosphere was constantly being flushed away by the

flow of N2-5H2 gas.

To conclude, whereas the powders developed, in particular milled and alloyed

powders, offer several advantages when considered as raw material to be used

with alternative scaffold processing techniques in the same field, the modified

replication method itself has presented a number of hurdles. The poor control

on both the elemental and phase composition as well as the limited replicability

of the customised template, reduces the attractiveness of the technique, despite

the relatively low capital investment required to prepare the samples compared

to techniques like Laser Bed Powder Fusion.

Research question

The following is a response to the principal research question related to the powder

processing aspect of this work.

i. Can powder pre-processing using ball-milling provide a feasible so-

lution for the preparation of Fe35Mn scaffolds through the pres-

sureless sintering route?

Both milled (M35) and alloyed (A35) powders showed interesting character-

istics with regards to their ability to reduce the extent of high temperature

oxidation during sintering. Both powders also exhibited a significant amount

of self-cleaning through reduction of stable Mn-rich oxides. However, when

used in the preparation of scaffolds through the modified replication method,

these powders still fell short of producing scaffolds with favourable character-

istics for orthopaedic implant applications. Having said this, small changes

to ball-milling parameters as well as to variables within the modified repli-

cation method itself, could lead to significantly improved results. However,

in general, successful use of ball-milled FeMn powders for this application

is very difficult to achieve without improved process monitoring and process

control facilities when it comes to the sintering procedure.
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5.2.1 Future Work

While the benefits of using the modified replication method following the analysis

presented are not plentiful, one must keep in mind that only a limited set of

parameters were explored in this work. Investigating the technique further, as

has been done with other methods like Laser Bed Powder Fusion [182] and 3D

inkjet printing [227], could lead to more promising results. Some suggestions for

future work are listed hereunder.

i. For further investigation of the modified replication method, the ball milling

procedure could be modified such that less process control agent is used in the

preparation of the pre-processed powders. In this way, the primary carbon

source would be the thermal degradation products of the polymeric template

and the as-processed powders would have lower concentrations of carbon to

begin with;

ii. To explore other stereolithography technologies and 3D printing materials

that could be used to prepare templates with thinner strut sizes and therefore

further reduce the volume of the templates used. This, along with reduced

carbon from the powder-processing step could lead to more suitable carbon

concentrations in the final scaffold structures. Moreover, using thinner struts

could also result in more complete oxide reduction across the strut cross-

sections;

iii. In this work, the sintering parameters that could be controlled and measured

during the process were the temperature and the flow rate of the N2-H2 gas.

Sintering setups designed to study process control have been reported to have

multiple sensors at different parts of the furnace (eg. gas inlet, region above

the sample, gas outlet) to take measurements of dew point and CO/CO2

ratio [265]. Such measurements could give a much clearer picture of how the

atmosphere around the samples being sintered changes at different stages of

the process to give the observed microstructures;

iv. Quenching could be employed to suppress the precipitation of carbides, as is

often suggested for Hadfield steels.
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[148] R. Oriňaková, R. Gorejová, Z. O. Králová, and A. Oriňak, “Surface modifications of biodegradable metallic
foams for medical applications,” Coatings, vol. 10, no. 9, 2020.

[149] P. Liu, H. Wu, L. Liang, D. Song, J. Liu, X. Ma, and K. Li, “Microstructure, mechanical properties
and corrosion behaviour of additively-manufactured Fe-Mn alloys,” Materials Science & Engineering A,
vol. 852, 2022.

[150] M. Caligari Conti, D. Aquilina, C. Paternoster, D. Vella, E. Sinagra, D. Mantovani, G. Cassar, P. Schem-
bri Wismayer, and J. Buhagiar, “Influence of cold rolling on in vitro cytotoxicity and electrochemical
behaviour of an Fe-Mn-C biodegradable alloy in physiological solutions,” Heliyon, vol. 4, no. 11, 2018.

[151] M. Heiden, A. Kustas, K. Chaput, E. Nauman, D. Johnson, and L. Stanciu, “Effect of microstructure
and strain on the degradation behavior of novel bioresorbable iron-manganese alloy implants,” Journal of
Biomedical Materials Research - Part A, vol. 103, no. 2, pp. 738–745, 2015.

[152] S. M. Huang, E. A. Nauman, and L. A. Stanciu, “Investigation of porosity on mechanical properties,
degradation and in-vitro cytotoxicity limit of Fe30Mn using space holder technique,” Materials Science
and Engineering C, vol. 99, no. February, pp. 1048–1057, 2019.

[153] Q. Zhang and P. Cao, “Degradable porous Fe-35wt.%Mn produced via powder sintering from NH4HCO3
porogen,” Materials Chemistry and Physics, vol. 163, pp. 394–401, 2015.

[154] Q. Zhang, X. G. Wang, P. Cao, and W. Gao, “Degradation behaviour of a biodegradable Fe-Mn alloy
produced by powder sintering,” International Journal of Modern Physics: Conference Series, vol. 06,
pp. 774–779, 2012.

[155] Č. Donik, A. Kocijan, I. Paulin, M. Hočevar, P. Gregorčič, and M. Godec, “Improved biodegradability of
Fe–Mn alloy after modification of surface chemistry and topography by a laser ablation,” Applied Surface
Science, vol. 453, pp. 383–393, 2018.
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[224] J. Čapek, D. Vojtěch, and A. Oborná, “Microstructural and mechanical properties of biodegradable iron
foam prepared by powder metallurgy,” Materials and Design, vol. 83, pp. 468–482, 2015.

[225] C. Yang, Z. Huan, X. Wang, C. Wu, and J. Chang, “3D Printed Fe Scaffolds with HA Nanocoating for
Bone Regeneration,” ACS Biomaterials Science and Engineering, vol. 4, no. 2, pp. 608–616, 2018.

[226] N. E. Putra, M. A. Leeflang, M. Minneboo, P. Taheri, L. E. Fratila-Apachitei, J. M. Mol, J. Zhou, and
A. A. Zadpoor, “Extrusion-based 3D printed biodegradable porous iron,” Acta Biomaterialia, vol. 121,
pp. 741–756, 2021.

[227] N. E. Putra, M. A. Leeflang, P. Taheri, L. E. Fratila-Apachitei, J. M. Mol, J. Zhou, and A. A. Zadpoor,
“Extrusion-based 3D printing of ex situ-alloyed highly biodegradable MRI-friendly porous iron-manganese
scaffolds,” Acta Biomaterialia, vol. 134, pp. 774–790, 2021.

[228] N. Putra, A. Tigrine, S. Aksakal, V. de la Rosa, P. Taheri, L. Fratila-Apachitei, J. Mol, J. Zhou, and
A. Zadpoor, “Poly(2-ethyl-2-oxazoline) coating of additively manufactured biodegradable porous iron,”
Materials Science and Engineering: C, 2021.

[229] P. Sharma and P. M. Pandey, “Morphological and mechanical characterization of topologically ordered
open cell porous iron foam fabricated using 3D printing and pressureless microwave sintering,” Materials
and Design, vol. 160, pp. 442–454, 2018.

[230] P. Sharma and P. M. Pandey, “Corrosion behaviour of the porous iron scaffold in simulated body fluid
for biodegradable implant application,” Materials Science and Engineering C, vol. 99, 2019.

[231] P. Sharma and P. M. Pandey, “Rapid manufacturing of biodegradable pure iron scaffold using amalgama-
tion of three-dimensional printing and pressureless microwave sintering,” Proceedings of the Institution of
Mechanical Engineers, Part C: Journal of Mechanical Engineering Science, vol. 233, no. 6, pp. 1876–1895,
2019.

[232] P. Sharma, K. G. Jain, P. M. Pandey, and S. Mohanty, “In vitro degradation behaviour, cytocompatibil-
ity and hemocompatibility of topologically ordered porous iron scaffold prepared using 3D printing and
pressureless microwave sintering,” Materials Science and Engineering C, vol. 106, 2020.

[233] Y. Li, H. Jahr, K. Lietaert, P. Pavanram, A. Yilmaz, L. I. Fockaert, M. A. Leeflang, B. Pouran,
Y. Gonzalez-Garcia, H. Weinans, J. M. Mol, J. Zhou, and A. A. Zadpoor, “Additively manufactured
biodegradable porous iron,” Acta Biomaterialia, vol. 77, pp. 380–393, 2018.

[234] Y. Li, K. Lietaert, W. Li, X. Y. Zhang, M. A. Leeflang, J. Zhou, and A. A. Zadpoor, “Corrosion fatigue
behavior of additively manufactured biodegradable porous iron,” Corrosion Science, vol. 156, pp. 106–116,
2019.

[235] Y. Li, J. Yan, W. Zhou, P. Xiong, P. Wang, W. Yuan, Y. Zheng, and Y. Cheng, “In vitro degrada-
tion and biocompatibility evaluation of typical biodegradable metals (Mg/Zn/Fe) for the application of
tracheobronchial stenosis,” Bioactive Materials, vol. 4, pp. 114–119, 2019.

319



REFERENCES

[236] D. Carluccio, A. G. Demir, L. Caprio, B. Previtali, M. J. Bermingham, and M. S. Dargusch, “The
influence of laser processing parameters on the densification and surface morphology of pure Fe and
Fe-35Mn scaffolds produced by selective laser melting,” Journal of Manufacturing Processes, vol. 40,
no. November 2018, pp. 113–121, 2019.

[237] D. Carluccio, M. Bermingham, M. S. Dargusch, A. G. Demir, L. Caprio, and B. Previtali, “Selective
laser melting Fe and Fe-35Mn for biodegradable implants,” International Journal of Modern Physics B,
vol. 34, no. 1-3, pp. 1–7, 2020.
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A.1 Phase One

Table A.1: Complete fitting results for Fe in HBSS+Ca.
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Table A.2: Complete fitting results for FeMn in HBSS+Ca.
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Table A.3: Complete fitting results for FeMnAg in HBSS+Ca.
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